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The application of aluminium alloys in automotive body structure is one of the main developments in recent
years. The increase of the mechanical properties of the ductile die-casting is one of the most critical topics for
the application. In this work, the effect of melt superheating on the morphology, size and distribution of α-Al
phase and Fe-rich intermetallics, and on the mechanical properties of the Al-Mg-Si-Mn diecast alloy was
investigated. The results showed that the refined microstructure could be obtained through melt superheat-
ing. The volume fraction of dendritic α-Al phase and the Fe-rich intermetallic phase formed in the shot
sleeve was significantly reduced, resulting in the refined microstructure. Overall, the melt superheating
could improve the mechanical properties of the yield strength, ultimate tensile strength, and elongation of
the diecast Al-Mg-Si-Mn alloy. And, the Fe-rich intermetallic phase formed in the shot sleeve with the
coarse compact morphology and formed in the die cavity with the fine compact particles were identified
as the same α-Al12(Fe,Mn)3Si composition in the present experimental conditions, which was not affected
by the melt superheating.
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1. INTRODUCTION

The application of lightweight materials in car body struc-

ture is one of the most recent developments in automotive

industry, in which the ductile alloys play a critical role in

manufacturing of thin wall components made by high pres-

sure die casting (HPDC). It is more interesting to make the

castings with recycled aluminium alloys due to the benefits

in economics and environment, in particular the reduction of

energy consumption and the conservation of natural resources

[1-3]. However, the accumulation of impurity elements in

the recycled aluminium alloys is one of the major concerns

as it is unavoidable in practice. Although the presence of a

small amount of iron in aluminium alloys is beneficial to

prevent die soldering in HPDC process [4], the excessive iron

has been found to be detrimental to the mechanical proper-

ties of Al-Si [5], Al-Si-Cu [6] and Al-Mg-Si-Mn alloys [7-9].

Therefore, many measures are taken to eliminate the detri-

mental effect of iron, including remove iron and modify the

morphology of Fe-rich intermetallic compounds [10-12].

The effects of melt superheating have been interesting for

several decades [13]. Although high superheating temperatures

in aluminium alloys increase energy costs, furnace wear, gas

pick-up, and high oxidation loss, an appropriate superheat-

ing is still attractive in industry because of its easy operation.

The melt superheating was able to improve the fluidity during

casting of aluminium alloys [14,15]. It was also found that

the dendrites become finer with the increase of superheating

in the Al4Fe2Mn1.5 Monel alloy [16]. For hypereutectic Al-

Si alloys, by using superheating treatment, the primary sili-

con grains were remarkably refined [17,18]. The reported

effects were that a finer and/or more uniform microstructure,

as well as an increase of yield strength, tensile strength and

ductility occurred in the samples produced with superheating

of the melt before solidification [19,20]. The similar results

were also observed in industrial alloys such as A356 [21,22].

On the other hand, low superheating has been confirmed to

be able to create globular microstructure with refined primary

α-Al phase in semisolid processing of aluminium alloys

[23,24]. Superheating was also reported to be responsible for

the loss of effectiveness of the grain refiner in aluminium

alloys [25].

In addition, the melt superheating has been reported to

affect the Fe-rich intermetallic phases and thus to be able to

modify their morphology and size in aluminium alloys [26].

Narayanan et al. [27] investigated the crystallisation behaviour

of Fe-containing intermetallic compounds in an industrial
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grade A319 alloy. When the melt was superheated to 200 to

300 °C above the liquidus temperature, the Fe-rich com-

pounds crystallized in α-Fe phase at high cooling rates. For

the Al-7Si-0.55Mg alloy without superheating treatment, π-

Al8FeMg3Si6 phase was solidified in needle-like shapes with

sharp corners. However, after superheated at 900 °C for 30

minutes, the π-Al8FeMg3Si6phase was changed to skeleton-

like with hollows inside and rounded corners [28]. Melt

superheating was also reported to be able to convert β-Fe to

α-Fe in aluminium alloys [29]. For Al-Si alloys, the increased

superheating temperature could refine Fe-rich intermetallics.

The Chinese script morphology (α-Fe) was produced instead

of the platelet morphology (β-Fe) at a melt temperature

higher than 800 °C [30,31]. Bian et al. [32] reported that the

platelet β-Fe can be transformed into spheroids in Al-Si alloys

when using superheated melt and casting into permanent

moulds, which gave an increased tensile strength and elon-

gation. These observations are important in understanding

the microstructure features of Al-Si and Al-Si-Cu cast alloys.

However, insight in solidification and microstructural evolu-

tion of other alloys is still limited in terms of the morphol-

ogy, size and distribution of Fe-rich intermetallic phases in

the castings with different levels of melt superheating, espe-

cially for the alloys solidified under the high cooling rate such

as using HPDC process, which can offer a cooling rate at a

level of 10
2 
K/s in the shot sleeve and 10

3 
K/s in the die cavity

[33,34]. Moreover, the interest in HPDC process is changing

from the production of non-structural castings to the manu-

facturing of structural components, in particular the thin wall

castings of Al-Mg-Si-Mn alloys for the car body structural

components using recycled alloys. It is therefore significant

to maintain the mechanical properties of the Al-Mg-Si-Mn

alloys and to reduce the detrimental effect of iron in castings.

Melt superheating is a simple and effective approach to refine

the microstructure and improve the mechanical properties of

diecast Al-Mg-Si-Mn alloys, which allows an increased tol-

erance of iron content in the recycled alloys to satisfy the

required mechanical properties in application.

In the present study, the effect of melt superheating on the

morphology, size and distribution of α-Al phases and Fe-rich

compounds was investigated in the die casting Al-Mg-Si-

Mn alloy. The mechanical properties of the yield strength,

ultimate tensile strength and elongation were assessed with

different levels of melt superheating. The discussions were

focused on the relationship between melt superheating and

the liquid melt structure, nucleation and growth of solidifying

phases in the superheated melt, and the relationship between

the microstructure and the mechanical properties of diecast

Al-Mg-Si-Mn alloys. 

2. EXPERIMENTAL PROCEDURES

The Al-Mg-Si-Mn alloy with Fe addition was produced by

melting the ingots of commercial pure aluminium, pure magne-

sium and the master alloys of Al-15wt%Si, Al-20wt%Mn,

and Al-80wt%Fe. The alloy was melted with a standard pro-

cedure and its composition was analysed by an optical mass

spectroscopy after homogenisation 1 h at different levels of

superheat in the melt. The detailed compositions are listed in

Table 1. Based on the specific composition, the liquidus tem-

perature (649 °C) of the experimental alloy was calculated

using Pandat software developed by Chen et al. [35]. 

A 4500 kN HPDC machine was used to produce final as-cast

samples with different pouring temperatures from 660 °C to

850 °C. Six ASTM standard samples with three φ6.35 mm

round bars and three square bars were cast in each shot. Figure 1

showed the schematic diagram of casting samples. More detailed

descriptions about the sample preparation process could be found

in reference [7]. The tensile tests were performed at an Instron

5500 Universal Electromechanical Testing System equipped

Fig. 1. Diagram of die casting for the standard tensile testing samples
of aluminium alloys according to the specification defined in ASTM
B557-06. The overflow and biscuit are designed in association with
4500 kN cold chamber die casting machine (all dimensions are given
in mm).

Table 1. Compositions of the diecast Al-Mg-Si-Mn alloys used in experiments (wt%)

Si Fe Mn Mg Ti Zn Others Al

2.36±0.15 0.98±0.02 0.56±0.02 5.28±0.20 0.086±0.01 0.007±0.002 <0.03 bal.
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with Bluehill software and a ±50 kN load cell. Each data

reported was based on the properties obtained from 10 to 20

samples without showing obvious casting defects on the frac-

tured surfaces.

Microstructures of the as-cast samples were investigated

by optical microscopy, conventional scanning electron micro-

scope (SEM) and scanning transmission electron micro-

scope (STEM). SEM was carried out on a Zeiss Supera 35

instrument equipped with a field emission gun and energy

dispersive spectroscopy (EDS) facilities and operated at an

accelerating voltage of 15 kV to indentify the composition

and morphology of intermetallic particles. And, STEM com-

position mapping for intermetallic particles was performed

on a Tecnai FEG F30 instrument equipped with EDS facility

operated at 300 kV accelerating voltage. The particle size, vol-

ume fraction and the shape factor of solid phases were measured

using an AxioVision 4.3 Quantimet digital image analysis

system. To prepare thin foils for STEM examination, slices

cut from the as-cast HPDC samples were mechanically ground

and cut into 3 mm diameter discs. These discs were then ground

to a thickness of less than 100 μm and finally ion-beam thinned

on a Gatan precision ion polishing system at a voltage of 5.0 kV

and an incident angle of 4~6°.

3. RESULTS

3.1. As-cast microstructure at different levels of melt super-

heating

In the as-cast state, there was a significant change in the

morphologies of the α-Al phase obtained with different levels

of melt superheating in the diecast Al-Mg-Si-Mn alloy. Fig. 2

and Fig. 3 showed the optical and backscattered electron

SEM microstructures of the alloy cast at 660 °C and 850 °C,

respectively. When the casting was made at low melt super-

heating, i.e., 660 °C, as shown in Fig. 2, the α-Al phase dis-

played two types of morphology, which were labelled as ‘α1’

and ‘α2’ in Fig. 2a. The α1-Al phase exhibited dendrites and

fragmented dendritic morphology, which was formed during

the solidification in the shot sleeve. The α2-Al phase displayed

fine globular morphology, which was formed in the die cavity.

It was clear that the α1-Al phase presented at different sizes

from 15 μm to 100 μm with a mean of 43 μm. However, com-

pared with the coarse α1-Al phase, α2-Al phase had a smaller

size from 3 μm to 10 μm with an average of 7.5 μm. And, these

coarse α1-Al phase were isolated by fine globular α2-Al phase

in the microstructure. The remaining interdendritic regions

were characterised as a eutectic microstructure from α-Al matrix

and Mg2Si phase, which was presented as lamellar structure.

However, if the casting was made at 850 °C, i.e., with a

superheating of 200 °C, only α2-Al phase with a fine globular

morphology were observed, which were formed in the die

cavity as shown in Fig. 3. It was obvious that those coarse

α1-Al phase with dendrites and fragmented dendritic mor-

phology had basically disappeared. The results confirmed that

the formation of α-Al phase in the shot sleeve could be

reduced or eliminated with sufficient melt superheating. 

Another significant change was also observed in the mor-

phologies of Fe-rich compounds with different levels of melt

superheating. In Fig. 2, it was seen that, when the casting was

made at a low melt superheating, there were two types of Fe-rich

intermetallics observed in the microstructure, which were

also labelled as ‘Fe1’ and ‘Fe2’ in Fig. 2b. The Fe1-rich inter-

metallics were associated with the α1-Al phase and exhibited

coarse compact morphology, which were found in tetrago-

nal, pentagonal, hexagonal shapes. The Fe1-rich intermetal-

lics were identified by SEM-EDS quantification to be α-

AlFeMnSi with the typical composition of α-Al12(Fe,Mn)3Si

(see Table 2, which gave the quantitative SEM/TEM-EDS

results of the chemistry for the Fe-rich intermetallics in the

Al-Mg-Si-Mn diecast alloy). Meanwhile, the fine intermetal-

lics (labelled as Fe2) were also found in association with the

α2-Al phase and segregated in α-Al grain boundaries and

inside the α-Al grains. However, when the melt superheating

was increased to a level of 200 °C over its liquidus tempera-

Fig. 2. Micrographs showing the morphology of primary α-Al phase
and Fe-rich intermetallics in the diecast Al-Mg-Si-Mn alloy at a melt
temperature of 660 °C, (a) optical image for overall microstructure, (b)
backscattered SEM for the detail morphology of the primary α-Al
phase and Fe-rich intermetallics.
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ture, as shown in Fig. 3. The large compact Fe1-rich intermetal-

lics was not observed and only fine compact Fe2-rich intermetallic

particles were seen in the matrix.

The detail composition mapping for the fine Fe2-rich parti-

cles was obtained by STEM as shown in Fig. 4. It was obvi-

ous that these fine Fe2-rich particles only contained Al, Fe,

Mn and Si elements in the experimental alloy, no any Mg

enrichment could be observed. In fact, Mg element mainly

dissolved into the α-Al phase and segregated in the eutectic

area in the form of Mg2Si phase. These Fe2-rich intermetal-

lics could been further identified by TEM-EDS quantifica-

tion to be the same α-Al12(Fe,Mn)3Si composition as the Fe1-rich

intermetallics. In addition, the Fe-rich intermetallic compounds

were also identified as the same formula of α-Al12(Fe,Mn)3Si

at different levels of melt superheating, which was consistent

with the previous research [7]. The results confirmed that the

melt superheating did not modify the composition of the α-

AlFeMnSi intermetallics in the diecast Al-Mg-Si-Mn alloy.

Figure 5 further showed the average size of the coarse α1-

Al phase, and the size and distribution of the Fe1-rich inter-

metallic phase formed in the shot sleeve. It was seen that the

sizes of α1-Al phase slightly reduced from 45 μm to 40 μm

(Fig. 5a) and the Fe1-rich particle sizes reduced from 11 μm

to 7 μm (Fig. 5b), respectively, when the melt temperature was

increased from 660 °C to 750 °C. The further increase of the

melt temperature resulted in the disappearance of the coarse

α1-Al phase and Fe1-rich particles. The distribution of the

Fe1-rich particles was matched by the normal distribution

curve with an average of 7.3 μm (Fig. 5c). The results indi-

cated that the coarse α1-Al phase and Fe1-rich phase formed

in the shot sleeve might be refined by melt superheating.

The effect of melt temperature on the formation of α2-Al

phase and Fe2-rich particles in the die cavity was shown in

Fig. 6. It was seen that the particles sizes of α2-Al phase and

the average size of the Fe2-rich intermetallics solidified in

the die cavity were obviously different from that formed in

the shot sleeve. However, both of them had no obvious dif-

ference with the increase of melt temperatures (Figs. 6a and b)

and the distribution of the Fe-rich particles was roughly matched

by the normal distribution curve with an average of 0.76 μm

(Fig. 6c). However, the variation was small and within the

standard deviation. Therefore, the results in Figure 6 indicated

that the solidification in the die cavity might be hardly affected

by the melt superheating in the experimental ranges. However,

it was still noted that the measurement for the grains of Fe2-rich

intermetallics was possibly not sufficiently accurate to define

the actual size in current experimental facilities, in particular

at the magnification of optical microscopy. 

In order to further confirm the grain refinement, the number

density of Fe2-rich particles was analysed against the melt

temperatures in the die cavity. The number density was defined

as the numbers of a specified phase in a unit area. The result

was shown in Fig. 7. The number density of the Fe2-rich par-

ticles formed in the die cavity was slightly increased with the

increase of the melt temperature. When the melt tempera-

tures were increased from 660 °C to 850 °C, the number den-

sity was increased from 0.069/μm
2
 to 0.076/μm

2
, which showed

10% increase of the number density with 200 °C melt super-

heating, indicating that a refinement might be achieved for

the Fe2-rich intermetallics formed in the die cavity.

Table 2. Average compositions of Fe-rich intermetallic phases measured by SEM-TEM/EDX analysis in the diecast Al-Mg-Si-Mn alloys

Phase morphology Identified compounds
Al Fe Mn Si Fe/Mn

at%

coarse compact Al12(Fe,Mn)3Si 76.64 11.83 5.95 6.27 1.99

fine compact Al12(Fe,Mn)3Si 75.47 12.16 6.28 6.09 1.94

Fig. 3. Micrographs showing the morphology of primary α-Al phase
and Fe-rich intermetallics in the diecast Al-Mg-Si-Mn alloy at a melt
temperature of 850 °C, (a) optical image for overall microstructure, (b)
backscattered SEM for the detail morphology of the primary α-Al
phase and Fe-rich intermetallics.
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3.2. Mechanical Properties at different levels of melt super-

heating

Mechanical properties of the diecast Al-Mg-Si-Mn alloys

with different levels of melt temperatures were presented in

Fig. 8. It was seen that an enhancement in the yield strength,

the ultimate tensile strength and the elongation was observed

in the alloys with increased melt superheating in the experi-

mental ranges. The overall increase of the yield strength, the

ultimate tensile strength and the elongation of the diecast

samples was 6.9%, 5.5%and 7.2%, respectively, while the melt

Fig. 5. Effect of melt temperature on (a) the average size of the coarse α1-Al phase, (b) the average size of the Fe1-rich intermetallic phase, and
(c) the distribution of Fe1-rich intermetallic phase of the diecast Al-Mg-Si-Mn alloy solidified in the shot sleeve.

Fig. 4. Composition mapping of fine Fe-rich intermetallics in the Al-Mg-Si-Mn diecast alloy. (a) STEM image, (b) Al mapping, (c) Fe mapping,
(d) Mn mapping, (e) Si mapping, and (f) Mg mapping.
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temperature increased from 660 °C to 850 °C. The results

confirmed that a relatively high melt superheating might be

an effective approach to improve the mechanical properties

of diecast Al-Mg-Si-Mn alloys.

3.3. Thermodynamics calculation of the multi-component

Al-Mg-Si-Mn-Fe system

Finally, a thermodynamic calculation was performed using

Pandat software [34] to examine the solidification process

and phase fraction in the multi-component Al-Mg-Si-Mn-Fe

system. During the calculation, the Ti and other low levels of

elements were not considered. The relationship between the

phase fraction and the temperature was shown in Fig. 9. It was

clear that the phase formation followed L→α-Al12(Fe,Mn)3Si

+α-Al+Mg2Si, and the primary phase was actually α-Al12(Fe,

Mn)3Si in the experimental alloy. The α-Al12(Fe,Mn)3Si phase

was emerged at 649 °C, α-Al was emerged at 620 °C and the

Mg2Si phase was created at 590 °C. After solidification, the

phase fraction of α-Al in the alloy was over 90% and the

total of α-Al12(Fe,Mn)3Si and Mg2Si was less than 7%. All

the other phases were negligible. 

Fig. 7. Effect of melt temperature on the number density of Fe2-rich
intermetallic particles in the diecast Al-Mg-Si-Mn alloy formed in
the die cavity.

Fig. 6. Effect of melt temperature on (a) the average size of the fine α2-Al phase, (b) the average size of the Fe2-rich intermetallic phase, and (c)
the distribution of Fe2-rich intermetallic phase of the diecast Al-Mg-Si-Mn alloy solidified in the die cavity.

Fig. 8. Effect of melt temperature at different levels of superheating on the mechanical properties of the diecast Al-Mg-Si-Mn alloy, (a) yield
strength, (b) ultimate tensile strength, and (c) elongation.
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4. DISCUSSION

4.1. Melt superheating and liquid structure

It has been a widely accepted view that the liquid has short-

range order structure that varies gradually with temperature

and/or pressure from the melting point to the elevated point.

Simulations [36] and experimental results in some binary alloys

of Pb-Sn [37], Pb-Bi [38], In-Sn [39], and In-Bi [40] had already

suggested that the temperature-induced structural change could

discontinuously occur at ordinary pressure and over the liq-

uidus in multiple component liquids with a constant chemical

composition. The X-ray diffraction of the multi component

melts showed that the short-range order in liquid metals depended

on the melt temperature in the alloy systems of Al-Si [41,42],

Al-Ti [43] and Al-Fe [44]. Therefore, it is generally believed

that the liquid has a non-uniform structure at a temperature

close to its liquidus. And the non-uniformity can be improved

with the increase of melt superheating.

In the melt, the atoms of solute elements do not distribute

uniformly with the solvent element before the breaking of

their covalent bonds, whereas they aggregate to some extent

in microscopic zones surrounded by the domains composed

mainly of solvent atoms, showing a kind of metastable local

ordering in a range above its liquidus temperature. It has also

been suggested in molten Al-Si alloy that there exist metasta-

ble phases enriched in Si because of a non-Arrhenius behaviour

of physical properties [45]. When temperature is elevated to

the extent that the covalent bonds are broken, the kinetic

energy of the atoms is high enough to drive them to diffuse

into the opposite domains of each other. At the same time,

new atomic bonds build up, with the relatively uniform melt

forming. Since the melt is mainly composed of solvent, after

the reconstruction, a reference solvent atom is surrounded by

the nearest shell made up of several solvent atoms and one or

two solute atoms in form of clusters, and the bond length dif-

ference between the solvent-solvent bonds (no longer the cova-

lent bonds) and the solute-solvent bonds leads to the change

in liquid structure because of the variation of the atomic interac-

tion and the adjustment of the atomic bonds. Consequently,

the cluster size becomes smaller with increase superheating

and the number density in the unit volume of melt is also

increased (Fig. 7). The solidification mechanism may be the

same as a liquid alloy cooled from a temperature close to the

liquidus temperature. The nucleation process is affected by

the variation of the cluster size, which is potential become

embryos to form initial microstructure during solidification. 

4.2. Nucleation and growth in a superheated melt

The irreversible atom cluster and the average size of atom

group in the alloy melt become smaller with increasing melt

temperature. This decreases the number of inhomogeneous

nucleation sites and increases the nucleation undercooling.

According to the classic nucleation theory, we can have follow-

ing Eq. [46]:

(1)

(2)

(3)

(4)

where ΔT is the undercooling, ΔGV is the change of volume

free energy, LV is the latent heat of fusion per unit volume.

Tm is equilibrium melting temperature, ΔGS is the change of

area free energy, σ is the specific area free energy, I is the

nucleation rate, K is the proportional constant, ΔG
*
 is the

nucleation energy; Q is the diffusion activation energy; k is

the Boltzmann constant; ΔG
*
 is the critical nucleating energy;

r* is the critical nucleation radius and T is the thermody-

namics temperature. 

From equation (1) to (4), the increase of undercooling ΔT

leads to the increase of ΔGV. The increase of ΔGV results in

the decrease of the critical nucleating energy ΔG
*
 if other

parameters are not changed. The nucleation rate I increases

and the critical nucleation radius r* decreases with the increase

of undercooling. This indicates that the atom clusters which

are less than critical nucleation radius can become stable

nucleation site with increasing undercooling. Obviously, either

the nucleation rate I increases or the critical nucleation radius

decreases can refine grains under the large undercooling. In

addition, the increased nucleation rate results in the increased

number of grains growing simultaneously. Therefore, the

growth time of solidified phase reduces with the increase

of melt superheating so that the size of solidified phase

decreases. This leads to the grain refinement in the as-cast

ΔGV LVΔT/Tm=

ΔG
*

16/3 πσ/ ΔGV ΔGS–( )⋅=

I K exp ΔG
*

– /kT( )exp Q/kT–( )⋅=

r
*

2σTm/LVΔT=

Fig. 9. The phase fraction during the solidification in the experimen-
tal alloy calculated by Pandat software using non-equilibrium Scheil
method.
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microstructure. Moreover, in HPDC process, the cooling

rate in the die cavity is much bigger than that in the shot

sleeve, which provides higher undercooling and therefore

leading the formation of fine Fe-rich particles in the as-cast

microstructure.

Generally, solidification process occurs in two stages in

HPDC. One is in the shot sleeve and the other is in the die cavity.

The solidification in the shot sleeve commences immediately

after the melt is undercooled by the shot sleeve. Obviously

the melt in contact with the internal surface of the shot sleeve

is undercooled first, leading to the formation of coarse pri-

mary phase due to the relatively lower cooling rate. Because

the melt in contact with the shot sleeve is in a small propor-

tion and the time between the pouring and the injection is

short, the melt is immediately mixed when it is pushed for-

ward in the shot sleeve. When the melt passes through the

ingate into the die cavity, the melt is sheared and mixed.

Although the solidification process in HPDC is different to

the other casting process, the nucleation and growth theory

are still valid. Clearly, the increased melt superheating leads

to the decreased or eliminated undercooling in the shot sleeve.

Therefore, the primary phase formed in the shot sleeve is

significantly reduced with the increased melt superheat. This

is another importation aspect to understand the alternation of

microstructure under varied superheat.

4.3. Microstructure and property relationship

The experimental results have confirmed that a relatively

high melt superheating improves the mechanical properties

of the Al-Mg-Si-Mn alloy. The yield strength, ultimate tensile

strength and the elongation of the diecast Al-Mg-Si-Mn alloy

increase with an increased melt superheating in the experi-

mental ranges. Referring to the solidification microstructure,

the enhanced mechanical properties are believed to correspond

to the refinement of Fe-rich intermetallic compounds and a-

Al phase. Actually, the refinement includes two aspects. One

is the refinement for the grains formed in the shot sleeve and

in the die cavity with increase of melt superheating (Fig. 5

and Fig. 6). With the melt superheating, the higher density

Fe2-rich intermetallics can be obtained, which will become

the effective obstacles of dislocations movement to improve

the yield strength. The other is the disappearance of the coarse

Fe1-rich intermetallics formed in the shot sleeve with increase

of the melt superheating so that these coarse Fe1-rich inter-

metallics have no chance to be the crack sources resulting from

the stress concentration. Therefore, the detrimental effect of

the coarse Fe1-rich intermetallics on the mechanical properties

is diminished, resulting in the improvement in the mechani-

cal properties observed in the Al-Mg-Si-Mn alloy. 

5. CONCLUSIONS

(1) During high pressure die casting of the Al-Mg-Si-Mn

alloy, the mechanical properties of the yield strength, ulti-

mate tensile strength and elongation are improved with a rel-

atively high melt superheating.

(2) A relatively high melt superheating results in the refine-

ment of both the α-Al phase and the α-AlFeMnSi intermetal-

lics formed in the shot sleeve and in the die cavity, although

the refinement for the microstructure in the die cavity is not

as significant as that formed in the shot sleeve because of the

high cooling rate in the die cavity. 

(3) Melt superheating does not alter the composition of the

α-AlFeMnSi intermetallic phases formed in the shot sleeve

at lower cooling rates and in the die cavity at higher cooling

rates, respectively. The coarse compact intermetallics formed

in the shot sleeve have the same formula as the fine one formed

in the die cavity with both of them being identified as α-

Al12(Fe,Mn)3Si.
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