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Abstract

Aluminium alloys have been seen a dramatic increase in transport manufacturing in past two
decades. This is primarily driven by the achievement of effective weight-savings, increased
vehicle fuel efficiency and reduced CO: emissions in transport. One of the significant
progresses in most recent years has been in the application of aluminium-intensive car body
structure, in which the manufacturing of thin wall castings with improved ductility is one of
the critical issues. High pressure die casting (HPDC) is a fast and economical near-net shape
manufacturing method to produce thin wall components. Therefore the application of HPDC
process to make thin wall structural components for aluminium-intensive car body structure is
one of the most challenges in recent development. However, the currently available die cast
aluminium alloys are unable to fulfil this requirement because of the insufficient ductility,
which is essential for joining castings with sheets and extruded parts. This has become critical

in further development and extensive acceptance in car manufacturing industry.

Generally, the mechanical properties of die castings are determined by alloy composition,
defect levels and microstructure in the castings. In the present study, the significant
achievement is the development of Al-Mg-Si-Mn alloy for HPDC process to provide improved
ductility in die castings in order to satisfy the requirement of mechanical properties, in
particular ductility for the application in automotive body structure. Starting from the
thermodynamic analysis and CALPHAD (Computer Coupling of Phase Diagrams and
Thermochemistry) modelling of Al-Mg-Si system for solidification and phase formation, the
alloy composition was optimised using international standard tensile samples to review the

effect of various alloying elements on the mechanical properties.

Another achievement is the understanding of the solidification and microstructural evolution,
the relationship between the microstructure and mechanical properties, and the strengthening
mechanisms in the developed alloy. The solidification behaviour in the shot sleeve and in the
die cavity was examined for the formation of the primary a-Al phase, eutectic AI-Mg>Si phases
in the alloy. The morphology, size and size distribution of the primary a-Al phase were
characterised under different solidification conditions. The growth morphology of the primary

a-Al phase formed in the shot sleeve and in the die cavity was analysed using the Mullins-



Sekerka instability theory and the growth rate of eutectic Al-Mg.Si phases during solidification

was calculated using Jackson-Hunt theory.

Still another achievement is the study of the effect of Mn and Fe on the morphology, size and
distribution of various Fe-rich compounds in the Al-Mg-Si alloy produced by HPDC process.
The assessment was associated with the mechanical properties of yield strength, ultimate
tensile strength and elongation with different Fe and Mn contents. CALPHAD modelling of
multi-component Al-Mg-Si-Mn-Fe and Al-Mg-Si-Fe systems was studied to find out the effect
of Fe impurity in the Al-Mg-Si alloy. The precise accumulation of iron during HPDC using
fully recycled materials was examined to predict the maximum cycles to produce castings with
required mechanical properties. The strengthening mechanism and the relationship between the
microstructure and mechanical properties are explored in the alloy made by secondary
materials. Furthermore, the effect of nickel on the microstructure and mechanical properties of
the die-cast AI-Mg-Si-Mn alloy was also studied in association with the formation of Ni-rich
intermetallics during solidification in the die-cast Al-Mg-Si-Mn alloy containing different Ni

contents.

The final achievement is the understanding of the repeatability of die castings made by the new
alloy with industrial scale components. The tensile properties of standard samples that were
obtained directly from HPDC process and made by the machined die castings at different
locations were further assessed for the reproducibility of casting components made by the Al-
Mg-Si-Mn alloy. The distributions of yield strength, ultimate tensile strength and elongation
of the tensile samples were analysed by the average values with standard deviations and by the
Weibull statistical model with three parameters. The correlations between the mechanical
properties and the microstructural features, porosity levels and fracture morphology were
investigated for the different types of samples. It was found that three-parameter Weibull
analysis was capable of analysing the reproducibility of die cast components and the scattering
of tensile properties was mainly due to the presence of porosity and non-uniform microstructure

in the die-castings.
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Chapter 1

Introduction

1.1 Background and Challenges

Aluminium alloys have been seen a dramatic increase in manufacturing in past two decades
[1]. This is primarily driven by the achievement of effective weight-savings, increased vehicle
fuel efficiency and reduced CO2 emissions in transport [2]. It has been generally believed that
weight reduction through the use of lightweight materials remains a very successful and simple
means of improving fuel economy and reducing harmful emissions in the manufacture of
transport [3]. Increases in aluminium alloys for automotive applications provide significant
opportunities for weight reduction and therefore real scope to achieve the environmental goals
[4,5]. The automotive industry has used a range of aluminium components in power trains and
chassis including transmission housings, cylinder heads, inlet manifolds, engine sumps, wheels,
as well as for decorative trim items [6]. An increasing trend in replacing steel parts with lighter
aluminium ones has seen aluminium alloys being used extensively in other automotive areas.
One of the significant progresses in most recent years has been in the application of aluminium-

intensive car body structure [7,8].

In the automotive body structure, both wrought and cast aluminium alloys are essential in
frame-space design and monocoque design of aluminium-intensive passenger cars [7,9]. The
currently available wrought alloys are listed in Table 1.1 [2, 10]. The mechanical properties of
alloys are 124 to 240 MPa of yield strength, 220 to 317 MPa of ultimate tensile strength, and
10 - 30% of elongation. Some alloys that are usually used for external surfacing exhibit
excellent paint baking hardenability. The yield strength increases by up to 60% after paint
baking. In order to maximize the benefits of aluminium-intensive car body structure, the die
castings need to have comparable mechanical properties with the components made with

aluminium sheet. However, the mechanical properties of currently available die-cast alloys, as



listed in Table 1.2 [11,12], are not competitive and cannot satisfy the industrial requirement.
In particular, the ductility is not sufficient in manufacturing and in application. To increase the
strength of castings, the wall thickness needs to be increased for the available alloys. However,
several extra manufacturing steps and extra tools have to be added in production to make
quality products. These still cannot avoid the insufficiency of ductility and also are not
preferred in industry due to the increase of casting weight and processing costs. Therefore, the

cast alloy needs to be specially developed for car body structure and similar applications.

Table 1.1 The mechanical properties of aluminium wrought alloys used for automotive body
structure [10,11].

On the other hand, compared to other high volume materials, aluminium production has one of

As-received After Paint Baking

Ultimate Total Uniform
Alloy-Temper  Yield Strength ~ Strength Elongation  Elongation Yield Strength

(MPa) (MPa) (%) (%) (MPa)
5030-T4 138 276 30.0 - 172
5754-H22 185 245 15 - -
5754-H26 245 290 10 - -
6009-T4 124 221 25.0 21.0 234
6010-T4 172 290 24.0 21.0 255
6013-T4 186 317 25.0 23.3 324
6016-T4 139 248 29.0 215 221
6063-T6 214 241 18.0 - -
6082-T6 250 290 10.0 - -
6111-T4 159 290 27.5 22.0 261

the largest energy differences between primary and secondary production: 186 MJ/kg for
primary compared to 10-20 MJ/kg for secondary, which means that only 5% of the energy is
needed for recycling of aluminium alloys [13 ]. Therefore, recycling is a major sustainable
approach to continue the use of aluminium because of the huge benefits in energy resilience
manufacturing and the cost saving of products [14,15]. As a result, the application of secondary
materials is increasingly attractive for manufacturing such as transport because light-weighting
is an important consideration. Currently, more than a third of all the aluminium produced

globally originates from traded materials and scraped materials [16]. In addition to the obvious



economic dimension, growing environmental concerns and heightened social responsibility
over the last ten years have served to boost recycling activity of aluminium alloys in order to
conserve resources and to avoid littering. However, although the recycled aluminium can be
utilised for almost all aluminium applications, the accumulation of impurities in the recycled
materials provides a significant and long-term compositional barrier to maintain the aluminium
alloys within required range [17 ], which result in the down grade of recycled materials. The
problematic impurities are different for various aluminium alloys, but it is always associated
with iron because of the easy picking up during manufacturing. Therefore, it is necessary to
have an assessment for the effect of impurity elements on the microstructure characterization
and mechanical properties. This will provide the fundamentals to identify the effective
strategies throughout the production process to mitigate the elemental accumulation within

contaminated secondary materials.

Table 1.2. Typical mechanical properties of aluminium die-cast alloys commonly available in

industry.
Ultimate Tensile Yield Strength Elongation

Main alloying Strength (MPa) 0.2% offset (MPa) in 50mm (%)
Alloy elements Ref. [12] Ref. [13] Ref. [12] Ref. [13] Ref.[12] Ref.[13]
360 Al-Si 300 324 170 172 2:5 3
A360.0 Al-Si 320 317 170 165 3.5 5
364 Al-Si - 296 - 159 - 7.5
380 Al-Si-Cu 320 331 160 165 2.5 3
A380.0 AlI-Si-Cu 320 324 160 159 3-5 4
383 Al-Si-Cu 310 - 150 - 3.5 -
384 Al-Si-Cu 330 324 170 172 2.5 1
390 Al-Si-Cu-Mg 280 279 240 241 <1 1
8390 Al-Si-Cu-Mg 320 - 250 - <1 -
392 Al-Si-Mg-Cu 290 290 270 262 <1 <0.5
413 Al-Si 300 296 140 145 2.5 2.5
A413.0 AIl-Si 290 241 130 110 3.5 3.5
443 Al-Si-Cu - 228 - 110 - 9
513 Al-Mg-Zn - 276 - 152 - 10
516 Al-Mg-Si - 283 - - - 10
518 Al-Mg 310 310 190 186 5 8




Furthermore, although high pressure die casting (HPDC) has been widely used to make
aluminium castings for automotive body structure and is still attracting in producing thin wall
and high dimensional accuracy components, HPDC usually fill the die cavity with turbulence
flow [18], which results in the high possibility of forming defects in castings, in which the gas-
entrapped porosity and shrinkage porosity are two main categories of defects [19]. Moreover,
the defect distribution in HPDC castings is very random and irregular, which exhibits a large
uncertainty of mechanical properties in different castings [20]. As a result, the inconsistency
of mechanical properties in die castings is a general phenomenon in HPDC process. Generally,
in order to compensate the detrimental effect of the internal defects, a relatively large design
margin has to be given for the castings. With a great safety coefficient the extra materials are
required and the actual distribution of internal defects in the castings is relatively unimportant.
However, in the specific structural applications in automobile, the material weight is one of the
major concerns, and therefore the reproducibility of castings becomes great important.
Consequently, it is also an important matter to assess the consistence and reliability of die
castings using statistical approaches, and to understand the variability in the mechanical
properties of castings, in particular, for the mechanical properties affected by the various

parameters and casting processes.

1.2 Research Objectives

The main objectives of the present study are:

» To study the effect of alloying elements on the microstructure and mechanical
properties of Al-Mg-Si-Mn alloy.

» To optimise the composition of Al-Mg-Si-Mn alloy that is capable of providing good
strength and ductility.

» To understand the relationship between solidification, microstructure and the resultant
mechanical properties of aluminium alloys in HPDC process.

> To study the effect of impurity elements, Fe in particular, on the microstructure and
mechanical properties.

» To study the effect Ni on the microstructure and mechanical properties.



> To assess the reproductivity via Weibull analysis for different types of tensile samples
made directly by high pressure die casting and machined from trials castings with Al-
Mg-Si-Mn alloy.

1.3 Outline of Thesis

Following the introduction in Chapter 1, the literatures review will be given in Chapter 2, in
which an introduction of HPDC process and solidification theories for metal casting are
introduced including the classification of HPDC, high integrity HPDC, classical theories of
heterogeneous nucleation and constitutional undercooling during nucleation and growth,
casting defects in HPDC and the currently available commercial die cast alloys. Also in Chapter
2, the existing studies on aluminium alloys, in particular Al-Mg-Si system and the methods for

statistical models are reviewed.
Chapter 3 describes the experimental procedures, the examination equipment and techniques.

Chapter 4 presents the development of a die-cast aluminium alloy that can satisfy the
requirement of mechanical properties, in particular ductility for application in automotive body
structure. The investigation of the effect of various alloying elements on the mechanical

properties will be introduced and the optimised alloy composition will be provided.

Chapter 5 investigates the solidification process and microstructural evolution of the ductile
alloy. The solidification behaviour in the shot sleeve and in the die cavity will be examined for
the formation of the primary a-Al phase, eutectic Al-M@.Si phases in the alloy. The
morphology, size and size distribution of the primary a-Al phase will be characterised under
different solidification conditions. The phases formed in the different stages of solidification
will be identified and quantified. In the discussion, the growth morphology of the primary a-
Al phase formed in the shot sleeve and in the die cavity will be analysed using the Mullins-
Sekerka instability theory. Jackson-Hunt theory will be used to calculate the growth rate of

eutectic Al-Mg»Si phases during solidification.

Chapter 6 focuses on the effect of Mn and Fe on the morphology, size and distribution of
various Fe-rich compounds in the Al-Mg-Si alloy produced by HPDC process. The mechanical

properties of yield strength, ultimate tensile strength and elongation will be assessed with



different Fe and Mn contents. The role of alloy chemistry on the effect of Fe and Mn will be
investigated by CALPHAD modelling of multi-component Al-Mg-Si-Mn-Fe and Al-Mg-Si-Fe
systems. The thermodynamic modelling and the experimental findings of the Fe-rich
intermetallic compounds will be studied with respect to the role of Mn on combating the
detrimental effect of Fe in the AI-Mg-Si alloy. The discussions are focused on the phase
formation of different Fe-rich intermetallic phases and the relationship between Fe-rich

compounds and mechanical properties of the die-cast Al-Mg-Si alloys.

Chapter 7 focuses on the effect of nickel on the microstructure and mechanical properties of
the die-cast AI-Mg-Si-Mn alloy. The formation of Ni-rich intermetallics during solidification
in the die-cast Al-Mg-Si-Mn alloy containing different Ni contents will be investigated. The
CALPHAD modelling of multi-component Al-Mg-Si-Mn-Ni will be studied to help the

understanding of microstructural formation.

Chapter 8 describes the repeatability of the castings. The tensile properties of standard samples
that were obtained directly from high pressure die-castings and made by the machined high
pressure die-castings at different locations will be assessed for the reproducibility of casting
components made by the Al-Mg-Si-Mn alloy. The distributions of yield strength, ultimate
tensile strength and elongation of the samples will be analysed by the average value with
standard deviations and by the Weibull statistical model with three parameters. The correlations
between the mechanical properties and the microstructural features, porosity levels and fracture
morphology will be investigated for the different types of samples.

Chapter 9 presents the main conclusions of this study. The suggestions for the future work of

the developed alloy are given in Chapter 10.



Chapter 2

Literature Review

2.1 High Pressure Die Casting (HPDC)

The HPDC process is characterized by low cost, high efficiency, near-net shape manufacturing,
in which the molten metal is injected into a metallic die cavity under high speed and high
intensification [21,22]. There are two kinds of HPDC processes used in industry: the hot
chamber process and the cold chamber process. The main difference between them is the
method of holding and delivering the molten metal into the metallic die cavity [23,24].

Stationary Platen

Fig. 2.1 Graphical illustration of hot chamber die casting [26].

In the hot chamber HPDC process [25], molten metal is drawn from the reservoir into the
gooseneck and is injected into the die cavity by lowering the plunger position, as shown in Fig.
2.1 [26]. At the beginning of the cycle the piston of the machine is retracted, which allows the
molten metal to fill the "gooseneck™. The pneumatic or hydraulic powered piston then forces

this metal out of the gooseneck into the die [27]. The advantages of this system include fast



cycle times (approximately 15 cycles a minute) and the convenience of melting the metal in
the casting machine [21]. The disadvantages of this system are that it is limited to use with low-
melting point metals and that aluminium cannot be used because the metal injection system
can be rapidly degraded and some of the iron ion are picked up while in the molten pool [26,28].
Therefore, hot-chamber machines are primarily used with zinc, tin, and lead based alloys
[26,29].

LT

Ladle

Hydraulic Cylinder

L |5

Ejeclor Die

Fig. 2.2 Graphical illustration of cold chamber die casting [32].

In the cold chamber HPDC process, as shown in Fig. 2.2 [32], alloy is melted and held in a
separate holding furnace. Then a precise amount of molten metal is transported to the cold-
chamber machine where it is fed into an unheated shot chamber (or injection cylinder). This
shot is then driven into the die by a hydraulic or mechanical piston. This biggest disadvantage
of this system is the slower cycle time due to the need to transfer the molten metal from the
furnace to the cold-chamber machine [30]. However, the shot sleeve is the only part in contact
with the melt for a short period of time in each casting cycle. It is therefore capable of being
used for aluminium, magnesium and copper alloys, which have higher melting temperatures.
The cold chamber HPDC has been used to produce a variety of aluminium components to fulfil
different requirements. Compared to other casting methods, cold chamber HPDC has a much
higher production rate. It is able to cast components with a close dimensional tolerance, which
can minimise the cost of further machining. Components with thinner wall thickness and
complex shapes can be produced by HPDC, which can reduce the overall casting weight and
number of parts in an assembly. Meanwhile, secondary alloys can also be used in the HPDC,

which can further reduce the cost [31].



There are four steps in traditional high-pressure die casting: die preparation, filling, ejection,
and shakeout. The dies are prepared by spraying the mould cavity with lubricant. The lubricant
both helps control the temperature of the die and it also assists in the removal of the casting.
The dies are then closed and molten metal is injected into the dies under high pressure; between
10 and 175 MPa. Once the mould cavity is filled, the pressure is maintained until the casting
solidifies. The dies are then opened and the shot (shots are different from castings because there
can be multiple cavities in a die, yielding multiple castings per shot) is ejected by the ejector
pins. Finally, the shakeout involves separating the scrap, which includes the gate, runners, spurs
and flash, from the shot. This is often done using a special trim die in a power press or hydraulic
press. Other methods of shaking out include sawing and grinding. A less labour-intensive
method is to tumble shots if gates are thin and easily broken; separation of gates from finished
parts must follow. This scrap can be recycled by remelting it onsite or sending to professional
alloy fabricators [32].

The high-pressure injection leads to a quick fill of the die, which is required so the entire cavity
fills before any part of the casting solidifies [26,32]. In this way, discontinuities are avoided,
even if the shape requires difficult-to-fill thin sections. This creates the problem of air
entrapment, because when the mould is filled quickly there is little time for the air to escape
[26]. This problem is minimized by including vents along the parting lines, however, even in a
highly refined process there will still be some porosity in the centre of the casting.

Advantages of high pressure die casting include [26,32]:

e Excellent dimensional accuracy (dependent on casting material, but typically 0.1 mm
for the first 2.5 cm and 0.02 mm for each additional centimetre.

e Smooth cast surfaces (Ra 1-2.5 micrometres).

e Thin walls can be cast as compared to permanent mould casting (about 0.75 mm).

e Inserts can be cast-in (such as threaded inserts, heating elements, and high strength
bearing surfaces).

e Reduces or eliminates secondary machining operations.

e Rapid production rates.

e Casting tensile strength as high as 415 MPa.

e Casting of low fluidity metals.



The main disadvantage to die casting is the very high capital cost [26,32]. Both the casting
equipment required and the dies and related components are very costly, as compared to most
other casting processes [27,32]. Therefore to make die casting an economic process a large
production volume is needed. Other disadvantages are that the process is limited to high-
fluidity metals, and casting weights must be between 30 grams and 10 kg. In the standard die
casting process the final casting will have a small amount of porosity. Therefore, the
conventional de castings is not heat treatable or weldable, because the heat causes the gas in
the pores to expand, which causes micro-cracks inside the part and exfoliation of the surface.

2.2 Improvement in HPDC

Due to the turbulence flow in die filling and the high cooling rate during solidification, the
existence of internal defects in the die cast components is a common disadvantage. In order to
improve the HPDC process, development has been focused on new techniques to produce high
integrity castings, in which entrapped air can be minimised and further heat treatment can be
used to enhance the mechanical properties. The main techniques include vacuum assisted
HPDC [32,33], semi-solid metal process [33], Acurad and heated-manifold direct-injection die

casting.

The vacuum assisted high pressure die-casting uses a vacuum pump to evacuate the air from
the shot sleeve and the die cavity to eliminate the entrapped air during casting [34]. The vacuum
is maintained until the injection cycle is completed. Almost all of the air is positively evacuated
from the mould. The vacuum atmosphere not only can reduce the porosity level in final casting
but it can also assist the die filling of melt during the casting. A good vacuum in the mould
cavity enables the alloy to flow into blind recesses in complex shapes. It also allows the fronts
of the molten metal to merge freely without forming shuts. Whatever vacuum method is
employed, if it works well, improved quality and reduced scrap can he guaranteed. Benefits of
vacuum assisted die casting [35]:

e Rejections due to porosity are virtually eliminated.
e Rejections after secondary processing are virtually eliminated.
e Excellent surface quality is ensured.

e Product density and strength are increased.

10



e Larger, thinner, and more complex, castings are made possible.
e Less casting pressure is required.

e Tool life and mould life are extended.

e The die closes better.

e Flash is reduced or eliminated.

Semi-solid metal casting (SSM) is a near net shape variant of high pressure die casting [33].
SSM is working at a temperature that puts the metal between its liquidus and solidus
temperature. Ideally, the metal should be 30 to 65% solid, which provides thixotropy and
pseudo-plastic property and thus less turbulence flow during the die filling. The temperature
range mainly depends on the material, which is 5-10°C and for aluminium alloys [36]. The
SSM slurry contain globular primary phase surrounded by the liquid phase before filling die
cavity. The process combines the advantages of casting and forging. The potential for this type
of process was first recognized in the early 1970s [37]. There are four different processes:
thixocasting, rheocasting, thixoforging. Semi-solid casting is typically used for high-end
castings. The castings produced by semisolid process contain relatively low porosity levels.
Consequently, they can be further heat treated to obtain improved mechanical properties.
According to different mechanism, SSM process mainly includes Thixocasting, Rheocasting
and Thixoforging. Thixocasting utilizes a pre-cast billet with a non-dendritic microstructure.
Induction heating is normally used to re-heat the billets to the semi-solid temperature range,
and die casting machines are used to inject the semi-solid material into hardened steels dies.
Thixocasting is being performed commercially over the world and has the ability to produce
extremely high quality components due to the product consistency. The main disadvantage is
that it is expensive due to the special billets that must be used [33,38]. Other disadvantages
include a limited number of alloys, and scrap cannot be directly reused. Unlike thixocasting,
rheocasting develops the semi-solid slurry from the molten metal produced in a typical die
casting furnace/machine [33,38]. This is a big advantage over thixocasting because it results in
less expensive feedstock, in the form of typical die casting alloys, and allows for direct
recycling. Thixoforging is similar with Thixocasting, which uses a partially solidified billet but
use an open die in a forging press to achieve production of sound heat-treatable components
that are free of entrapped oxides and which have excellent static and dynamic properties.
Thixoforging is mainly for wrought alloys [33,38].
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Acurad was a die casting process developed by General Motors in the late 1950s and 1960s
[38,39]. The name is an acronym for accurate, reliable, and dense. It was developed to combine
a stable fill and directional solidification with the fast cycle times of the traditional die casting
process. The process pioneered four breakthrough technologies for die casting: thermal
analysis, flow and fill modelling, heat treatable and high integrity die castings, and indirect
squeeze casting [40]. The Acurad system employs a bottom fill system that requires a stable
flow-front. The Acurad system was the first die casting process that could successfully cast
low-iron aluminium alloys, such as A356 and A357. In a traditional die casting process these
alloys would solder to the die. Similarly, Acurad castings could be heat treated and meet the
U.S. military specification MIL-A-21180. Acurad system employs patented double shot piston
design. The idea is to use a second piston (located within the primary piston) to apply pressure
after the shot have partially solidified around the perimeter of the casting cavity and shot sleeve.
While the system is not very effective, it leads the manufacturer of the Acurad machines to
discover that it is just as effective to apply sufficient pressure at the right time later in the cycle

with the primary piston; this is indirect squeeze casting [41].

Another development is the Oxygen-rich die casting [42]. It is identical to the standard process
except oxygen is injected into the die before each shot to purge any air from the mould cavity.
This causes small dispersed oxides to form when the molten metal fills the die, which virtually
eliminates gas porosity. An added advantage to this is greater strength. Unlike standard die
castings, these castings can be heat treated and welded. This process can be performed on

aluminium, zinc, and lead alloys.

Heated-manifold direct-injection die casting, also known as direct-injection die casting or
runner-less die casting, is a zinc die casting process where molten zinc is forced through a
heated manifold and then through heated mini-nozzles, which lead into the moulding cavity.
This process has the advantages of lower cost per part, through the reduction of scrap (by the
elimination of spurs, gates and runners) and energy conservation, and better surface quality

through slower cooling cycles [43, 44].

These developments can be basically described as the control of the solidification process and
to reduce the defects in the castings. These are the two aspects in the HPDC process. Therefore

the following parts review the solidification and defects formation in HPDC castings.
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2.3 Solidification in Cold Chamber HPDC

In casting of metals, the nucleation events occur by heterogeneous nucleation on substrates that
provide an appropriate interface. The classical theory on heterogeneous nucleation is given in
textbooks on solidification [45, 46], and is commonly assessed in grain refinement theory [47].

In the forthcoming section, the physical fundamentals for nucleation are outlined.

At a specific temperature, the thermodynamically stable state has the lowest free energy (G).
For a given undercooling, AT, there is a driving force for solidification 4G=Gs-G). The
undercooling has to be sufficiently large to provide the energy required for forming new
interfaces. For a sphere with radius r, 4G consists of two competing terms; the interfacial

energy, (proportional to r?), and the free energy per volume, (proportional to r):

3
AG = (4” Py + %ﬂ'I‘SAG‘, )[2—3c059 +Cos Qj

4
(2.1)

The last term in equation 2.1 is the shape factor function, f{6), where @ is the wetting angle
between the nucleus and the substrate. Good wetting occurs when @ is small, and £(6) becomes
0 when 6=0. Thus, when the wetting between the crystal and substrate improves, the nucleation
barrier decreases. This is taken advantage of in the casting process, where inoculants are added
to the melt. It is required that they are thermodynamically stable over a sufficient time period,
possess low lattice disregistry, good wetting, are sufficiently large to overcome the surface
energy barrier, possess suitable density, are adequately small and evenly distributed to be
accepted in the casting [48].

Solidification in the HPDC process is essentially the same as that in a conventional casting
process, which can be described in two stages, i.e. nucleation and growth. The solidification of
alloys begins when crystals are nucleated on suitable substrates at a sufficient undercooling of
the melt. In the dynamic nature of the casting process, the nucleation events can occur by
several mechanisms in the absence of chemical additions of inoculants. Filling the shot sleeve
in HPDC is similar to pouring of melt into a permanent mould. The liquid in contact with the
cold mould wall is rapidly cooled below the liquidus temperature, Tiiq. The classical theories

then predict three different scenarios [21,22]:
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(1) The melt becomes thermally undercooled adjacent to the mould wall. The thermal
undercooling can be sufficient to overcome the required nucleation undercooling, which
depends on the substrates that are present. Furthermore, the thermal gradient, which depends
on the melt superheat and the mould wall temperature, can alter the amount of thermal
undercooling. The heat loss by means of radiation at the melt surface generates a thermal

undercooling which is sufficiently large for nucleation of crystals.

(2) During growth, the solubility variations result in solute rejections at the growing interface
creating a solute enriched zone in the liquid. This is shown in Figure 2.3 for a planar growth
front. From the interface, the solute concentration C. decreases with distance to diffuse extra
solutes into liquid, while the local temperature ahead the growth interface varies by the curve
Tiiq. The actual temperature in the liquid, imposed by the simultaneous solute diffusion and
extraction of latent heat of fusion, is Tm. A constitutionally undercooled zone is therefore
present, in which suitable substrates can become more crystals. Meanwhile, during growth, the
latent heat is conducted into the surrounding melt which generates the thermal gradient required
for constitutional undercooling. For an equiaxed dendrite the principal difference between alloy
systems is the growth restriction factor (GRF): GRF=mLCy(k-1) [49 ]. Furthermore, the solute
undercooling is typically larger than the thermal undercooling by a factor of 100-1000 [50,51].

Solid

Critical gradient T

Constitutional supercooling

Distance x —»

Fig. 2.3 Illustration of principles for constitutional undercooling in constrained grown[50].
Solute rejection at the crystal interface and simultaneous release of latent heat of fusion

generates a constitutionally zone.
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(3) Furthermore, dendrite fragmentation processes involves the complexity of: micro-
segregation, thermal and solutal convection, solid/liquid diffusion and ripening. Nevertheless,
it is important to be aware that the fragmentation of dendrites in general represents a significant
source of equiaxed dendrites in the casting process.

When the melt cools, crystals survive and solidification eventually proceeds. Further growth
involves solute segregation which can generally be described by the Gulliver-Scheil equation.
In the case of no solid diffusion and complete mixing in the liquid, the expression takes the

form [ref. porter]

¢ =c,t- £, )" (2.2)

This equation overestimates the amount of eutectic but is relatively representative at low solid
fractions, and has been suitable in most applications in the doctorate work. Crystals that grow
evolve into dendrites and develop different order branches which depend on the dendrite tip
radius (r), the local thermal gradient (G), solute diffusion (D) and the constitutional conditions
that are present. When the diffusion fields encapsulating the crystals impinge on each other,
peripheral growth is substituted by coarsening [46]. Eventually, the crystals are no longer free

to move. The consequence of this on the solidifying structure is explained dendrite coherency.

During the casting of alloys, a common mode of solidification is the nucleation and growth of
numerous equiaxed crystals. If no other phases form first, free crystals impinge on one another
during growth, creating a crystal network. This point during solidification is commonly termed
“dendrite coherency” [51] and [52], although the term “coherency” is also used to describe
other transitions in the mushy zone. Dendrite coherency is often thought of as the transition
from mass to interdendritic feeding and to be the solid fraction at which difficulties in feeding
solidification shrinkage begin. Beyond coherency, the restrictions imposed on the liquid flow,
and the development of contraction stresses in the continuous solid network, can result in
common casting defects such as macrosegregation, hot tearing, shrinkage and gas porosity. The
rigidity of the developing dendritic network may also have a significant impact on the

formation of defects.
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2.4 Defects Formed in HPDC

In HPDC process, there are basically two types of casting defects. One is related with process
operation and the other is related with metallurgy. Therefore, the review will be summarised
in process-related defects and metallurgical-related defects, although there is often an

interrelationship between the process parameter and metal defects [21, 23].

The defects related to process include cold laps, cold shuts, laminations, flow marks, knit lines,
scratches, sinks, die soldering, hot tearing, shrinkage porosity, misruns and lubricant stain.
Cold laps, cold shuts, laminations and flow mark defects are all surface defects. They are seen
visually on the casting or with the aid of a low power magnification and/or zyglo penetrant
techniques. Such defects relate to problems with metal temperature being too low, inadequate
gating, incorrect die injection parameters, or combinations of all these factors. Divergent metal
streams converge, do not mix properly, and solidify prematurely, which results in such surface
discontinuities. The severity of such defects and their effect on casting properties and
performance can vary. Because of these defects, there is cause for a careful review of the

operating parameters [24,26].

Sinks on the casting surface general shrinkage due to inadequate feeding and/or excessive metal
temperature. Shrinkage porosity occurs due to inadequate gating, feeding or excessive
temperature. Misruns occur when there is inadequate feed metal or lack of venting. This results

in the casting detail not filling out, and not completing the desired design features.

Die soldering is an obvious visual surface defect, which is also related to metal composition
(iron content), die and die coating condition [53,54]. Aluminium has a low solubility for iron,
but normally 0.80% or more is required to mitigate die soldering tendencies [55]. Heat
checking of the die metal and stickers exacerbate die soldering. Too much or too little die spray

and die temperature variation also increase the tendency for die soldering [56,57].

Lubricant stains on the surface often relate to the excessive use of lubricant or breakdown in
lubricant delivery systems. Poor die surface can also result in casting surface defects. Hot
cracking or hot tearing can result from constraints in the casting design during solidification;
mishandling during ejection or trimming operations; or alloy inhomogeneity, resulting in weak

sections [58].
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Metallurgical related defects include gas porosity (also includes air entrapment which is
process-related), inclusions, (oxides, corundum refractory, flux), blisters, leakers.
Metallurgically related defects often arise from failure to adequately address the natural
phenomena, which occurs in aluminium alloy melting process—control of hydrogen and
oxidation products (i.e. inclusions). The latter originate with refractory erosion; inherent oxides
retained from the melt stock and returns; and inability to completely separate oxide skim and
dross from the melt prior to transfer to the casting furnace, which directly feeds the die casting
press. Corundum is an extremely hard form of aluminium oxide, which can form at high
temperatures over a long time in the melting furnace. Furnace cleaning often loosens corundum,
which can become entrained in the melt during transfers; eventually ending up in the die casting

holding furnace; and subsequently into the die-casting itself as the ladle delivers.

Porosity is one of the most common forms of defect in die castings. It limits the use of die
castings if heat treatment is required because of blistering [23-26]. In structural applications,
porosity can act as a stress concentrator creating initiation sites for cracks. Therefore, the
existence of porosity is detrimental for the mechanical properties such as tensile strength,
elongation, and fatigue strength and fracture toughness [59]. In the HPDC process, the porosity
can be divided into two types, according to the mechanisms of formation: shrinkage related

pores and gas related pores.

Shrinkage porosity is mainly caused by the solidification behaviour of specific alloy
compositions preventing melt feeding [21-26]. During solidification, the chemical composition
changes in the remaining melt over temperature for aluminium alloys. This is the main reason
to form constitutional undercooling and the formation of dendritic morphology of the primary
phase. With the increase of the volume fraction of dendrites, a skeleton can be formed and the
liquid is unable to fulfil the skeleton due to the blockage of the pass way [60]. The shrinkage
porosity is thus formed. The shrinkage porosity is mainly due to a poor casting structure design,
inadequate temperature control of the die block, inadequate inject pressure, and low melt
temperature. For the aluminium alloys with high iron content, the Fe-rich phases formed at the
early stage of the solidification prevent the melt flow through the feeding channels and

therefore promote the formation of shrinkage porosity [24].

Gas porosity is predominately caused by hydrogen in the melt, trapped air, steam and by-
products from organic lubricants used in the HPDC process. Hydrogen is the only gas soluble

in aluminium [21-25]. It is over 10 times more soluble in liquid Al than in solid Al, and hence
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is rejected from the solid phase into the inter-dendrite/granular liquid during solidification. Gas
pores form when sufficient super saturation of hydrogen in the liquid occurs. The percentage
and size of porosity increases by increasing the initial hydrogen content [61]. The alloy
composition can alter the initial hydrogen level in the melt [62]. In liquid aluminium, silicon,
copper, zinc and iron decrease hydrogen solubility, whereas lithium, magnesium and titanium
increase this. On top of the alloy composition, the hydrogen solubility increases when the melt

temperature is increased.

Hot cracking/ hot tearing normally occurs during the last part of solidification in the casting
where there is a big change with the configurations and re-entrant angles in the die [63]. Since
those parts are thicker than other sections, it takes longer for the melt to solidify due to the heat
being difficult to release. Besides the die shape, the alloy composition could also have an effect
on the hot cracking formation [64]. The freezing range and fraction of eutectic Al-Mg.Si phase,
which are governed by the alloy composition, can strongly affect the hot cracking formation.
A longer freezing range can result in the pre-solidified dendrites interlocking the melt flow
path, which in turn leads to the last part of solidifying without melt filling and thus forming
cracks [65]. Elements like Zn, which have a low melting temperature, can lead to a larger
solidification range and increase the risk of hot tearing. For alloys close to eutectic composition,
the majority of the liquid solidifies isothermally at a small temperature range. If the contraction
of stresses occurs, the developed cracks can be healed by backfilling the remaining melt [64].

2.5 Aluminium Alloys Available in HPDC Process

The HPDC process requires alloys with superior castability, die soldering resistance and good
resistance to cracking during solidification. A number of cast aluminium alloys can be used for
the HPDC process, which includes aluminium-silicon alloys, aluminium-silicon-copper alloys,
aluminium-silicon-magnesium alloys, aluminium-magnesium alloys. The registered
composition are summarised in Table 2.1. The detail physical properties are summarised in
Table 2.2 to 2.4 for Al-Si alloys, Al-Si-Mg/Cu alloys and Al-Mg alloys. In this section, the

review will focus on the die cast alloys.

Table 2.2 Aluminium silicon alloys [66]
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Alloy Casting Solidification  Density Coefficient Coefficient  Coefficient
temperature  range (°C) at 20°C of linear of linear of  linear
(cO)[67] (g/cm®)  thermal thermal thermal
expansion expansion expansion
20-100°C 20-200°C 20-300°C
(hm/mK) (hm/mK) (hm/mK
AlISil12(Fe) 635-705 577-590 20
AISi9 635-705 577-605 21
413.0 635-705 577-585 2.657 20.4 21.4 22.4
A413.0 635-705 577-585 2.657 20.4 21.4 22.4
C443.0 635-705 577-630 2.69 20.4 23 24
Table 2.3 Aluminium silicon alloys [68]
Alloy Casting Solidus Liquidus  Density Coefficient of Coefficient of
temperature  (°C) (°C) at 20°C linear thermal linear thermal
(°C) (g/cm®)  expansion 20- expansion 20-
100°C 300°C
(um/m.K) (nm/m.K
AlSi10Mg(Fe) 580-600 21
AISi11Cu2(Fe) 560-590 20
AlSi12Cul(Fe) 575-590 20
AlISi8Cu3 580-605 21
AISi9Cu3(Fe) 565-600 21
AISi9Cu3(Fe)Zn 565-600 21
360.0 635-705 555 580-600  2.63 21 23
380.0 635-705 540 570-605 2.71 22
383.0 615-700 515 565-590 2.74 21.1
384.0 615-700 515 555-585  2.823 20.8
390.0 505 650 2.73 18
392.0
A360.0 635-705 555 580-600  2.63 21 23
A380.0 635-705 540 570-605 2.71 21.8
B390.0 505 650 2.73 18
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Table 2.1 Compositions of registered aluminium alloys for the HPDC process [30,69].

other

Alloy Si Fe Cu Mn Mg Cr Ni Zn Sn Ti Each Total Al

343 6.7-7.7 1.2 0.5-0.9 0.5 0.1 0.1 1220 05 0.1 0.35 Bal.
360 9.0-10.0 2 0.6 0.35 0.4-0.6 0.5 0.5 0.15 0.25 Bal.
A360.0 9.0-10.0 1.3 0.6 0.35 0.4-0.6 0.5 0.5 0.15 0.25 Bal.
361 9.5-10.5 1.1 0.5 0.25 0.4-0.6 0.2-03 0.2-03 05 0.1 0.2 0.05 0.15 Bal.
364 7.5-9.5 1.5 0.2 0.1 0.2-0.4 0.25-0.5 0.15 0.15 0.15 0.05 0.15 Bal.
369 11.0-12.0 1.3 0.5 0.35 0.25-045 0.3-0.4 0.05 1 0.1 0.05 0.15 Bal.
380 7.5-9.5 2 3.0-4.0 0.5 0.1 0.5 3 0.35 0.5 Bal.
A380.0 7.5-9.5 1.3 3.0-4.0 0.5 0.1 0.5 3 0.35 0.5 Bal.
B380 7.5-9.5 1.3 3.0-4.0 0.5 0.1 0.5 1 0.35 0.5 Bal.
383 9.5-11.5 1.3 2.0-3.0 0.5 0.1 0.3 3 0.15 0.5 Bal.
384 10.5-12.0 1.3 3.0-45 0.5 0.1 0.5 3 0.35 0.5 Bal.
A384.0 10.5-12.0 1.3 3.0-45 0.5 0.1 0.5 1 0.35 0.5 Bal.
385 11.0-13.0 2 2.0-4.0 0.5 0.3 0.5 3 0.3 0.5 Bal.
390 16.0-18.0 1.3 4.0-5.0 0.1 0.45-0.65 0.1 0.2 0.1 0.2 Bal.
B390 16.0-18.0 1.3 4.0-5.0 0.5 0.45-0.65 0.1 15 0.2 0.1 0.2 Bal.
392 18.0-20.0 15 0.4-0.8 0.2-06 0.8-1.2 0.5 0.5 0.3 0.2 0.15 0.5 Bal.
393 21.0-23.0 1.3 0.7-1.1 0.1 0.7-1.3 2.0-25 0.1 0.1-0.2 0.05 0.15 Bal.
413 11.0-13.0 2 1 0.35 0.1 0.5 0.5 0.15 0.25 Bal.
A413.0 11.0-13.0 1.3 1 0.35 0.1 0.5 0.5 0.15 0.25 Bal.
C443.0 4.5-6.0 2 0.6 0.35 0.1 0.5 0.5 0.15 0.25 Bal.
515 0.5-1.0 1.3 0.2 0.4-06 2.5-4.0 0.1 0.05 0.15 Bal.
516 0.3-1.5 0.35-1.0 0.3 0.15-0.4 2.5-45 0.25-04 0.2 0.1 0.1-0.2 0.05 Bal.
518 0.35 1.8 0.25 0.35 7.5-8.5 0.15 0.15 0.15 0.25 Bal.
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Table 2.4 Aluminium magnesium alloys [70]

Alloy Casting Solidus  Liquidus Density at Coefficient of linear
temperature (°C)  (°C) (°C) 20°C thermal expansion 20-
(g/cm?®) 100°C (um/m.K)
AlMg9 24
518.0 535 620 2.57 24.1
2.6 Al-Si Alloys

Si is very cheap as a raw material and the most popular element used in cast aluminium alloys.
Silicon has a high latent heat, which is 4.5 times higher than aluminium [71], which result in
good castability and weldability. Silicon also has a low density (2.34 g/cm?®), which is an
advantage in reducing the overall weight of the cast component. Silicon has a very low
solubility in aluminium; it therefore precipitates as virtually pure silicon, which is hard and
hence improves the abrasion resistance. The copper-free alloys are used for low- to medium-
strength castings with good corrosion resistance; the copper-bearing for medium- to high-
strength castings, where corrosion resistance is not critical. Because of their excellent
castability, it is possible to produce reliable castings, even in complex shapes, in which the
minimum mechanical properties obtained in poorly fed sections are higher than in castings

made from higher-strength but lower-castability alloys.

The addition of Si to aluminium forms a binary eutectic alloy with a eutectic point at
12.6wt.%Si and the eutectic temperature being 577°C. Generally Al-Si alloys with 7-18wt.%
Si have excellent fluidity due to the narrow freezing range and low viscosity. Unlike aluminium
that shrinks, Si expands during solidification. This contributes to a lower shrinkage rate of the
Al-Si alloys and a linear decrease of shrinkage with the increase of Si. The total shrinkage
reaches zero when Si addition is at 25wt.%. Even though Si has a lower electrolytic potential
than aluminium, Al-Si alloys still have a good corrosion resistance like pure aluminium because
Si is inert to most of the corrosive environments [72]. Therefore, the low thermal expansion
coefficient, high hardness and wear resistance can be achieved by increasing silicon content in

aluminium alloys.
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The mechanical properties of Al-Si alloys mainly depend on the morphology and distribution
of the primary and eutectic Al-Si phases. Al-Si alloys can provide better performance when
mixed with fine and well distributed primary phases [73]. The faceted and acicular shaped Si
phase contributes to a higher hardness and strength but lower elongation. Fig. 2.6 shows the
properties of Al-Si alloys as a function of Si concentration. The Si contributes to significant
enhancement on the yield strength but with a dramatic decrease of the ductility. The popular
Al-Si based alloys are 413.0, C443.0 alloys. The 413.0 alloy is a eutectic Al-Si alloy and has
the best fluidity amongst cast alloys. Therefore it can be used to cast large and complex shape
castings with thin wall thickness. The hypo-eutectic C443 alloy has 4.5-6 wt.% Si content, with
a fair good castability. Therefore, it can only be used to make components requiring higher

ductility and better corrosion resistance.
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Fig. 2.6 Mechanical properties of Al-Si alloy as a function of Si content in the alloy [75].

2.7 Al-Si-Cu Alloys

In order to increase the strength of Al-Si based die cast alloys, 3- 5 wt.% copper is introduced
to the AI-Si alloys. Copper forms an intermetallic phase with Al that precipitates during
solidification either as blocky CuAl; or as alternating lamellae of a-Al + CuAlz [71]. During
solidification, in the presence of iron, other copper containing phases form, such as CuxFeAlr
or Q-AlsCu2MgsSie [71]. The CuAl> phase can be blocky shape or finely dispersed a-Al and

CuAl; particles within the interdendritic regions, as shown in Figure 2.7. The presence of
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nucleation sites, such as FeSiAls platelets or high cooling rates during solidification can result
in fine CuAl; particles [71]. The blocky CuAl, phase particles are difficult to dissolve during
solid solution heat treatment, unlike the fine CuAl, phase particles that can dissolve within 2
hrs solid solution heat treatment [74]. Magnesium is present as Mg»Si in Al-Si-Mg alloys if Mg
IS not in solution. Mg can also form a true quaternary compound CuzMgsSisAls with other alloy
elements in Al-319 alloy. In the absence of Cu, high Fe and Mg result in the appearance of z-

FeMgsSisAls. The 7 phase is difficult to dissolve during solid solution heat treatment [75].

Figure 2.7. Cu-rich phases in as-cast 319 alloy: (a) Eutectic Al.Cu and (b) blocky Al>Cu [76].

With the increase of the Cu content, hardness increases, but the strength and ductility exhibit
different behaviours [71]. When Cu is present in solid solutions as evenly distributed spheroidal
particles, maximal strengthening can be achieved. Whilst the Cu phase is present as a
continuous network at grain boundaries, it has little enhancement on strength but a significant
decrease on ductility. As the solidus temperature of the alloy is significantly decreased by the
Cu addition, the solidification range of the alloy is increased. This increases the risk of forming
hot tearing. The Cu-containing aluminium alloys normally have a low corrosion resistance
because Cu can disperse in the aluminium oxide film and prevent complete passivation [24-31].
380.0 alloys is a typical Al-Si-Cu based alloy for HPDC, which shows good castability, high
mechanical properties (yield strength 160MPa, UTS 315MPa and elongation 3%) and large

tolerance of impurities.

With a desired high strength, zinc can be added into Al-Si-Cu. Zinc has high solubility in
aluminium in a solid state, but no visible and detectable second phase can be formed up to 1wt.%
Zn [30]. When Zn combines with Mg it forms MgZn,, which can significantly increase the

strength of aluminium alloys. B390 alloy is an Al-Si-Cu based alloy with a 1.5 wt.% Zn, and
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0.45-0.65 wt.% Mg. It shows a relatively high yield strength of 250 MPa and low ductility of
<1%. Due to the high content of Cu and Zn in the alloy, more attention is required to prevent

the formation of hot tearing in castings.

2.8 Al-Si-Mg Alloys

Magnesium is the basis for strength and hardness development in heat treated aluminium-
silicon alloys [30]. With a small amount of Mg addition into Al-Si alloys, Mg combines with
Si and forms Mg2Si phase, to strengthen the alloy. With a T6 heat treatment, Mg.Si precipitates
from the matrix and contributes to a superior strengthening effect. As there is limited solubility
of Mg@zSi in a-Al, the useful solubility of Mg>Si limit corresponds to approximately 0.70% Mg,
beyond which either no further strengthening occurs or matrix softening takes place. The Al-
Si-Mg series alloys (i.e. 360.0) are also considered as a general purpose alloy with good
castability and good strength (yield strength 170 MPa, UTS 305MPa and elongation 3%). When
the Mg addition ranges from 0.4 wt.% -0.6 wt.%, the Mg>Si phase increases the strength and
hardness at the expense of ductility and impact strength. Since the lower electrolytic potential

of magnesium, the Al-Si-Mg alloys have a higher corrosion resistance.

Hekmat-Ardakan and Ajersch [77] reported that various amounts of additional Mg in an A390
(Al-17 %Si-4.5%Cu-0.5Mg) results in the formation of the Mg.Si phase in the microstructure.
There are three Mg addition levels at which Mg2Si intermetallics form at different reactions, as
shown in Fig. 2.8. When the Mg content is below 4.2 wt.%, the Mg>Si intermetallic phase only
appears in the ternary eutecitc zone. When the Mg content is between 4.2 wt.% and 7.2 wt.%,
Mg2Si phase can be formed in both ternary eutectic zone and ternary eutectic reaction. Primary
Mg2Si phase forms when the Mg content is above 7.2 wt.%. Lin et al. [78] also found that 4
wt.% Mg in AI-19Si alloy results in the formation of the primary Mg.Si phase. The yield
strength can be slightly increased and the ductility further decreases by the addition of Mg in
the hyper-eutectic Al-Si alloys.
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Fig. 2.8 The effect of Mg on the transition reactions and corresponding temperatures of A390
alloys [77]. Critical points are at 4.2% and 7.2% Mg. The shaded zone shows the solidification
interval of Mg>Si intermetallic phase for different Mg.

2.9 Al-Mg Alloys

In comparison with Al-Si based die cast alloys, the Al-Mg based die cast alloys require more
care in gating, with the position and size being of increased importance. There needs also a
better control of the temperature gradients due to the greater risk of hot tearing and oxidising
tendencies [45-47] .Thus, a limited number of Al-Mg alloys are currently used in the HPDC
process. Al-Mg alloys have high strength and good ductility, good machinability, weldability
and an attractive appearance whether as-cast, machined, polished or anodised [45-47]. With the
increase of the Mg content in Al-Mg alloys, both yield strength and UTS can significantly
increase but with a reduction of ductility. The Al-Mg alloys (i.e. 518) have a high corrosion
resistance, high strength (yield strength 193MPa, UTS 310MPa) and high ductility (elongation
5%), thus can be used for simple shaped components where good corrosion resistance is needed

due to its poor castability.
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2.10 Fe in Aluminium Alloys

A variety of Fe-rich intermetallic phases have been observed in aluminium alloys. In Al-Si-Fe
system there are five main Fe-rich phases: AlsFe (or AlisFes), a-AlgFexSi (possibly a-
AloFesSin), B-AlsFeSi, 5-AlsFeSiz and y-AlsFeSi [73]. Among them, B-AlsFeSi usually appears
as highly faceted platelets up to several millimetres and it therefore causes the most serious loss
of strength and ductility in the castings [79, 80]. However, the a-AlgFe>Si phase has been
reported as the compounds with many different types of morphology [81,82]. The
morphological changes from plate to Chinese script or compact shapes were reported to
enhance mechanical properties [83, 84]. On the other hand, manganese has been widely used
to suppress the development of long needle-shaped Fe-rich phases and to promote the formation
of compact Fe-rich phases in aluminium alloys [85]. In hypoeutectic Al-Si alloys containing
Fe, Mn and Mg, three Fe-rich phases of a-Alis(FeMn)sSiz, B-AlsFeSi and n-AlgFeMgsSis
compounds have been identified[8,86]. In the commonly used Al-Si-Mg cast alloys, with a
Mn/Fe ratio of 0.5, the structure of Fe-rich intermetallics is body centred cubic a-
Alis(FeMn)sSiz [87,88], which may appear as hexagonal, star-like, or dendritic crystals at
different Mn/Fe ratios [89]. However, in the various results from previous studies, the effect of
Fe on the microstructure is in good agreement in the most popular Al-Si cast alloys, but it is
inconsistencies for the influence of Fe on the mechanical properties of castings. Meanwhile, the
amount of Mn needed to neutralize Fe has not been well established [90,91]. Although Mn/Fe
ratio of 0.5 is desirable for the transformation of B-AlsFeSi to a-Alis(FeMn)sSiz [29,30].

The formation of Fe-rich intermetallics is greatly affected by solidification conditions during
casting [92,93]. The superheat and cooling rate have been reported to affect the nucleation and
growth of the Fe-rich phases and thus to be able to modify the morphology and size of the
intermetallics in aluminium alloys [94,95]. At high cooling rates as in the case of HPDC, the
occurrence of primary B-AlFeSi needles is shifted towards higher iron levels at Fe>1% [96,96].
These observations are important in understanding the microstructure features of Al-Si and Al-
Si-Cu cast alloys. However, insight in solidification of other alloys is still limited in terms of
the Fe-rich intermetallic phases at different contents of Fe and Mn, especially under high
cooling rate with HPDC process. Meanwhile, the thermodynamic modelling by CALPHAD is
becoming an important tool in alloy development, which can determine the phase formation

under the equilibrium condition. The thermodynamic modelling of Al-Fe-Mn-Si system has
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been carried out by Balitchev et al. [97]. They achieved reasonably good results by treating the
a-AlFeMnSi phase as a stoichiometric compound. The similar approaches were also used by
Fang et al. [98] for the formation of Fe-rich intermetallics in semisolid processed A380 and
A356 alloys. These results provided a guideline for understanding the solidification and phase

formation process.

2.11 Ni in Aluminium Alloys

Nickel is defined as impurity in many commercial aluminium alloys with a limitation of
0.2wt.%, although it was used as alloying element up to a level of 2.5 wt.% in some commercial
aluminium alloys, which can be found in both wrought and casting alloys [99,100]. Nickel has
been recognised as a strongly partitioning and slow-diffusing element [101]. Nickel is almost
insoluble in aluminium; with solubility being about 0.05 wt.% at 640 °C and less than 0.005
wt. % at 450 °C. In the Al-Ni binary alloy, the addition of nickel up to 2 wt.% give an increase
in the strength of aluminium, but decreases in ductility [100]. Similar results were found in
multicomponent aluminium systems and the aluminium matrix is unlikely to contain Ni levels
above the equilibrium solubility. It was reported that Ni was mainly associated with iron to
form AlFeSi intermetallics at low levels and to form AIlsNi intermetallics at higher
concentration, such as in an Al-Mg-Si wrought alloy containing 1.4wt.% Ni [102]. A recent
investigation [102] has also shown that Ni additions up to 0.05 wt.% did not have an obvious
influence on the phase constituents of AA6063 alloy, but this level was only at 0.015wt.%Ni
for AA3102 alloy. A significant influence on the microstructure were observed in the as-cast
condition of AA3102 alloy when Ni content was 0.05wt.%. For A356 alloy, Ni additions up to
0.02 wt.% did not have significant influences on the as-cast microstructure, but a new phase
was formed when the Ni addition was increased to 0.05wt.%. A variety of intermetallics have
been found to be AlFeMgSi and AlFeSi phases in the as-cast and heat-treated A356 alloy [102,
103].

2.12 Repeatability and Weibull Analysis

In HPDC, the melt usually fill the die cavity with turbulence flow. These result in the high
possibility of forming varied defects in individual casting. More importantly, the defect
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distribution is very random and irregular, exhibiting a large uncertainty in different castings.
Consequently, the inconsistency of mechanical properties in die castings is a general
phenomenon in production. Gokhale et al. [104,105] examined the effect of porosity on the
tensile strength of cast alloys and confirmed that the tensile properties is decisively dependent
on the distribution and size of microporosity. Surappa et al. [106] pointed out that the tensile
properties of Al-7%Si-0.4%Mg alloy are affected by the cracking initialled from eutectic Si-
particle and micro-voids. Lee and Shin [107] found that the tensile strength and elongation of
as-cast alloy have a strong inverse parabolic dependence on microporosity variation. The
variability in the mechanical properties of castings made in the same conditions has been an
important matter in engineering application. The quantification of load carrying capacity is
critical to describe the material property to the external load. In practice, a relatively large

design margin has to be given in order to eliminate the effect of internal defects.

Statistical evaluations are effective approaches to analyse the reliability and repeatability of
castings because of brittle fracture in structure and especially wide scatter of measuring data
[108]. In the often used average value or the minimum value of measurement, when assessing
the mechanical properties of the castings, the testing data from different locations are usually
overlapped, although the average value can be different. This phenomenon actually exists in
many cases when assessing a new casting process or new materials. Therefore, the widely used
average value with standard deviation seems insufficient to differentiate their characteristics.

As such, the statistical properties provide more information [109].

Weibull statistics has been extensively used characterize the failure of brittle materials.
Numerous studies in the engineering literature have reported the Weibull parameters where the
strengths are related to fractographically determined defect types and sizes in a wide range of
materials [110,111]. Weibull analysis are becoming more common in relate to examine the
defects to strengths of brittle materials, especially for the castings [112,113]. In comparison
with other statistical methods, Weibull statistical analysis has more reliable values in property
evaluation from the point of variables in life and strength parameters [114,115]. In the early
studies, the two-parameter Weibull modulus appeared to be a useful measure of the reliability
of the casting process [116, 117]. Therefore, the two-parameter Weibull modulus has been
extensively used to characterize the tensile properties [118]. Recently, the use of three-
parameter Weibull statistics has been explored to illustrate its superior analytical potential over

the traditional two-parameter approach [119]. The three-parameter Weibull analysis provides
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new information including the minimum values of strength below which the material is
extremely unlike to fail. As such, the three-parameter Weibull statistical analysis is expected to

be more useful to assess the properties of castings [111,112].

2.13 Scope of the Current Research

In the HPDC process, the unique characteristics in quality and cost efficiency are attractive in
automotive applications, in particular in body structure, where castings are characterised by
thin wall, large project area and complicated shape. In the meantime, the castings need to
assemble with sheet and/or extruded components made by wrought alloys. Therefore, the alloys
are required to have improved ductility.

The present study aims to develop a die castable ductile aluminium alloy based on the Al-Mg-
Si system. In order to make the die castable Al-Mg-Si based alloys, the effect of alloying
elements on the microstructure and mechanical properties will be investigated. These elements
are expected to modify the alloy microstructure and improve the mechanical properties of the
die cast alloy. The effect of alloying elements on the solidification and microstructural evolution,
and the mechanical properties of Al-Mg-Si alloys, will be investigated by the combination of
the thermodynamic calculation and experimental validation. The CALPHAD calculation will
be applied to understand the effect of the solute elements on the liquidus temperature, phase
formation, microstructural evolution and solidification process. The calculation results will be
used to guide experimental work and validate alloy composition. The microstructure and
mechanical properties of the alloy will be examined to understand the effect of the selected
elements. The relationship between the microstructure and mechanical properties will be further

investigated to identify the strengthening mechanism in the alloys.

Fe and Ni tolerance in the Al-Mg-Si-Mn alloy will be investigated as it is important for
recycling. The precise accumulation of iron during HPDC using fully recycled materials will
be examined to predict the maximum cycles to produce castings with required mechanical
properties. The strengthening mechanism and the relationship between the microstructure and
mechanical properties are discussed introduce the alloy made by secondary materials.
Meanwhile, the statistics analysis of the castings will be made as an important step for the

developed alloy in application. Weibull statistical analysis of the mechanical properties
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including the yield strength, the ultimate strength and the elongation of the alloy prepared by
HPDC will be carried out to compare the reproductivity of the casting. The measured
mechanical properties of castings will also be assessed by the conventional average value with
standard deviation approach. The microstructure, defects levels and fractural graphical

behaviour will be analysed in relation to the Weibull parameters.
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Chapter 3

Experimental Details

3.1 Melt Preparation

In the present study, alloys were manufactured from commercial purity materials. The specific
compositions of raw materials are shown in Table 3.1. Commercial pure (CP) Al ingots and
CP-Mg were supplied by Norton Aluminium and Magnesium Elektron, respectively. The size
of each ingot was 25 Kg for the CP-Al metal and 7 Kg for the CP-Mg metal. The master alloy
Al-50wt.%Si and Al-20wt.%Mn were supplied by Avon Metals Ltd and around 5kg of each
ingot. The Al-46wt.%Fe was supplied by KBM Affilips and received as small slices with sizes
ranging from 0.5 to 2 cm. It was smashed into small granules (Imm in diameter) before being
used. The Al-5wt.%Be, CP-Cu and CP-Zn were supplied by William Rowland Limited. The
Al-5wt.%Be and CP-Cu were received as extruded billets (1cm in diameter and 5 to 7cm in
length) with about 10g/billet for Al-5wt.%Be and about 40g/billet for the CP-Cu. Zn was
received as semi-spherical small ingots with 4cm in diameter and about a 200g/ingot. In each
experiment, about 6-10 kg of melt was prepared in an A25 clay-graphite crucible with a
dimension of 210x280x155mm, and an electric resistance furnace was used to heat up the
crucible and metals during melting, as shown in Figure 3.1. The clay graphite crucible was

coated with brine-nitride to prevent contamination during the melting.
(@) Preparing of Al-Mg-Si-Mn Melts

During the experiments, each element was weighed to a specific ratio with 5wt. % extra
amounts for burning loss compensation during melting. In each experiment, about 6-10 kg of
melt was prepared in a clay-graphite crucible. An electric resistance furnace was used to heat
up the crucible and metals during melting. All elements, except Mg, were added into the
crucible and heated up to 750°C. After all the initial elements were melted, the melt was held

at 750 °C for 3hrs for homogenisation and the Mg ingots were preheated at 200°C. Then the
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Al-Be master alloy was added at a level of 15ppm of Be, followed by the Mg ingots. After that,

the melt was held at 750°C for 30mins for homogenisation, before degassing.

|

il

-

Figure 3.1 The photo of the electric resistance furnace and the clay-graphite crucible used in

the current study.

Table 3.1 Composition of raw materials used in this study (wt. %)

Si Mg Mn Fe Ti Zn Cu others Al

CP*-Al 0.03 <0.001 0.001 0.08 0.006 0.003 0.001 99.86
CP-Mg 0.012 99.9 0.016 0.003 0.00 0.00 0.0007 <0.001 0.019
Al-50Si 49.07 0.01 0.02 036  0.02 0.01 0.00 0.00 Bal
Al-20Mn 0.1 0.08 19.0 0.4 0.02 0.02 0.04 Bal
Al-46Fe 0.06 0.18 46.45 Bal
Al-5Be 0.019 0.016 <0.01 0.029 <0.01 <0.01 <0.01 Beb548 Bal
CP-Cu 99.99

CP-Zn 99.99

(*CP stands for commercial purity)

For all the experiments, the melt was subjected to fluxing and degassing using commercial

fluxes and rotary degassers with N2.The degassing process lasted around 3.0 minutes, with a

rotating speed of 500rpm/min and a gas flow of 10 L/min. The structure of the degassing

mechanism is shown in Figure 3.2.
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Figure 3.2 (a) Photo of the degassing machine used in experiments and (b) schematic diagram

of the rotary degassing process.

In the rotary degassing method, the rotor was immerged in the crucible under the melt surface
and chemically inactive gas, N2, was purged through the rotating shaft and rotor. The rotating
of shaft produced a large number of fine bubbles, which had a very high surface area-to volume
ratio. Large surface areas promoted fast and effective diffusion of hydrogen into the gas bubbles,
due to the difference of the [H] partial pressure between liquid and N2 gas bubbles. Then the
hydrogen was taken out of the melt through the bubbles. After rotary degassing, a granular flux

was applied on the top surface of the melt to protect the melt.

The sample for composition analysis was taken from the melt after degassing. A mushroom
sample was made by casting the melt directly into a steel mould for the composition analysis.
The mushroom sample was ground down to 800 grid abrasive grinding paper by removing a
depth of 2-5mm. The composition of each alloy was obtained from an optical mass
spectroscopy, as shown in Figure 3.3, which was calibrated before each session and the machine
was switch on at least 30 minutes before starting testing. One proxy sample was measured
before testing the useful sample as a warming up of the machine. During measurement, at least
five spark analyses were performed and the average value taken as the chemical composition

of the alloy.
(b) Addition of Mn

The Mn additions were weighted at the required content with 5wt. % extra amounts for burning

loss compensation during melting. An Al-20wt.%Mn master alloy was added into the crucible
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with the CP-Al and AI-50wt.%Si ingots at beginning of melting. Due to the high melt
temperature of the Al-20wt.%Mn master alloy, the melt was held at 750 °C for 3hrs, with

occasional stirring to homogenise the composition.

Foundry Master Xpert

Analysis

FOUNDRY-MASTER

Figure 3.3 The optical mass spectroscopy for alloy composition analysis.

(c) Addition of Fe

Fe was added only when it was required. It was added into clay-graphite crucible together with
the CP-Al, Al-50wt.%Si and Al-20wt.%Mn alloys. In order to guarantee composition
uniformity, the melt was held about 2 hours, with occasional stirring, to accelerate the
dissolving process. Spark analysis was performed during the melt holding to confirm whether
the Fe was fully dissolved. Since Fe significantly increases the liquidus of the alloy, the holding
temperature for the melt with Fe addition was 100°C above its liquidus, which was calculated
using CALPHAD.

(d) Addition of Cu

Cu was added only needed when essential; it was added into the clay-graphite crucible with the
CP-Al, Al-50 wt.%Si and Al-20 wt.%Mn. The burning loss of Cu is very low; therefore no
burning loss was applied during melting. Due to the high melt temperature of the pure Cu, the

melt was held at 750°C about 2 hours, with occasional stirring to homogenise the composition.
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3.2 High Pressure Die Casting

A standard cold chamber HPDC machine, DAK450-54, made by Frech Ltd. was used for
producing tensile samples. The over view of the machine is shown in Figure 3.4, and the main
technical parameters are shown in Table 3.2. The plunger diameter was 70mm, and the effective
shot sleeve length was 50cm. A set of die was used to make standard tensile test samples. The
size of the samples were designed according to ASTM B557-06 [120]. The detailed structure
of the diecasting, with biscuit and over flow, is shown in Figure 3.5. Six tensile test samples
were made in each shot. In the die block, a number of channels were made for heating and
cooling the die to maintain it at a required temperature. During casting, the die block was heated

by circulation of mineral oil at 250 °C.

Table 3.2 Main parameters of DAK450-54 HPDC machine used for the present study.

Locking force 5000 kN Max. injection force 548 kN
Locking stroke 675 mm  Injection stroke 500 mm
Ejector force 241 kKN Plunger diameter 60 — 100 mm (70 mm used)
Ejector stroke 150 mm  Casting volume 942 — 2617 cm?®
Operation pressure 160bar Special casting pressure 1936 — 2697 daN/cm?
. ‘r PN S N 110 2350 I‘
=g Sl
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Figure 3.4 The Frech DAK450-54 cold chamber HPDC machine used in experiments
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Figure 3.5 Diagram of diecastings for the standard tensile testing samples of cast aluminium
alloys according to the specification defined in the ASTM B557-06. The overflow and biscuit
are designed in association with the cold chamber diecasting machine and the dimensions are

in mm.

The steps for the HPDC process include: (a) carefully clean the die surfaces of any material left
from previous castings and coat with a graphite oil based lubricant to aid ejection of cast
samples; (b) transport the melt from the crucible by using a born nitride coated steel ladle and
wait until the melt temperature reaches a pre-set temperature (60 °C above the alloy liquidus),
then pour the melt into the shot sleeve of the HPDC machine; (c) activate the HPDC machine
to apply the shot according to the set profile of the plunger speed, position and pressure. The
machine automatically runs through the cycle of injection, intensification, dwelling (while the

casting fully solidifies) and finally ejection of the cast component.

During casting, the weight of each shot was bout 800g. The injection profile for the speed and
pressure are shown in Figure 3.6. According to Figure 3.5, the total ingate area is 1.2cm?, and
the total area for the plunger is 38cm?. With the speed of the plunger shown in Figure 3.7, the
ingate speed is calculated as 32m/s. By comparing the calculated speed with the commonly
used injection speed for aluminium alloys, which is 3-80 m/s and typically between 20 and

35m/s [121], the casting parameters selected for the present study are appropriate.
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Figure 3.6 The programed injection velocity and pressure profiles for the Frech DAK450-54
450 tone cold chamber HPDC machine

Figure 3.7 The actual injection profiles of the piston forwarding along the shot sleeve and the
pressure with the time after trigged at 430mm during HPDC process.

3.3 Microstructure Observation and Analysis

3.3.1 Sample Preparation for Microstructure Analysis

Specimens for microstructural examination were cut from the middle of the round tensile
samples and mounted in Bakelite by Buehler SimpliMet® 1000. The Bakelite mounted
specimens were grinded and polished by using a Buehler Automet® 250 machine. Varied grits
of SiC abrasive papers (120 600 800% 1200%, 2400, and 4000%) were used to grind the
mounted samples. The grinding times for each paper bellow 2500 grid were about 1.0min, and
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30s for 2500 and 4000* papers. Silica suspension (OPS) was used to polish the samples for 3-
10min with a load of 5N. After polishing, specimens were cleaned in an ultrasonic bath
(Engisonic B220) for 10 minutes to remove dirt from the surface. There was no etching on all
samples were carried out using 10vol.%NaOH water solution. The etching time varied from

30s to 1 min according to the condition of each sample.

@ (b)

Figure 3.8 (a) Graphical illustration of the cutting position for the microstructure observation,

and (b) the photo of Bakelite mounted specimens.
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Figure 3.9 (a) The photo of the Buehler SimpliMet 1000 machine for sample Bakelite mounting,
and (b) the photo of the Buehler Automat 250 machine.

3.3.2 Optical Microscope

A Zeiss Optical Microscopy (OM) equipped with an AxioCam MRC digital camera and
computer was used to observe microstructures from non-etched surfaces, as shown in Figure
3.10. “Axioshop 2MaT0” software was used to acquire pictures from digital camera and analyse
the images. The microstructures of the alloy were taken at 1-2mm from the edge of specimens
in order to get a representative structure. The grain size, shape factor, and volume fraction,

porosity fraction were measured by using the automatic measurement program in the
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“Axioshop 2MaT0” software, as shown in Figure 3.11. Manual adjustments for contrast, phase
selection, and phase segregation were required during the automatic measurement. Five to ten
different fields on the cross section of the sample were analysed from each specimen, and the
average was taken as the actual measurement value. Equivalent diameter is the diameter of a

circle having the same area as that of the particle/or phase [122]. It can be calculated as:

Equivalent diameter = (4Area/m)’° (3.1)

Figure 3.10 The photo of Zeiss Optical Microscope (OM) with an AxioCam MRC digital

camera.

ey

Figure 3.11 The interactive interface of the automatic measurement program in the“Axioshop
2MaTO0” software.
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3.3.3Scanning Electron Microscope (SEM)

The advantage of SEM over optical microscopy is the large depth of field and higher resolution,
thus producing high resolution images at high magnification. A typical SEM instrument,
showing the electron column, sample chamber, EDS detector, electronics console, and visual
display monitors. The scanning electron microscope (SEM) uses a focused beam of high-energy
electrons to generate a variety of signals at the surface of solid specimens. The signals that
derive from electron-sample interactions reveal information about the sample including
external morphology (texture), chemical composition, and crystalline structure and orientation
of materials making up the sample. In most applications, data are collected over a selected area
of the surface of the sample, and a 2-dimensional image is generated that displays spatial
variations in these properties. Areas ranging from approximately 1 cm to 5 microns in width
can be imaged in a scanning mode using conventional SEM techniques (magnification ranging
from 20X to approximately 30,000X, spatial resolution of 50 to 100 nm). The SEM is also
capable of performing analyses of selected point locations on the sample; this approach is
especially useful in qualitatively or semi-quantitatively determining chemical compositions
(using EDS), crystalline structure, and crystal orientations (using EBSD). The design and
function of the SEM is very similar to the EPMA and considerable overlap in capabilities exists

between the two instruments.
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Figure 3.12 Diagram of SEM system.

Accelerated electrons in an SEM carry significant amounts of kinetic energy, and this energy

is dissipated as a variety of signals produced by electron-sample interactions when the incident
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electrons are decelerated in the solid sample. These signals include secondary electrons (that
produce SEM images), backscattered electrons (BSE), diffracted backscattered electrons
(EBSD that are used to determine crystal structures and orientations of minerals), photons
(characteristic X-rays that are used for elemental analysis and continuum X-rays), visible light
(cathodoluminescence—CL), and heat. Secondary electrons and backscattered electrons are
commonly used for imaging samples: secondary electrons are most valuable for showing
morphology and topography on samples and backscattered electrons are most valuable for
illustrating contrasts in composition in multiphase samples (i.e. for rapid phase discrimination).
X-ray generation is produced by inelastic collisions of the incident electrons with electrons in
discrete orbitals (shells) of atoms in the sample. As the excited electrons return to lower energy
states, they yield X-rays that are of a fixed wavelength (that is related to the difference in energy
levels of electrons in different shells for a given element). Thus, characteristic X-rays are
produced for each element in a mineral that is "excited" by the electron beam. SEM analysis is
considered to be "non-destructive™; that is, x-rays generated by electron interactions do not lead

to volume loss of the sample, so it is possible to analyse the same materials repeatedly.

Figure 3.13 The photo of Zeiss Supera 35 FEG scanning electron microscope (SEM) equipped

with an energy dispersive X-ray spectrometer (EDX) facility.

The SEM system at Brunel University is a Zeiss Supra 35VP FEG scanning electron microscope,
as shown in Figure 3.12. For chemical composition analysis, the SEM was equipped with an
energy dispersive X-ray spectrometer (EDX) and Oxford Instruments Inca. The data was then
ZAF corrected. During experiments, a working voltage of 3-20KV and a working distance of
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8-10 mm were selected to take images. When the quantitative analysis was selected, a 20KV
accelerating voltage was used and the system was calibrated with Cu before each session. The
accuracy of the quantitative EDX was within 0.1%. To minimise the influence of the interactive
volume, at least five analyses on selected grains were conducted for each phase and the average

was taken as the measurement.

3.4 Mechanical Property Measurement

The strength of a material is its ability to withstand an applied load without failure. The field of
strength of materials deals with forces and deformations that result from their acting on a
material. The methods employed to predict the response of a structure under loading and its
susceptibility to various failure modes takes into account the properties of the materials such as
its yield strength, ultimate strength, Young's modulus; in addition the mechanical element's
macroscopic properties (geometric properties), such as it length, width, thickness, boundary
constraints and abrupt changes in geometry such as holes are considered. The stresses and
strains that develop within a mechanical member must be calculated in order to assess the load
capacity of that member. This requires a complete description of the geometry of the member,
its constraints, and the loads applied to the member and the properties of the material of which
the member is composed. With a complete description of the loading and the geometry of the
member, the state of stress and of state of strain at any point within the member can be
calculated. Once the state of stress and strain within the member is known, the strength (load
carrying capacity) of that member, its deformations (stiffness qualities), and its stability (ability
to maintain its original configuration) can be calculated. The calculated stresses may then be
compared to some measure of the strength of the member such as its material yield or ultimate
strength. The calculated deflection of the member may be compared to deflection criteria that
are based on the member's use. The calculated buckling load of the member may be compared
to the applied load. The calculated stiffness and mass distribution of the member may be used
to calculate the member's dynamic response and then compared to the acoustic environment in

which it will be used.

Material strength refers to the point on the engineering stress-strain curve (yield stress) beyond
which the material experiences deformations that will not be completely reversed upon removal

of the loading and as a result the member will have a permanent deflection. The ultimate
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strength refers to the point on the engineering stress-strain curve corresponding to the stress
that produces fracture, as shown in Figure 3.14.
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Figure 3.14 Diagram of tensile property testing

A universal materials testing machine, Instron® 5569, equipped with Bluehill software and a +
50KN load cell was used for the tensile tests, as shown in Figure 3.15. The tensile test results
including yield stress, ultimate tensile strength and Young’s modulus were recorded by the
Bluehill software during automatic testing. The stress (o) (calculated from the load) and strain
(¢) (calculated from the extension) was either plotted as nominal stress against nominal strain,
or as true stress against true strain. The yield strength was measured as 0.2% proof stress on the
stress-strain curve, the elongation was measured at the fracture strain and the UTS was
measured as the fracture stress. All the round samples were tested at room temperature (25°C)
with a 25mm gauge length extensometer and an extension ramp rate of 2mm/min, strain rate:
1.33x1073s. The data was then collected from the average value of 10 to 15 samples without

showing obvious casting defects on the fracture surfaces.
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Figure 3.15 The photo of Instron® 5569 universal materials testing machine.

3.5 CALPHAD Calculation

The CompuThermal PandaT 8.2 software (Figure 3.16) is a powerful software program for
calculating thermodynamic properties and phase diagrams in multi-component systems [123].
The calculations are based on models for the Gibbs free energy of each phase in a particular
system [124]. The thermodynamic parameters required for calculations are optimised and
achieved by data collected from published journals and other commercial thermodynamic
databases, therefore the model fits the available experimental data for a given phase [125]. The
temperature-composition is used as a calculation space and one or more points in the

temperature-composition space can be defined in each calculation.

In the present study, the Al8 database was used to calculate phase formation, solid fraction,
solidification range and non-equilibrium solidification curve in the Al-Mg»Si alloys with excess
Mg and other solute elements. The Al8 database was loaded with 22 common elements and 182
phases. Both the Equilibrium model and Scheil model were used during calculation. This
enables a preview of the selected alloy in the liquidus, microstructural evolution and phase
formation, solidification process, the effect of different solute contents on the phase formation
and guidance in the experimental validation of the alloy in selected composition, melting

preparation and casting processes.
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Figure 3.16 The interactive interface in the CumpuThermal Pandat 8.2 software.

The section calculation was used to acquire the two-dimensional (2D) section of the Al-Mg.Si
alloys with varied solute elements. Three non-collinear points in the calculation space were
used to define a 2D section, as shown in Figure 3.17. The calculation parameters are listed in
Table 3.2. In the results shown in following Chapters, the isopleth sections of the alloys were
calculated. The Y-axis to the origin point was set with the temperature descending from 1000°C
to 0°C. The X-axis was set with an ascending of calculated elements. The isopleth sections of
the alloy with varied solute elements were set with the origin composition. The solidification
ranges for the alloy with varied solute elements were acquired from the isopleth sections of
each alloy system by calculating the temperature range between the solidus and the liquidus.
The non-equilibrium calculations were based on the Scheil model under 1 atmosphere pressure.
The maximum temperature step was set at 4°C, and the calculation was stopped when the solid
fraction was less than 0. The weight fraction of each phase and the concentration variation of

different elements were acquired from the non-equilibrium results.
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Figure 3.17 The interactive interface in the CumpuThermal Pandat 8.2 software for the 2D
section calculation.
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solidification calculation and the calculation options.
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Chapter 4
Composition Optimisation of Al-Si-Mg-Mn Alloy

4.1 Introduction

Currently, there is still a lack of clear requirement for the cast alloys used in automotive body
structure, partially because of the insufficient experience in the application of aluminium
automotive body. However, we can obtain indications from the extensively used wrought alloys
in the body structure. The basic requirements for the cast alloys suitable for automotive body

structure are summarized as follows:

(1) Die-castable at typical wall thickness of 2 to 4mm with low level of porosity,

(2) Excellent ductility with breaking elongation at least 15% under as-cast condition,

(3) A level of 150MPa of yield strength and 300MPa of ultimate tensile strength of die
casting under as-cast condition,

(4) Appropriate corrosion resistant,

(5) Potential of paint baking hardening at 180°C for 30 minutes that is commonly used in
industry,

(6) Compatible with wrought aluminium alloys used as sheet/extruded parts in automotive
body structure. This is particularly important for the possible closed loop recycling of

materials in the future.

Of these requirements, the properties and cost are two major concerns. The requirements of the
properties include the mechanical performance and the corrosion resistance. The cost control
includes the use of die castings that can easily achieve massive production and hence lowering
the component cost. Meanwhile the compatibility with wrought alloys can reduce the recycle

cost at the end life of vehicles.

The properties of a die-cast alloy depend firstly on its composition, although the effect of the
processing during its production is also very important. Each alloying element affects the alloy
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properties both independently and interactively [126]. Currently, the die-cast aluminium alloys
include AI-Si-Cu, Al-Si and Al-Mg-Si and Al-Mg alloys, as shown in Table 2.2, 2.3 and 2.4.
Al-Si-Cu and Al-Si alloys are the most popular die-cast alloys that offer a good combination of
strength, castability and processability, but less ductility. AI-Mg-Si alloy can provide a better
ductility, but still is not sufficient for car body structure. The specification of available Al-Mg-
Si die-cast alloys varies in different countries. Some of them are listed in Table 4.1 with the
grade designation and composition [127,128]. The alloys provide mechanical properties at 90-
120MPa of yield strength, 170-280MPa of ultimate tensile strength and 3-5% of elongation. To
meet the requirement mentioned above for the automotive body structure, the ductility needs to
be improved significantly, while both the yield strength and the ultimate tensile strength should
be further improved. On the other aspects, high level of magnesium in aluminium alloys can
easily cause oxidization during processing and extra care needs to be taken for Mg content in

the alloy, although it can be minimized by adding a small amount of beryllium.

In consideration of the wrought aluminium alloys that have been extensively used in automotive
body structure; the main alloying elements are Mg, Si and Cu, as seen in Table 2.1. Therefore
it is advantage to use Al-Mg-Si alloy for automotive body structure if its ductility can be
improved under as-cast condition. This can offer a possibility to achieve closed loop recycling
at the end life of body structure, which is beneficial for the environment and cost-saving. In
recent years, trials have been made to add rare earth elements or scandium to Al-Mg-Si alloys
in order to improve the mechanical properties [129, 130]. However, the utilization of costly
elements is not preferred in industry. Therefore, the development of new Al-Mg-Si die-cast

alloy should firstly focus on the composition optimization with less level of the costly elements.
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Table 4.1 The composition of die-cast Al-Mg-Si alloy designed in different countries.

Country Alloy Si Mg Fe Cu Mn Zn Ti Others Al
UK (BS1490) LM5 0.3 3.0-6.0 0.8 0.1 0.3-0.7 0.1 0.05 Ni0.3, Pb0.1 Bal.
China (GB/15115) YL302 0.8-1.3 4.5-55 <1.2 <0.1 0.1-04 <0.2 <0.2 - Bal.
Germany (DIN) GK-AIMg5Si  0.9-1.5 4.8-5.5 0.4 0.03 <0.4 0.1 0.001 - Bal.
France (NFA57-105)  AG66 0.4 5.0-7.0 0.5 0.1 0.5 0.2 0.2 Ni0.05,Pb0.05, Bal.
Sn0.05
Russia (TOGT 2685)  AMr4Kl1 1.3-1.7 4.5-5.2 0.4 0.7-1 0.6-0.9 - 0.1-0.25 Be 0.003 Bal.
Japan (JIS H2212) ADC6 <1.0 2.6-4.0 <0.6 <0.1 0.4-0.6 <0.4 Ni<0.1,Sn<0.1 Bal.
USA (ASTM B179) 516.0 0.3-15 25-45 0.35-1.0 0.3 0.15-04 0.2 0.1-0.2 Ni0.25-0.4 Bal.
Sweden 4163 0.5-15 4.0-6.0 05 0.1 0.5 0.2 0.2 Ni0.05,Pb0.05, Bal.
Sn0.05
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This Chapter describes the development of a die-cast aluminium alloy that can satisfy the
requirement of mechanical properties, in particular ductility for application in automotive body
structure. The CALPHAD (calculation of phase diagrams) method [131] was used to
systematically analyse the Al-Mg-Si-Mn based alloys in thermodynamics such as the freezing
ranges, phase formation and transformation temperatures, and the fractions of each phase
during solidification. The experimental investigation for the effect of various alloying elements
on the mechanical properties was carried out and the optimised alloy composition was finalised.
Because the paint baking hardening has been widely used in automobile industry for property
enhancement of aluminium alloys, an investigation of the effect of a simulated ageing process

at 180°C on the mechanical properties of casting was also carried out.

4.2 Thermodynamic Assessment of Al-Mg-Si-Mn Alloy

4.2.1 Basic consideration during CALPHAD calculation

In order to understand the solidification behaviour and compound formation at different
element combinations in the Al-Mg-Si-Mn based alloys, the thermodynamics evaluation was
carried out using the PanAl database in Pandat software [128]. During calculation, several
factors are considered in order to improve the ductility:

(1) Primary intermetallics phase. As the primary intermetallics decrease the ductility of
castings, the primary intermetallics phase in the cast alloys should be strictly controlled in
order to improve the ductility. This means that the alloy composition should be controlled
within or very close to the range where a-Al primary phase can be formed as prior phase
during solidification.

(2) Primary a-Al phase. In the cast aluminium alloys, the primary fcc a-Al phase improves the
ductility and enhances the solution strengthening. Therefore, it is desirable that the alloy
has a high volume fraction of the primary o-Al phase in the as-cast microstructure.
However, the increase of primary a-Al phase needs to reduce the solute content, which will
reduce the actability. Therefore, the balance is critical.

(3) MgaSi phase. Mg>Si is a strengthening phase but harmful to ductility of the cast alloys.
Therefore, the amount of the Mg.Si phase should be controlled at a reasonable level to
maintain the optimised combination of the strength and ductility.
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(4) Freezing range. Freezing range plays a very important role in determining the solidification
microstructure of the alloy. A wide freezing range will promote the formation of hot tearing
and porosity in castings, resulting in the reduction of the mechanical properties including
ductility. Therefore, it is preferred to have a relatively narrow freezing range in cast alloys.

(5) Impurity elements. The introduced elements as impurity promote the formation of
intermetallics in the alloy. In order to minimise their detrimental effect, it is necessary to
control the content of the impurities by forming solid solution rather than intermetallics
during solidification.

4.2.2 Calculation of the effects of Mg and Si

Figure 4.1 shows the freezing ranges of the Al-Mg-Si alloys. As seen the solidification range
changed rapidly with various the Mg and Si contents. All the results showed reductions of
solidification range with increasing Mg content first and then increases with further increase
of the Mg contents. The minimum solidification ranges corresponded to the different Mg and
Si contents, but the low Si was usually associated with low Mg at the minimum solidification
ranges. When Si was from 2wt.% to 5wt.%, the minimum freezing range was small with the
corresponding Mg content from 5wt.% to 9wt.%. Figures 4.2 and 4.3 show the sectional
liquidus of Al-Mg-Si alloy affected by Mg and Si contents. It is seen that the Mg content was
associated with Si. If Mg was at 4wt.%, Si content should be controlled below 2.2wt.% in order
to obtain primary a-Al as prior solidification phase. If Mg was at 6wt.%, Si content could be
at a level of less than 1wt.%. This means that a higher Mg content is usually associated with

low Si content in the alloy.
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Figure 4.1 The freezing ranges of Al-Mg-Si alloys.
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Figure 4.4 The solidification simulations of Al-(3,5,7)Mg-2Si alloys using Scheil model (note:
calculation with 0.6Mn-0.25Fe in the alloys).

Table 4.2 The phase fraction of each phase of Al-(3, 5, 7)Mg-2Si-0.6Mn-0.25Fe alloys
calculated using Scheil model.

Al-3Mg-2Si-0.6Mn- Al-5Mg-2Si-0.6Mn- Al-7Mg-2Si-0.6Mn-

Phase 0.25Fe 0.25Fe 0.25Fe
o-Al 0.9491 0.9340 0.9083
Alis(Fe,Mn)sSi; 0.0168 0.0178 0.0185
Mg;Si 0.0282 0.0463 0.0487
AlsFeMg:Sic 0.0014 0 0
B-AlFeSi 0.0005 0 0
Si 0.0040 0 0
o-AlFeSi 0 0.0003 0
AlssFes 0 0.0003 0.0006
B-AIMg 0 0.0013 0.0239

Figure 4.4 shows the solidification simulation of Al-(3, 5, 7) Mg-2Si alloys using Scheil model
in the CALPHAD method. From calculation, about 99% liquid was solidified at 589 °C in Al-
5Mg-2Si alloy, it, therefore, representing the finish of solidification. The volume fractions of
each phase in Al-(3, 5, 7)Mg-2Si alloys are shown in Table 4.2. From Table 4.2 and Figure 4.4,
it is seen the Al-5Mg-2Si was capable of producing a good combination of the volume fraction
of each phase and the good solidification ranges. Therefore, it could be the good selection for

the alloy composition.

4.2.3 Calculation of the effect of Fe and Mn

The effect of Mn on the liquidus projection of Al-Mg-Si system is calculated and shown in
Figure 4.5 for the sectional liquidus of the alloys with 0.3, 0.6 and 0.9wt.% Mn. The results
show that the range of the primary a-Al phase became smaller with the increase of Mn content.
The primary Alis(Fe,Mn)sSiz phase emerged between the a-Al and the Mg.Si phases when Mn
content was increased to a level of 0.6wt.%. Meanwhile, it is seen that the area of forming
primary AIMnSi phase became larger with the increase of Mn content. Furthermore, when Mn
content was increased to 0.9wt.%, the Alis(Fe,Mn)sSi2, AIMnSi and AlFeMn phases solidify
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as prior primary phase before the formation of primary a-Al phase in the alloy. As mentioned
above, the formation of the primary intermetallic phases are undesirable. Therefore, the Mn

content needs to be controlled at low level in the Al-Mg-Si alloys.

15 20 25 30
Mg / wt.%

5 10
Al(Fe,Mn)

Figure 4.5 The effect of Mn on the liquidus projection of Al-Mg-Si system.

The vertical sections of 0.3 and 0.6wt.% Mn in the Al-Mg-2Si-Mn quaternary system are
presented in Figure 4.6, from which it can be seen that, in the Al-rich side, Alis(Fe,Mn)sSiz
phase solidified after the solidification of primary a-Al phase with 0.3 and 0.6wt.% Mn. In the
phase diagram, the freezing range of the alloy with 0.3wt.% Mn essentially equalled to that
with 0.6wt.% Mn. However, the formation range of Alis(Fe,Mn)sSiz phase in the alloy with
0.3wt.% Mn was much smaller than that with 0.6wt.% Mn. The Mn content in the alloy could
be further optimised through examining the vertical sections of the equilibrium phase diagram
in the alloys with varied Mg and Si. It is seen that 0.6+0.1wt.% Mn addition could suppress the
formation of the primary intermetallic phases during solidification.
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Figure 4.6 The vertical sections of 0.3 and 0.6wt.% Mn in the Al-Mg-2Si-Mn quaternary
system.

The effect of Fe and Mn in the alloy can be analysed with various Mg and Si contents. This
can be seen from the sectional liquidus of Al-5Mg-(1, 2, 3, 4, 5) Si-Mn-Fe alloys, as shown in
Figure 4.8, which revealed that the Mn/Fe ratio was important for the formation of
intermetallics in the alloys. In order to eliminate the formation of primary Alis(Fe,Mn)sSi2
phase the Fe concentration should be limited to a low level of 0.05wt.% in the alloy when Si
content was 1wt.% and Mg content was up to 8wt.%. This is obviously difficult to achieve in
production. However, by comparing the results in Figure 4.5 and 4.7, the limitation of Fe
content could be increased if Si was at a higher level and the Mg content also could be lowered
to a level of 5wt.%. When Si was increased in the alloy, the liquidus lines move from higher
Mn and Fe contents to lower Mn and Fe contents. In other words, when Mn was fixed, the
increased Si was associated with a higher Fe content at the liquidus temperature. When Fe
content was fixed, the increased Si in the alloy was associated with a lower Mn content at the
liquidus temperature. Figure 4.7b shows the sectional liquidus temperature of the alloy with
5wt.%Mg and varied Si contents. It is seen the Mn/Fe ratios was different in order to obtain
primary o-Al phase in the alloys during solidification. When Mn was at 0.4wt.%, Fe
concentration could be 0.37wt% at 2wt.%Si , but Fe concentration could be up to 0.5wt.% at
1.5wt.%Si. However, when Mn was increased to 0.6wt.%, Fe concentration could be only
0.16wt% at 2wt.%Si and could be 0.25wt.% at 1.5wt.%Si. Therefore, the selection of Mn
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content could be altered with the variation of Fe and Si content. It is desirable that the Mn
content should be controlled at a lower level in order to have higher Fe content in the alloy.
However, Mn was an important element to prevent the die soldering in aluminium alloys. As
a result, the content of Mn is suggested to be 0.6wt.% with a comprehensive consideration, and

thereby, Fe concentration is suggested to be less than 0.25wt.%.
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Figure 4.7 Sectional liquidus of (a) Al-(2,5,8)Mg-1Si-Mn-Fe, (b) Al-(2,5,8)Mg-2Si-Mn-Fe,
and (c) Al-(2,5,8)Mg-3Si-Mn-Fe.

4.2.4 Solidification and phase formation

The calculated vertical section of Al-5Mg-Si-0.6Mn-0.25Fe alloy is shown in Figure. 4.8. The
binary eutectic reaction point of L— a-Al + Alis(Fe,Mn)3Si> was 1.45wt.% Si at 625°C. Thus
the Al-5Mg-2Si-0.6Mn-0.25Fe alloy was very close to eutectic composition. In equilibrium
state, very little Alis(Fe,Mn)sSiz could solidify as prior phase at 631°C, then the a-Al phases
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solidify in association with the Alis(Fe,Mn)sSiz phase, from L— o-Al + Alis(Fe,Mn)sSi; at
623°C, which was a deviatory binary eutectic reaction. With the decrease of temperature, the
liquid undertakes a eutectic reaction of L— a-Al + Alis(Fe,Mn)sSi> + Mg2Si at 584°C. As the
solidification of melt usually does not follow equilibrium reaction, especially for casting
process, the Scheil module is used to simulate the solidification process.
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Figure 4.8 The calculated vertical section of Al-5Mg-Si-0.6Mn-0.25Fe alloys.
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Figure 4.9 Solidification processes at equilibrium and non-equilibrium states.

For comparison purpose, it was calculated the solidification process using the CALPHAD
method in equilibrium state and non-equilibrium state, in which the level rule and Scheil model
are used respectively. Figure 4.9 shows the calculated results in the equilibrium and non-
equilibrium states for the Al-5Mg-2Si-0.6Mn-0.25Fe alloy. It is seen that the solid fraction in

non-equilibrium state was less than that in equilibrium state before the occurrence of eutectic
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reaction L— a-Al + Alis(Fe,Mn)sSi; + Mg2Si. This means that less Alis(Fe,Mn)sSi2 phase was
solidified in the binary reaction and more eutectic microstructure was formed in non-
equilibrium state. The solidification processes of the Al-5Mg-2Si-0.6Mn-0.25Fe alloy in the
equilibrium and non-equilibrium states are listed in Table 4.3. It can be seen that the primary
a-Al phase amount solidified at first stage (L— a-Al + Alis(Fe,Mn)sSi2) in equilibrium state is
6.4 percent more than that in non-equilibrium state. However, the total amount of a-Al phase
solidified in equilibrium state equalled to that in non-equilibrium state. Several reactions
including L— a-Al + Alis(Fe,Mn)sSiz2 + M@2Si + a-AlFeSi, L— a-Al + Mg2Si + AlisFes, and
L— a-Al + MgSi + B-AlMg could occur during the subsequent solidification according to the
calculation using Scheil model. It is seen that the remnant liquid prior to these reactions was at
a level of no more than 0.08,Therefore, these reactions might not take place simultaneously
and completely in the following stage of non-equilibrium solidification, in particular, under
high cooling rate such as high pressure die casting. Moreover, the solid fraction of the coarse
primary a-Al phase solidified was at a level of 0.616 calculated by Scheil model, which was
close but less than the critical amount of forming solid skeleton. By calculating the solid
fraction of varied phases in the Al-8Mg-2Si-0.6Mn-0.25Fe alloy in the equilibrium and non-
equilibrium states, the results are shown in Table 4.4. The results in Tables 4.3 and 4.4 revealed
that the phase fraction of Alis(Fe,Mn)sSi2 solidified at the first stage increased from 0.017 to
0.018 when Mg was increased from 5wt.% to 8wt.%. The phase fraction of primary a-Al phase
decreased from 0.616 to 0.425 for the same level of increase of Mg content in the alloy. The
reduction of the amount of the primary a-Al phase was significant at a level of 0.191. The
increased solid fraction of the primary a-Al phase was beneficial for the improvement of
ductility of the alloy. On the other hand, the calculation confirmed that the amount of Mg.Si
phase solidified at the last stage increased with Mg. As the M@Si phase and B-AlMg phase
was detrimental to the elongation of the alloy. The amount of these intermetallic compounds

should be tightly controlled. The amount of a-AlFeSi phase and AlisFes phase were negligible.

Table 4.3 The solidification processes of the AI-5Mg-2Si-0.6Mn-0.25Fe alloy at the

equilibrium and non-equilibrium states.

Equilibrium state Non-equilibrium state
Reaction Phase fraction Reaction Phase fraction
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L —
AI15(Fe,Mn)3Si2

f(Al 15(Fe, M n)3Si2):0.0
035

f(liquid)=0.9965

L— A115(Fe, M n)3Si2

f(AI15(Fe, M n)38i2)20.0035

f(liquid)=0.9965

L — a-Al +
AI15(Fe,Mn)3Si2

f(AlL5(Fe,Mn)3Siz)=0.0
193

f(a-Al)=0.6558

f(liquid)=0.3249

L — o-Al +
A|15(FE,MH)3Si2

f(Al1s(Fe,Mn)sSiz)=0.0169
fo-Al)=0.6161

f(liquid)=0.3670

L — o-Al +
AI15(Fe,Mn)3Si2 +
Mg.Si

f(Al1s(Fe,Mn)sSiz)=0.0
202

f(a-Al)= 0.9373

f(Mg,Si)= 0.0425

L — a-Al +
AI15(Fe,Mn)3Si2 + Mgzsi

f(AlLs(Fe,Mn);Siz)=0.0178
f(a-Al)=0.8617
f(Mg.Si)= 0.0365

f(liquid)=0.0840

L — o-Al +
A|15(Fe,|\/|n)35i2 + Mgzsi
+ a-AlFeSi

f(AlLs(Fe,Mn)Siz)=0.0178
f(a-Al)=0.8951

f(Mg,Si)= 0.0414
fa-AlFeSi)=0.0003

f(liquid)=0.0454

L — o-Al + Mg,Si +
A|13F€4

and

L — a-Al + Mgzsi +
AlisFes + B-AlMg

f(Al5(Fe,Mn)sSiz)= 0.0178
fla-Al)= 0.9340

f(Mg,Si)= 0.0463
f(a-AlFeSi)= 0.0003
f(Al1sFes)= 0.0003

f(B-AlMg)= 0.0013
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Table 4.4 The solidification processes of the AI-8Mg-2Si-0.6Mn-0.25Fe alloy at the

equilibrium and non-equilibrium states.

Equilibrium state Non-equilibrium state

Reaction Phase fraction Reaction Phase fraction
f(AI15(Fe,Mn)3Si2):O.011 f(AI15(Fe,Mn)3Si2):

L— 2 . 0.0112

Alis(Fe,Mn)sSi, L — Alis(Fe,Mn)sSiz
f(liquid)=0.9888 f(liquid)= 0.9888
f(AI15(Fe,Mn)3Si2):O.018 f(AI15(Fe,Mn)3Si2):
9 0.0180

L — a-Al + L — o-Al +

Al;s(Fe,Mn)sSi; f(a-Al)=0.4458 Alis(Fe,Mn)sSi; f(a-Al)=0.4247
f(liquid)=0.5353 f(liquid)=0.5573

f(AI15(Fe,Mn)3Si2):

f(AI15(Fe,Mn)3Si2): 0.018826

L Al 0.019192

— O- + _
- fla-Al=0.727301
Als(Fe.MN)sSiz + g A= 0.920137 ,I&I_)l(:l A|\J|+ Si, + MgsSi (oA
MgsSi (a-Al)=0. 15(Fe,Mn)sSi, + Mg,Si

f(Mg,Si)= 0.038551
f(Mg,Si)= 0.051671
f(liquid)= 0.215321
f(Al1s(Fe,Mn)sSiz)=
0.0189

fa-Al)= 0.8875

L — a-Al + MgSi +

A|13F€‘4 f(Mgzsi)= 0.0493
f(A|13Fe4)= 0.0006
f(liquid)= 0.0437
f(Al5(Fe,Mn)sSiz)=
0.0189
f(o-Al)= 0.8927

L — a-Al + MgSi +

AI13Fe4 + B-A'Mg f(Mngl): 0.0494
f(A|13Fe4): 0.0006

f(B-AIMg)= 0.0384
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Table 4.5 The phase fraction of each phase of Al-5Mg-1.5Si-0.6Mn and Al-5Mg-2Si-0.6Mn
alloys with 0.25, 0.5 and 1wt.% Fe addition calculated using Scheil model.

Phase Al-5Mg-1.5Si-0.6Mn Al-5Mg-2Si-0.6Mn
0.25wt.%Fe 0.5wt% Fe 1wt% Fe 0.25wt.% Fe 0.5wt.% Fe 1wt.% Fe

a-Al 0.9373 0.9291 0.9163 0.9340 0.9258 0.9127
Alis(Fe,Mn)sSi.  0.0165 0.0225 0.0271 0.0178 0.0236 0.0296
Mg:Si 0.0346 0.0338 0.0335 0.0463 0.0451 0.0442
B-AlMg 0.0108 0.0117 0.0121 0.0013 0.0023 0.0032
AlisFeq 0.0008 0.0029 0.0110 0.0003 0.0005 0.0062
a-AlFeSi 0 0 0 0.0003 0.0027 0.0041

The phase fractions of each phase in Al-5Mg-1.5Si-0.6Mn-0.25Fe alloy and Al-5Mg-1.5Si-
0.6Mn-0.25Fe are shown in Table 4. Compared to Al-5Mg-2Si-0.6Mn-0.25Fe alloy, the
amount of Mg.Si phase became less but the amount of B-AlMg and AlisFes phases solidified
at the last stage became more in the Al-5Mg-1.5Si-0.6Mn-0.25Fe alloy. As a result, the total
amount of brittle intermetallic Mg2Si, B-AlMg and AlizFes phases were almost the same in

these two alloys.

4.3 Experimental Study of Alloying Elements on Mechanical Properties

4.3.1 Effect of Mg and Si

According to thermodynamics assessment, although Mg content can be varied in a relatively
large range, it is preferred in a range of 5-8wt.% in Al-Mg-Si based alloy to have a relatively

narrow solidification range that is essential for die-cast alloy.

Figure 4.10 shows the experimental results of the effect of Mg and Si on the yield strength, the
tensile strength and the elongation of the die-cast alloys, in which other elements were fixed at
0.6wt.%Mn, 0.2wt.%Ti and 0.25wt.%Fe. It is seen that both Mg and Si resulted in a significant
increase of the yield strength and the ultimate tensile strength, but a significant decrease of the
elongation. When Mg content increased from 4.5wt.% to 8wt.%, the yield strength increased
from a level of 140MPa to 170MPa, and the ultimate tensile strength increased from a level of
260MPa to 340MPa, but the elongation decreased significantly from a level of 18% to 10%.

When the Mg was at a level of 5-6wt.% and Si content increased from 1wt.% to 2.5wt.%, the
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yield strength increased from a level of 125MPa to 160MPa, and the ultimate tensile strength
increased from a level of 270MPa to 310MPa, but the elongation decreased from a level of 18%
to 14%. The results indicated that Mg can enhance the mechanical properties of the die-cast
alloys more significantly than Si can in as-cast state. The results also implied that a higher level
of Mg in the alloy can provide more strengthening in solid solution. It was observed that Si
could significantly improve the castability and reduce hot tearing defects in the alloy. The

addition of Si over 1.5% is essential to produce castings with reduced hot tearing defects.
4.3.2 Effect of Ti

Titanium is a popular element used in wrought aluminium alloys as grain refiner in both as-
cast state and heat-treated state. The experimental results shown in Figure 4.11 confirm that Ti
could significantly increase the elongation of the die-cast Al-Mg-Si alloy at a very low level.
The elongation was at a level of 11% at 0.015wt.%Ti and it increased to 18% at 0.15wt.%Ti.
It is more significant because Ti could also increase the yield strength and the ultimate tensile
strength. The increase of strength was up to 10% when Ti was at a level of 0.2wt.%. Therefore,
Ti is an essential element for super ductile die-cast aluminium alloys and the level can be

controlled at a level of 0.15wt.%.
4.3.3 Effect of Cu

Copper is usually used to enhance paint baking hardenability in wrought alloys. Figure 4.12
shows the relationship between Cu content and the strength and elongation of the die castings.
It is seen that Cu slightly increased the yield strength, but significantly decreased the elongation
and the ultimate tensile strength of die-cast Al-Mg-Si alloy in as-cast state. The main reasons
might be that Cu increases the tendency of hot tearing in the die-cast alloys, which not only
reduces the strength and the elongation, but also varies the process conditions. Therefore, the
Cu level should be controlled at low as possible to avoid the loss of ductility in the alloy, which
is desirable for this development.
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Figure 4.10 Effect of Mg and Si on (a) the yield strength, (b) the ultimate tensile strength (UTS)

and (c) the elongation of the Al-Mg-Si die-cast alloy in as-cast state. The other elements in the
alloys include 0.6wt.%Mn, 0.2wt.%Ti and 0.25wt.%Fe.
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Figure 11.12 Effect of Ti on the yield strength (YS), the ultimate tensile strength (UTS) and
the elongation (EL) of the Al-Mg-Si die-cast alloy in as-cast state. The other elements in the
alloys include 5wt.%Mg, 1.5wt.%Si, 0.6wt.%Mn and 0.25wt.%Fe.
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Figure 4.13 Effect of Cu on the yield strength (YS), the ultimate tensile strength (UTS) and the
elongation (EL) of the Al-Mg-Si die-cast alloy in as-cast state. The other elements in the alloys
include 5wt.%Mg, 1.5wt.%Si, 0.6wt.%Mn, 0.2wt.%Ti and 0.25wt.%Fe.

Based on the experimental results, the optimized composition of the super ductile Al-Mg-Si
alloy has been selected at a level of 5-5.5wt.%Mg, 1.5-2.0wt.%Si, 0.5-0.7wt.%Mn and 0.15 -
0.2wt.%Ti. The other elements are impurities and are limited at low level. In particular, Fe
should be less than 0.25wt.%. The mechanical properties of the alloy at the optimized
composition confirmed that the yield strength of 150MPa, the ultimate tensile strength of
300MPa, and the elongation of 15% were achievable in the designed castings. The value of the
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mechanical properties can satisfy the requirements for automotive body structure according to

the standard described above.

4.4 The Effect of Ageing

Paint baking hardening is one of significant benefits for wrought alloys. Although the paint
baking cycle in industry varies from each other in factories, the paint is usually baked at a
temperature around 180°C. In this work, ageing has been carried out at a fixed temperature of
180°C to examine the properties at different times. Figure 4.13 shows the effect of ageing time
on the mechanical properties of castings. While the ultimate tensile strength showed no
significant variation, the yield strength slightly increased and the elongation decreased with the
prolonged ageing time at 180°C. With regards to the response at 30 minutes, which is often
used in paint baking process, the increase of the yield strength and the decrease of the
elongation were less than 10%, respectively. This indicates that the paint baking hardening of

die-cast Al-Mg-Si alloy is insignificant under as-cast condition.
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Figure 4.14 Effect of ageing time at 180°C on the yield strength (YS), the ultimate tensile
strength (UTS) and the elongation (EL) of the Al-Mg-Si die-cast alloy. The other elements in
the alloys include 5wt.%Mg, 1.5wt.%Si, 0.6wt.%Mn, 0.2wt.%Ti and 0.25wt.%Fe.
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Figure 4.15 Effect of Cu content on the yield strength (YS), the ultimate tensile strength (UTS)
and the elongation (EL) of the AI-Mg-Si die-cast alloy aged at 180°C. The other elements in
the alloys include 5wt.%Mg, 1.5wt.%Si, 0.6wt.%Mn, 0.2wt.%Ti and 0.25wt.%Fe.
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In order to enhance the response of paint baking, a further experiment was carried out to study
the effect of Cu on the mechanical properties after ageing. The results are shown in Figure 4.14,
in which the yield strength and the ultimate tensile strength increased noticeably with the
increase of ageing time, but the elongation decreased significantly with the increase of ageing
time. In particular, when Cu was at 0.39wt.%, the elongation was so low under both as-cast
and aged conditions that the ductility was as low as 6% or lower, which could not satisfy the
product requirement. In comparing the results in Figures 4.14 and 4.15; alloys with Cu provide
a higher strength, but a lower elongation during the same ageing time.

4.5 Effect of Alloying Elements on the Microstructural Formation in HPDC

The typical microstructure of the as-cast Al-Mg-Si-Mn alloy with 5wt.%Mg, 2wt.%Si,
0.6wt.%Mn, 0.2wt.%Ti and 0.25wt.%Fe is shown in Figure 4.15. The microstructure consists
of dendrites or fragmented dendrites of primary a-Al phase, globular primary a-Al phase and

eutectics phase of a-Al and Mg»Si.

Figure 4.16 (a) Optical micrograph showing the overall distribution of primary a-Al phase with

dendrites or fragmented dendrites morphology, (b) image showing the primary a-Al phase with

globular morphology and the intermetallics.

67



In the experimental alloys, the different elements were used to provide strengthening through
the formation of different phases during HPDC. Because the alloying elements can alter the
solidification process and dominate phase formation, it is necessary to understand the
relationship between the alloying elements and the microstructural formation during the
solidification in HPDC.

In the AI-Mg-Si system, the primary o-Al phase is prior phase due to the hypoeutectic
composition. As the maximum solid solubility of Mg in Al is 17.4wt.% and MgSi in Al is
1.85wt.% under equilibrium condition, the solution strengthening can make a major
contribution to mechanical properties. Meanwhile, the Mg.Si content is at the maximum
solubility, which leads to the formation of eutectic Al-Mg.Si phases between the primary o-Al
phase. The Mg@>Si phase can pin the grain boundary sliding under stress. Therefore, the
combination between Mg.Si and extra Mg content can increase strength with appropriate
ductility in aluminium alloys. The variations of cooling rate in HPDC result in the formation
of different sizes of a-Al phase. The high cooling rate in the die cavity promotes the formation
of fine eutectic cells that are distributed randomly in the matrix. In contrast, the lower cooling
rate in the shot sleeve (about 10 times lower than that in the die cavity) results in the formation
of coarser eutectic Al-Mg2Si phases. The shear and hydrodynamic forces during die filling can
divorce the eutectics during passing through the ingate. Therefore, the refined microstructure
in die-cast alloys can afford increasing loads, although the non-uniform microstructure may

cause un-even distribution of stress.

Mn is largely consumed by the formation of the Fe-rich intermetallics. Therefore, an adequate
level of Mn is necessary in order to maintain high Mn/Fe ratio for the formation of the cubic
a-AlFeMnSi phase. In the observed a-AlFeMnSi intermetallics, the typical composition is a-
Al12(Fe,Mn)3Si, which is made of less Si than that in the common a-Alis(FeMn)sSiz
compounds. The main reason can be attributed to the low Si concentration in the alloy and the
short of Si supply during solidification. In the experimental results, it is also confirmed that
Mn/Fe=0.5 is necessary to suppress the formation of the pB-AlFe compounds in the as-cast
microstructure. B-AlFe intermetallics is immediately observed in the alloys when Mn/Fe<0.5,
which is in good agreement with the observation in other alloys including Al-Si, Al-Si-Cu and
Al-Si-Mg alloys [6-13]. However, a-AlFeMnSi phase can still be observed at low Mn/Fe ratio.
Therefore, the Mn/Fe ratio can be used as an indicator for the formation of 3-AlFe compounds,
but not for determining the formation of a-AlFeMnSi phase.
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Copper increases the strength of Al alloys because of the capability of providing solution
strengthening and precipitation strengthening. Copper provides strengthening by forming
intermetallics and solutions. The solid solubility of Cu in solid Al is 2.4 at.% Cu and the solid
solubility of Al in solid Cu is less than. 0.2 at.% Al at 821 K [132]. Therefore The addition of
Cu to Al-Mg alloy system promotes the formation of AICu intermetallic phase during
solidification. The AICu intermetallics are distributed along the grain boundaries with irregular
shapes. Meanwhile, the increasing Cu content increases the amount of intermetallics in the
microstructure and can be presented as a continuous network at grain boundaries. Therefore,

the strength enhancement from the intermetallics is a balance of the scarification of ductility.

In order to verify the presence of the elements in the identified phase in the experimental alloy,
series of intensity maps were performed for the elements Al, Mg, Si, Fe, Mn and Ti at 20 kV,
185nA, 5nm step size and a counting time of 15 ms per step. The results are shown in
Figure4.16 with one backscattered SEM micrograph for the analysed area. The presence of Al
was evidently highest in the primary a-Al phase. The presence of Mg and Si were at their
maximum levels on the eutectic cells. The presence of Fe was at its maximum level in
intermetallics. The presence of Mn and Ti were hardly identified in the measurement results.
By examining the concentration of Mg on the field of intermetallics presence, there were some

overlaps and it was therefore hard to identify whether the intermetallics contained magnesium.

The phase formation and microstructural evolution are critical for high pressure die casting and
are closely associated with the solidification process. Therefore, the unique solidification
process will be studied and described in next Chapter.
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Figure 4.17. Backscattered SEM micrograph and the series of elemental maps showing the
distribution of key elements in Al-Mg-Si die-cast alloy. Map conditions: 20 kV, 185nA, 5 nm

step size and a counting time of 15 ms per step.

70



4.6 Summary

(1) The super ductile die-cast aluminium alloys for automotive body structure have been
developed. The optimized composition comprises of 5-5.5wt.%Mg, 1.5-2.0wt.Si%, 0.5-
0.7wt.%Mn, 0.15-0.2wt.%Ti. The other impurity elements should be limited in the alloy;
especially Fe should be controlled less than 0.25wt.%. The typical mechanical properties
of the die-cast alloy at optimized composition are 150MPa of yield strength, 300MPa of
ultimate tensile strength, and 15% of elongation under as-cast condition.

(2) The paint baking hardenability of the alloy is insignificant. The increase of the yield
strength of the die-cast alloy is less than 10% after a simulated ageing under 180°C for
30min.

(3) Cu can slightly increase the yield strength under as-cast condition or under heat treated
condition with significant scarifying the ductility. Therefore, Cu should be limited in the
super ductile aluminium alloy.

(4) The microstructure of die-cast aluminium alloys at an optimized composition consists of
the primary a-Al phase, the a-AlFeMnSi phase and the eutectics. There are two types of
o-Al phase; dendrites or fragmented dendrites solidified in the shot sleeve and globular
particles solidified in the die cavity. The a-AlFeMnSi phase is in the form of compact
morphology and smaller than 3um in size. The eutectic cells are about 10um in size with a

lamellar morphology of a-Al phase and Mg.Si phase.
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Chapter 5
Solidification of Al-Mg-Si-Mn Alloy during HPDC

5.1 Introduction

In Chapter 4, it has been described that Al-Mg-Si based alloys are capable of providing high
ductility and an excellent combination of mechanical properties for die castings in the as-cast
state. To achieve the required elongation, several critical aspects need to be precisely controlled
during manufacturing which include an optimized alloy composition, low level of gas and
impurities in melt prior to solidification, minimized defect levels and an optimised
microstructure in the castings. These are associated partially or completely with the
solidification of the castings. However, the die-cast Al-Mg-Si based alloys are known to have
high solidification shrinkage which, therefore, increases the difficulty of producing castings
with high integrity [133,134]. As such, the microstructural evolution and the related control
during solidification are becoming very important for achieving enhanced mechanical

properties of the Al-Mg-Si alloy.

The solidification of Al-Mg-Si based alloys has been the subject of many studies, but most of
them fall into the category of wrought alloys [135,136] or high silicon (>5wt.%Si) and low
magnesium (<1wt.%) cast alloys (for example, A356) [137,138] produced by sand casting or
gravity die casting process. Previous studies were rather limited in describing the solidification
and microstructural evolution of high magnesium (>4wt.%) and silicon (>1.5wt.%) cast alloys
in HPDC process. Otarawanna et al. [139] studied the microstructure formation of AISi4AMgMn
and AIMg5Si2Mn castings and found that the salient as-cast microstructural features were
similar for both alloys in terms of the externally solidified crystals, defect bands, surface layer,
grain size and distribution, porosity and hot tears. Jie et al. [140] investigated the microstructure
of Al-21.6wt.%Mg alloy solidified under high pressure inside a cylindrical container at a
pressure up to 2GPa. They found that the amount of B-AlsMg> phase decreased with increasing

pressure and a supersaturated Al(Mg) solid solution was formed at 2GPa. Kimura et al. [141]
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studied the effect of grain refiner and grain size on the cracking susceptibility of Al-4.5wt.%Mg
die-cast alloy. They found that the addition of 0.08wt.%Ti and 0.016wt.%B could achieve
significant grain refinement and, therefore, it suppressed cracking formation in Al-Mg die
castings. In HPDC process, the melt is injected into the die cavity under high speed (30-50m/s
ingate velocity for aluminium alloys) and solidified under high pressure (up to 200MPa in the
die cavity) and high cooling rate (up to 103K/s). This results in unique solidification behaviour
and offers a fundamental difference to other casting processes. Therefore, theoretical
understanding of the solidification process and microstructural evolution in HPDC is important
for improving the process itself, microstructural control and the mechanical properties.
Moreover, defect formation is closely related to the solidification and microstructure of the
castings. This is particularly important in determining the mechanical properties of ductile die-

cast aluminium alloys.

In this Chapter, investigation of the solidification process and microstructural evolution of
ductile aluminium alloy was carried out using HPDC process. The solidification behaviour in
the shot sleeve and in the die cavity was examined for the formation of the primary a-Al phase,
eutectic Al-Mg.Si phases and Fe-rich intermetallics in Al-5wt.%Mg-2wt.%Si-0.6wt.%Mn-
0.2wt.%Ti (abbreviated as Al-Mg-Si-Mn hereafter) alloy. The morphology, size and size
distribution of the primary a-Al phase are characterised under different solidification
conditions. The phases formed in the different stages of solidification are identified and
quantified. In the discussion, the growth morphology of the primary a-Al phase formed in the
shot sleeve and in the die cavity is analysed using the Mullins-Sekerka instability theory.
Jackson-Hunt theory is also used to calculate the growth rate of eutectic Al-Mg>Si phases
during solidification.

5.2 As-cast Microstructure of the Die Castings

Figure 5.1 shows the microstructures of the cross-section of a tensile specimen in the die-cast
Al-Mg-Si-Mn alloy. It shows a solute enriched circular band that is parallel to the surface of
the casting. The similar phenomenon of band formation has been observed by Dahle et al. for
different alloys [61]. The band separates the outer skin and the central region of the casting.
Two types of primary a-Al phases are seen in the microstructure shown in Figure 5.1. The

primary a-Al phase that solidifies in the shot sleeve exhibits a relatively large size with
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dendritic or fragmented dendritic morphology. The primary a-Al phase that solidifies in the die
cavity shows a relatively smaller size with a globular morphology. A higher volume fraction
of the primary a-Al phase that solidifies in the shot sleeve is observed in the central region
compared to that in the outer skin region of the casting, as shown in Figure 1b,c&d. The outer
skin thickness was measured at 1.0mm for the Al-Mg-Si-Mn alloy in this study, which is
smaller than the thickness of 1.5mm measured in Al-Si-Cu alloys [142]. In the transition band
zone, the volume fraction of eutectic Al-Mg>Si phases is higher compared to that in both the
skin and the central region.

Figure 5.18 Optical micrographs showing the microstructure of the die-cast Al-Mg-Si-Mn alloy,
(a) on a cross section of $6.4mm tensile test specimen, (b) in the outer skin region, (c) in the
central region, (d) in the band zone. The circular segregation band is 1mm from the surface of

casting and has a width from 100 to 150um.
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Figure 5.19 SEM/EDS analysis showing the concentration profile of Mg and Si on a section of
die-cast ¢6.4mm tensile specimen of the Al-5wt.%Mg-1.5wt.%Si-0.6wt.%Mn-0.2wt.%Ti alloy.

The composition profile shown in Figure 5.2 is an example of the variation in magnesium and
silicon concentration from the surface to the centre of the AI-Mg-Si-Mn casting. The
concentrations are consistent in the skin region with a general drop toward to the centre inside
the band. For instance, the Mg concentration is close to the nominal composition of 5wt% in
the skin region and gradually decreases to 3.8wt.% at the centre of the casting, whilst the Si
concentration is also close to its nominal composition at 1.5wt.% in the skin region but slightly
lower in the central region. The band zone is found to be enriched in Mg and Si to 8.8wt.% and
2.9wt.%, respectively. The peak of the solute enrichment in the band zone is much higher than
the nominal composition in the alloy. The results confirm the segregation of the solute
distribution on the cross section of the die castings. The drop in the solute content of Mg and
Si from the surface to the centre as well as the peak in the band zone is unusual for conventional
solidification. According to the phase diagram and Scheil equation, the composition profile
would predict the solute content to increase from the surface to the centre of the casting if the
solidification front progresses from the surface to the centre. The formation of central core is
related to the solidification conditions and, consequently, has a very different history. However,
the relative movement of melt at different parts is one of the most important reasons to form
band zone during solidification [11, 61]. One can speculate that the outer region is a chill zone

and the central is "backfill" from the runner during solidification to vary the microstructure.
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Figure 5.20 Optical micrographs showing the microstructure on a section perpendicular to the
fractured surface of the Al-Mg-Si-Mn alloy, (a) over all microstructure, (b) the skin region, (c)

the band zone, and (d) the central region.

In order to assess the effect of the non-uniform solute distribution on the mechanical properties
of the die castings, a sample was sectioned perpendicularly to its fracture surface. Figure 5.3
shows the microstructure along the fractured surface in the skin region, band zone and central
region. It is seen that the sample is uniformly elongated and no apparent neck is observed
around the fractured surface. The primary a-Al grains are stretched towards the fractured
surface. The micrographs in Figure 5.3 confirm that the fracture occurs mainly along the a-Al
grain boundaries, and the fracture across the primary a-Al grains is also found in the skin region,
band zone and central region. Meanwhile, a few subsurface pores in irregular shapes are
observed close to the fractured surface in the band zone and the central region. This suggests
that the cracking as the fracture source is likely initiated in the band zone and the central region
under stress. The across sectional micrographs in Figure 5.3 also show that the fracture is a

combination of grain-boundary separation and the cleavage fracture across primary a-Al grains.
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Figure 5.21 SEM images of the fractured surface of the AI-Mg-Si-Mn alloy, (a) overall
fractograph from the skin to the centre of the tensile test bar, (b) the fractograph of the skin

region, (c) the fractograph of the band zone, (d) the fractograph of the central region.

To confirm the detail, SEM fractographs of a sample fractured at an elongation of 18.4% with
ultimate tensile strength of 302.5MPa are shown in Figure 5.4. In the fractographs, porosities
are seen as the main defects in the die castings. The fractograph in Figure 5a shows that the
fracture is relatively flat in the skin region, but coarse and uneven in the central region. The
transition occurs in the band zone. However, there is no significant difference on the fracture
morphology in the three regions. A large proportion of intergranular fracture around the fine
primary a-Al grains, the cleavage fracture in the relatively large primary a-Al grains, and the
decohesion between the Mg.Si phase and Al phase in the eutectic are observed as the main
fracture mechanism in the three regions. The difference in the central region is that small
dimpled rupture is also observed in the region. Therefore, the die casting of ductile Al-Mg-Si-
Mn alloy exhibits a combination of brittle and ductile fracture. Although the solute-rich
segregation in the band zone could initiate the cracking for fracture, the similar cracking is also
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found in the central region. Therefore, the band zone is not significantly detrimental in terms

of the fracture mechanism in the die-cast AlI-Mg-Si-Mn alloy.

5.3 The Primary Phase Formed in the Shot Sleeve and in the Die Cavity

Figure 22.5 Microstructures of die-cast Al-5wt.%Mg-1.5wt.%Si-0.6wt.%Mn-0.2wt.%Ti alloy

with a primary aa-Al phase of fs=19%, (a) low magnification image showing the distribution
of the primary au-Al phase, (b) high magnification image showing details of the morphology

of the primary o-Al phase solidified within the die cavity.

Figures 5.5 and 5.6 show the microstructures of the die-cast Al-Mg-Si-Mn alloy with different
amounts and morphology of the primary a-Al phase. Two types of primary a-Al phase are seen
in the matrix. One shows the morphology of dendrites or fragmented dendrites with a larger
size (denoted as a1) and the other is fine globules (denoted as a2). During die casting, the
solidification commences when the melt is poured into the shot sleeve. Because the cooling
rate inside the shot sleeve is similar to that in gravity die casting, a cooling rate in the range of
20-80 K/s could be achieved [142], the solidification initiates from the nucleation of the a-Al
crystals that subsequently grow dendritically in the shot sleeve. The primary a-Al dendrites are
fragmented when the melt is injected into the die cavity through the ingate at a high speed,
resulting in the formation of fragmented dendrites in the microstructure. Figures 5 and 6 also
show the different amounts of the primary a-Al crystals solidified in the shot sleeve, which is
determined by the pouring temperature, the rest time, and the temperature of the shot sleeve.
Figure 5.7 shows the size distribution of the primary a-Al phase solidified in the shot sleeve,

in which the grain size is between 15 and 100um with a mean of 43um. The distribution of the
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primary a-Al phase shows a very close match to a Gaussian distribution, suggesting that the

solidification in the die casting process is relatively consistent for the different amounts of

primary a-Al phase.

Figure 5.23 Microstructures of die-cast Al-5wt.%Mg-1.5wt.%Si-0.6wt.%Mn-0.2wt.%Ti alloy
with a primary az-Al phase of fs=32%, (a) low magnification image showing the distribution
of the primary au-Al phase, (b) high magnification image showing details of the morphology

of the primary o-Al phase solidified within the die cavity.
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Figure 5.24 The distribution of the solid ai-Al phase solidified in the shot sleeve with a

Gaussian distribution with a mean of 43.
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Figure 5.25. The distribution of the solid a2-Al phase solidified in the die cavity with a

Gaussian distribution with a mean of 7.5.

When the melt is injected into the die cavity, the remnant liquid in the mixture that contain o1
phase starts to solidify immediately. As shown in Figures 5.5b and 5.6b, a2 phase shows a
similar globular morphology, although the amount is at different levels. This suggests that
spherical or globular growth occurs during the solidification inside the die cavity. The size
distribution of a2 is shown in Figure 5.8, in which the grain size is between 3 and 12 um and
the average is 7.5um. The distribution curve also matches a Gaussian distribution with a mean
of 7.5. As the solidification inside the die cavity occurs under a high cooling rate, which is
typically in the range of 400-500 K/s, the high cooling rate increases the nucleation rate and
thus stable globular growth could occur for a2 (to be analysed in more details in the next

section).

Figure 5.9 shows the relationship between the solid fractions of a1 and ap. For the given alloy,
the amount of the primary a-Al phase is mainly determined by the composition. This means
that the amount of as1+az is the same for a given composition, although the solidification could
be divided into several stages. Therefore, as shown in Figure 5.9, the increase in the amount of
a1 results in a decrease in the amount of a». Figure 5.10 shows the mean grain size and the
shape factor for the primary o and a2 aluminium phase. For a, the mean grain size slightly

increases and the shape factor slightly decreases with the increase of the volume fraction of ou.

80



This indicates that the dendritic growth is enhanced at the higher volume fraction of o in the

shot sleeve. Therefore, the control of the solidification in the shot sleeve is critical to optimise

the microstructure. On the other hand, the mean grain size and the shape factor of o are

essentially the same regardless of the volume fraction. The mean grain size is at a level of

7.5um and the shape factor is 0.75.
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Figure 5.26 The relationship between the solid fraction of the a-Al phase solidified in the shot

sleeve (a1) and that solidified in the die cavity (o).
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Figure 5.27 The mean size (a) and the shape factor (b) of the primary a-Al phase solidified in

the shot sleeve (a1) and in the die cavity (a.2) as a function of the solid fraction of au.
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SEM observation of an etched sample was carried out in order to assess the morphology of the
primary a-Al phase solidified inside the die cavity. As shown in Figure 11, the boundaries of
the fine primary o-Al phase are clear. This implies that many of the globular a-Al phase formed
in the die cavity are likely to be individual ones. The solidification of each globule could be
initiated from an individual nuclei and grow independently. To further confirm the
solidification behaviour, quantitive EDS analysis was performed on the different samples.
Figure 5.12 gives the SEM/EDS results of the solid solubility of Mg and Si in both a1 and a2
primary phase as a function of the distance from the grain edge. The average Mg concentrations
are 4.5+0.45 and 4.5+0.24wt.% for ou and oo, respectively. Although it is statistically
overlapped, the slightly higher average of Mg concentration in the fine oo grains reflects the
enrichment of the solute element in the remnant liquid inside the die cavity. In addition,
according to the equilibrium AI-Mg-Si phase diagram [143], the lower solidification
temperature for the remnant liquid would result in a higher Mg content in the o solid solution
phase. Meanwhile, the concentration of Si (0.5+0.12 wt. %) in a1 and o2 aluminium phase does
not show much variation. One important feature in the EDS analysis shown in Figure 5.13 is
that there is hardly any Mg and Si content gradient across o1 and oz aluminium phase. It is
worth emphasising that the concentration variation across the tensile sample, as shown in
Figure 5.2, is a phenomenon of macrosegregation that is related to the mould filling process,

but the concentration profile in Figure 5.12 is for individual primary a-Al grain regardless of

the position in the sample.

Figure 5.28 The structure of fine a-Al phase solidified inside the die cavity. The boundaries

of the ao-Al phase are well defined by the grain boundaries and the eutectic AlI-Mg.Si phases.
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Figure 5.29 SEM/EDS results showing (a) the solid solubility of Mg and (b) the solid solubility

of Si in the primary a-Al phase solidified in the die cavity (a2) and in the shot sleeve (aw).

5.4 Eutectic Al-Mg2Si phases

The morphology of the eutectic Al-Mg.Si phases is shown in Figure 5.13. EDS analysis
confirm that the lamellar microstructure of the eutectic consists of a-Al phase and Mg.Si phase.
The size of the eutectic cells is about 10um, in which the lamellar a-Al phase is 0.41um in

thickness. SEM observation on a deep-etched sample reveals that the eutectic Mg.Si phase
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exhibits fine lamellae morphology and branching of the flakes is frequently observed. This
suggests that the solidification follows a conventional path under a high cooling rate. There is
no thick platelet Mg>Si phase observed in the samples. The amount of eutectic largely depends
on the composition of the alloy. An increased level of Mg and Si in the alloy creates more

eutectic Al-Mg2Si phases, which would cause an increase in strength and a decrease in ductility.

Figure 5.30 SEM micrograph, taken from a deep-etched Al-5wt.%Mg-1.5wt.%Si-0.6wt.%Mn-
0.2wt.%Ti die-cast specimen, showing the morphology of the fine lamellar eutectic Al-Mg2Si

phases.

5.5 Intermetallics

In the Al-Mg-Si-Mn alloy, Mn is kept at a level of 0.6wt.% and the Fe is controlled below
0.25wt.%. Figure 5.14a shows the intermetallic phase in the matrix (bright phase). The
intermetallics exhibit a compact morphology with the size being smaller than 2um and are
located on the boundary between the primary a-Al grains or between the eutectic cells and the
primary a-Al grains. This suggests that the intermetallics are formed in the die cavity, rather
than in the shot sleeve. The EDS analysis shown in Figure 5.15b reveals that the compact
intermetallic compounds consist of Al, Mn, Fe, Si with the composition being quantified to be
1.6at.%Si, 3.9at.%Fe and 2.3at.%Mn, most likely the a-AlFeMnSi, rather than the B-AlFeSi

phase.
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Figure 5.31 (a) Backscattered SEM micrograph showing the distribution of intermetallics along
grain boundaries in Al-5wt.%Mg-1.5wt.%Si-0.6wt.%Mn-0.2wt.%Ti die-cast alloy, and (b)

EDS spectrum showing the elements in particle A include Al, Mn, Si, Fe.

5.6 The Growth of Primary a-Al Phase

Solidification in HPDC process commences when the melt is poured into the shot sleeve. Due
to the relatively low temperature of the shot sleeve, the melt in contact with the shot sleeve is
immediately cooled below its liquidus temperature. Heterogeneous nucleation occurs in the
melt and grows to form o-Al dendrites (a1). The dendrites are then partially fragmented while

passing the narrow ingate with high speed and turbulent flow during the die filling process.

85



Because of the temperature variation and high flow rate during die filling, the Stoke’s motion
in the gravity field and Marangoni motion in the non-uniform temperature field promote the
solidified primary phase a1 to segregate into the middle of casting section, which leads to the
formation of non-uniform microstructure in as-cast condition [144]. Marangoni motion is
proportional to the temperature gradient and therefore it is determined by the melt temperature
and the die temperature. Stoke’s motion is proportional to the square of particle size and
reversely proportional to the viscosity of the liquid matrix. Therefore, Stoke’s motion becomes

significant for large particles and in a liquid with low viscosity.

On the other hand, the high turbulent flow promotes the temperature uniformity in the melt
throughout the die cavity. With a high cooling rate provided by the metallic die block,
nucleation inside the die cavity is expected to take place throughout the entire volume of the
remaining liquid. The numerous nuclei compete growing until solidification finishes under high
cooling rate inside the die cavity. The primary a-Al grains formed inside the die cavity (az)
have been observed to be 7.5um in size, indicating that the fine primary a-Al grains could still
be within a spherical growth morphology because the dendritic morphology that is established
through unstable growth may have not yet developed. This can be explained by applying the
Mullins-Sekerka growth theory [145].

The Mullins and Sekerka growth theory calculates the point where the spherical shape of
crystal growing from a melt becomes morphologically unstable when its size exceeds a critical
value R (in um)[145]:

R — 207 (7+4ks/k) _ 2(vsL/Ly)(7+4ks/k)
¢ (Tm=Tx)/Tm AT /Ty,

(5.1)

where T,, and T, are the melting point and melt temperature, k, and k; are thermal
conductivity of liquid and solid Al at the melting point temperature, yg; is the interfacial energy

at the S/L interface, and L,, the latent heat of fusion per unit volume of the solid.

It needs to be noted that the above stability equation was derived from the basic heat flow
where consideration of the effect of the solute was not taken into account. However, Mullins
and Sekerka [145] indicated that the stability criterion for diffusion-controlled growth of a
sphere of fixed composition in a supersaturated solution is completely analogous to that of
Equation (5.1) if no heat flows inside the sphere [146]. In addition, the velocity at the interface
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calculated from heat flow considerations equals that calculated from mass diffusion
considerations at local interface equilibrium [145, 146]. When considering the instability
problem of a growing interface in an alloy melt, for instability to occur, constitutional
supercooling must exceed a specified value [147,148]. Then Equation (5.1) is applicable to the

spherical growth of a crystal in a supercooled multi-component alloy.

According to this stability criterion for spherical growth in a uniformly supercooled melt, one
can predict that all solid spheres undergoing thermally controlled growth are morphologically
stable by substituting respective values in Table 5.1 [149,150] for k;, ks, ¥s;, L, and Ty, into
Equation (5.1) giving:

R, = SA—sz (5.2)

Due to the unavailability of some thermal and physical properties for the particular Al-5Mg-
1.5Si-0.6Mn-0.2Ti alloy in this work, the relevant data of pure Al were used in the calculation
of equation (5.1). As shown in Figure 5.15, the calculation indicates that the critical radius for
spherical growth of aluminium crystal, R, is quite sensitive to the undercooling for spherical
growth. For example, when AT=1K, all spherical aluminium crystals less than 10.24um in size
will be stable for spherical growth. By contrast, when AT=0.1K, all grains smaller than
102.4pum will be spherically stable. It is obvious that a smaller undercooling will promote the

formation of larger spherical crystals during solidification.
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Table 5.1.Thermochemical and physical properties of solid and liquid aluminium at melting point

Name Symbol  Unit Value Refs.
Melting point Tm K 933.5 [149]
Density of liquid aluminium at Tr, oL g/cm® 2.385 [149]
Volume change from solid to liquid at T, AV 6.5% [149]
Density of solid aluminium at Ty, Ps glcm® 2.540"
Thermal conductivity of liquid aluminium at T, ky W/m/K  94.03 [149]
Thermal conductivity of solid aluminium at Tp, kg W/m/K 238"
Latent heat of fusion per mole of aluminium Lm J/mol 1.047x10* [149]
Latent heat of fusion per unit volume of aluminium L, JIim3 9.857x108"" [149]
Solid-liquid interfacial free energy of aluminium at Jim? 158x1073

YsL [150]

Tm

“ Calculated according to AV, and p;, at melting point Tp.

** The value of kg is not available. The value given here is for 673 K.

“* Calculated from Lu/ks.
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Figure 5.32 The critical radius R for the spherical growth of aluminium crystals as a function

of undercooling according to the Mullins-Sekerka growth theory.
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For Al-based alloy, Burden and Hunt [151,152] measured the undercooling of an Al-Cu alloy.
They found that the undercooling was 1-2K in the growth velocity range of 1-300 um/s and
the temperature gradient <10 K/cm during solidification of Al-2wt.% Cu alloy. As it is
understandably difficult to directly measure the undercooling in the die casting process, we
need to postulate the undercooling in the die cavity on the basis of the similarity of the physical
properties during solidification of Al-Cu and Al-Mg alloys [153]. If we assume undercooling
is at a similar level of 1-2 K during solidification in the die cavity, the stable spherical growth
of a-Al crystals will between 5.12 to 10.24 um in diameter according to Mullins-Sekerka
stability theory. In fact, the measured a-Al grain size is 7.5 um formed in the die cavity,
indicating that the a-Al grain is close to its spherical growth limit. The microstructures also
show large grains with a perturbed periphery. These might be over the critical size and have

just lost their spherical morphology.

This can be further examined according to similar experimental results. Bower et al. [154] have
shown that the secondary dendrite arm spacing DAS varies approximately as the cube root of
the local solidification time over a wide range of solidification conditions for Al-4.5 wt.% Cu
alloy. We can, therefore, approximately estimate the local solidification time for the a-Al in
the Al-Mg-Si-Mn alloy. As the average grain size has been measured to be 7.5 um, it gives a
local solidification time of about 1s according to the measurement results in ref. [154]. This
gives a growth rate of 3.9um/s. According to Burden and Hunt [154, 155], an undercooling is
expected to be 1.3K at this growth rate. The Mullins-Sekerka critical value can then be
calculated at 7.9 um, which is close to but larger than the average size measured in this study.
As a result, grain growth during solidification within the die cavity can be within the stable

growth regime and form a globular microstructure.

It needs to be noted that the growth of primary a-Al grains may be altered when the processing
conditions change during solidification. For example, when the cooling rate decreases and the
wall thickness of the casting increases, the undercooling becomes smaller and thus promotes
the formation of larger spherical grains and vice versa. It needs to emphasise that the growth
velocities of the primary aluminium grains described above is speculative on the basis of
previous experimental results. Therefore, the calculated results may not be very accurate. The
grains could have stopped growing as primary phase because of the occurrence of eutectic
solidification at the given time. However, the results provide good indication to understand the

solidification process in high pressure die casting.
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The results from Mullins-Sekerka growth theory can also be used to explain the formation of
the dendritic a-Al phase formed in the shot sleeve (a1). The melt usually stays in the shot sleeve
for 2 to 3 seconds from the time of pouring into the shot sleeve to the time of injection through
the ingate of the casting. If it is assumed that a similar growth velocity of 3.9 um/s exists for
the a-Al phase, the resultant spherical growth of the primary a-Al grains is 23.4um. In fact, the
growth rate is smaller than 3.9um/s because the solidification in the shot sleeve is similar to
gravity die casting with relatively lower cooling rates. Therefore, the resultant spherical growth
of the primary a-Al grains formed in the shot sleeve is less than 23.4um. However, the
measured size of the primary a-Al phase is 43um, which is much larger than the critical size
predicted by the Mullins-Sekerka theory. Therefore, the grains will lose their stability for

spherical growth and form a dendritic morphology.

5.7 Formation of the Eutectic Al-Mg.Si phases

The formation of the intergranular eutectic Mg.Si phase between the a-Al phases marks the
completion of solidification in the HPDC process. The faceted Mg>Si phase can have a diversity
of morphologies such as rod-like, crossed and rooftop-like, which has the same preferred [100]
growth direction [155]. In the present study, the formation of fine eutectic Al-Mg.Si lamellae
is attributed to the high local cooling rate. Because the solidification inside the die cavity
includes the evolution of primary a-Al grains that may divide the remnant liquid into very small
pockets in between. Therefore, the eutectic reaction is confined to the small intergranular areas.
The high local cooling rate is then able to contribute to the formation of the fine eutectic
morphology. According to the equilibrium Al-Mg-Si phase diagram, the formation of the
eutectic Al-Mg»Si phases is at a temperature close to 869K (595C) when Mg is 5wt.%. This is
higher than the eutectic temperature of Al-Mg binary alloy at 725K (451C). This confirms that
the addition of Si into Al-Mg alloy reduces the solidification range and is beneficial for die

casting which requires a narrow solidification range.

The direct measurement of the as-cast samples shows that the average eutectic spacing 4 of the
eutectic a-Al phase is 0.41um in the Al-Mg-Si-Mn alloy. According to the Jackson-Hunt theory
of eutectic growth [156], the relationship between eutectic spacing A and growth velocity V

follows
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A2V = constant (5.3)

Although the Jackson-Hunt theory is generally suitable for most eutectic reactions, the
determination of the constant is still a challenge and the results vary from one to another. The
constant was measured to be AVV = 25.2+3.2 um*?s™2 by Grugel and Kurz for Al-Si alloys
with 6-12wt.%Si [157]. The measurement carried out by Boyik et al. [158] for Al-
11.1wt.%Si-4.2wt.%Ni eutectic alloy gave the dependency of Asi and A4, y; On the values of

V to be Asi=12.58V 0%, A, ;=7.94V 04" The 1%V value equals to 30.609 um®s obtained by
Kaya [159] and 19.6 um®/s by Whelan and Haworth [160] for Bi-Cd eutectics, but equals to
21.1 um®/s by Trivedi et al. [161], 21.8 um®/s by Moore and Elliot [162], and 23.7 um®/s by
Cadirli et al. [163] for Pb—Cd eutectic system. Kaya et al. [159] obtained 12V=39.059 pm?®/s

for Al-Cu eutectic while Cadirli et al. [164] provided a value of 156 um?/s for a similar alloy.

Because of the lack of data for the Al-Mg-Si-Mn alloy, we could take the constant for a range
of 15-30 um®/s in order to get an approximate solution. If 22V = 15 to 30 um?s, as A is
measured at 0.41um, we can have V=89 to 178 um/s. This means that very fast solidification
has occurred in the die cavity during solidification. However, the growth rate calculated for the
eutectic AI-MQ@2Si phases is much larger than that of the primary a-Al phase. This can be
attributed to the estimation of the constant. If we calculate the constant in Eq. (5.3) by using
the growth rate of 3.9 um/s obtained from the primary a-Al phase, A2V is 0.656 um?®/s. This
constant is smaller than the data reported in ref. [157-164]. It has to be pointed out that the
constant A2V for a specific eutectic was usually obtained under controlled and constrained
conditions, e.g., by directional growth, and that for the eutectic growing into an undercooled
melts the Jackson-Hunt model might not be valid, i.e., 22V might not be constant anymore. It
is true that, as indicated by the TMK model [165,166], the A2V is deviated from a constant
value when the undercooling is very large and growth rate is very high. In our work, however,
this deviation is believed not to be very much because the growth rate and undercooling during
a HPDC process are still low enough compared to the cases analysed in the TMK model. It is
therefore that the approximately estimated growth velocity from the Jackson-Hunt model here

is reasonable.
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5.8 Solidification Behaviour

In the Al-Mg-Si alloy with experimental compositions, the solidification process is critical for
the formation of microstructure in the castings. The solidification process can be basically
divided into three stages, during which the primary a-Al phase, Fe-bearing intermetallic phase

and the eutectic Al+Mg»Si phase are formed sequentially from the melt.

With the decrease of melt temperature, o-Al is the first solid phase formed. Once the melt is
loaded into the shot sleeve, the low temperature of the shot sleeve will chill the melt
immediately to a temperature below its liquidus and result in solidification. The situation is
somehow similar to gravity casting. Therefore, the solidification follows conventional
approach to create dendritic microstructure. However, the solidification in the shot sleeve is
terminated when the piston moves forward to push the alloy into the die cavity. At that moment,
the mixture of solid and liquid is pushed forward slowly at the initial stage and quickly at the
end stage. Before filling into the die cavity, the melt needs to pass the ingate (Figure. 5.1) where
the melt will experience a high shear and high velocity. During this process, the solid dendrites
in the melt can be fragmented partially or completely. When the melt fills the die cavity under
a high velocity, the temperature within the melt is uniformed and no superheat exists in the
remnant liquid. The heat transfer between the melt and the die block is also enhanced under
pressure. The solidification inside the die cavity is under a high cooling rate, during which the
heterogeneous nucleation is enhanced and therefore the primary a-Al phase cannot grow up to
a full dendritic morphology before the completion of solidification. Consequently, the primary
o-Al phase formed in the die cavity is much smaller than that formed in the shot sleeve (Figure
5.10). Two types of primary a-Al phase are easily identified by the morphology and size. In
the die casting process, the pouring temperature, the resting time in the shot sleeve, and the
temperature of shot sleeve and die block are important factors to affect the formation of the

primary o-Al phase.

With the progress of solidification, the precipitation of a-Al phase consumes a large amount
of Al in the melt and thus the solute is enriched in the remnant liquid. The enrichment of Fe,
Mn and Si is easily accumulated in the interdendritic area as diffusion limitation. Consequently,
the reaction for the formation of Fe-bearing phase occurs in the interdendritic region (Figure

5.11). There are several types of Fe-bearing intermetallic phases that can be formed in the
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solidification of aluminium alloy. The important intermetallics in cast alloys are the hexagonal
a-AlFeMnSi and the monoclinic B-AlFeSi [167]. The a-AlFeMnSi is usually in a compact
morphology with high symmetry crystal structure and the 3-AlFeSi is characterised by a long
needle shape with low symmetry crystal structure. Obviously, the a-AlFeMnSi phase is
preferable due to its less detrimental effect on the mechanical properties. The conventional
metallurgical solutions to eliminate the formation of primary B-AlFeSi compounds include to
limit the Fe content in the alloy, or to modify the crystal structures of B-AlFeSi compounds
into a-AlFeMnSi compounds by increasing Mn/Fe ratio. However, higher amounts of Mn in
aluminium melt lead to the formation of sludge in castings and increase the deleterious effect
on their machinability [168, 169]. Therefore, the amount of Mn content should be controlled
appropriately. Several formats have been reported for the a-AlFeMnSi compounds. Zakharov
et al. [170] found a stoichiometry of Alis(Fe,Mn)Siz for the a-AlFeMnSi phase in an alloy with
10 to 14wt.%Si, 0 to 4wt.% Fe and Mn. Devignon et al. [171] reported that the equilibrium
compositions of the quaternary a-AlFeMnSi phase can contain 72.7 to 74.7at-% Al, 9.1 to
13.7at-%Fe, 2.8 to 5.7at-%Mn, and 9.5 to 11.5at-%Si, which exhibits the Al (Fe,Mn)sSi>

stoichiometry. This is based on Fe substitution of the Mn sublattice sites of the AlisMn3Si;
lattice, leading to idealised Al and Si contents of 75at-% and 10at-% respectively. According
to the discussion by Fang et al. [98], the stoichiometry of the quaternary a-AlFeMnSi phase
for Al-Si based alloys is best described by Alis(Fe,Mn)sSiz, with the crystal structure of the
ternary o-AlIMnSi (AlisMnsSiz). In current study, the EDS analysis and morphology
examination for the alloy confirms that the intermetallic phase is a-AlFeMnSi. As there is
limited literature on the detail of the intermetallic phase in Al alloys with high Mg content, it
needs more investigations to reveal its origins. With regards to the measured Mg in the EDS
results, it is doubtful that a measure error may exist because the size of a-AlFeMnSi is too
small in the sample which causes the reflection of back materials in the EDS measurement. It
needs to be clarified that one may think the Fe-bearing phase is formed in the shot sleeve or
even before the formation of primary a-Al phase. If this is true, the intermetallic phase should
form a large grain size and/or dendritic morphology because of the relatively low cooling rate
in the shot sleeve. The size, morphology and the distribution of intermetallics suggest that it is
formed in the die cavity prior to the eutectic solidification.

The eutectic solidification forms fine eutectic cells with lamellar morphology of Mg.Si phase

and a-Al phase. The high cooling rate results in the formation of fine eutectic cells that are
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distributed uniformly in the matrix (Figure 5.11). The separated eutectic cells are beneficial for

the mechanical properties of die-cast alloy, especially for ductility.

5.9 Summary

(1) Inthe high pressure die casting of ductile aluminium alloys, solidification commences with
the formation of primary a-Al phase in the shot sleeve and is completed in the die cavity.
The primary a-Al phase formed in the shot sleeve is characterized by the dendrites and
fragmented dendrites with the size range from 15 to 100um and an average of 43um. The
primary o-Al phase formed in the die cavity is characterized by fine globular grains with
an average of 7.5um in size. Solidification inside the die cavity is also responsible for the
formation of the lamellar Eutectic and the Fe-rich intermetallic. The size of the eutectic
cells is about 10pum, in which the lamellar a-Al phase is 0.41um in thickness.

(2) The intermetallic compounds exhibit a compact morphology with a size smaller than 2um
and are located at the boundaries between the primary a-Al grains or between eutectic cells
and the primary o-Al grains. The intermetallic contains 1.62at.%Si, 3.94at.%Fe and

2.31at.%Mn, suggesting that it is most likely the a-AlFeMnSi phase.

(3) A solute enriched circular band is always observed parallel to the surface of the casting.
The band zone separates the outer skin from the central region of the casting. The solute
concentration is consistent in the skin region and a general drop toward to the centre inside
the band for Mg and Si. The peak of solute enrichment in the band zone is much higher
than the nominal composition of the alloy. However, the die casting exhibits a combination
of brittle and ductile fracture. There is no significant difference on the fracture morphology
in the three regions. Therefore, the band zone is not significantly detrimental in terms of

the fracture mechanism in the die casting.

(4) The stability criterion developed by Mullins and Sekerka for spherical growth can be used
to provide a reasonable explanation for the difference in morphology of the primary o-Al
phase solidified in the shot sleeve and in the die cavity. The solidification of the a-Al phase
inside the die cavity has completed before the spherical grains begin to lose their stability,
but the grains in the shot sleeve exceed the limit of spherical growth and, therefore, exhibit

a dendritic morphology.
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(5) The Jackson-Hunt theory can be used to estimate the growth rate of eutectic Al-Mg»Si
phases in high pressure die casting process, and the results indicate that a fast solidification
rate occurs in the die cavity. However, the growth rate of the aluminium phase in eutectic
solidification calculated using the Jackson-Hunt theory is much larger than the growth rate

of the primary a-Al phase calculated using the Mullins and Sekerka theory.
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Chapter 6
Effect of Iron on the Microstructure and Mechanical Properties
of the Alloy

6.1 Introduction

In this Chapter, the effect of iron on the microstructure and mechanical properties of the Al-
Mg-Si die-cast alloys with different Mn concentrations is investigated. The study focuses on
the effect of Mn and Fe on the morphology, size and distribution of various Fe-rich compounds
in the Al-Mg-Si alloy produced by HPDC process. The mechanical properties of yield strength,
ultimate tensile strength and elongation are assessed with different Fe and Mn contents. The
role of alloy chemistry on the effect of Fe and Mn is investigated by CALPHAD modelling of
multi-component Al-Mg-Si-Mn-Fe and Al-Mg-Si-Fe systems. The thermodynamic modelling
and the experimental findings of the Fe-rich intermetallic compounds were studied with respect
to the role of Mn on combating the detrimental effect of Fe in the Al-Mg-Si alloy. The
discussions are focused on the phase formation of different Fe-rich intermetallic phases and
the relationship between Fe-rich compounds and mechanical properties of the die-cast Al-Mg-

Si alloys.

Table 6.2 Compositions of die-cast Al-Mg-Si alloys used in experiments (wt.%).

Alloy Si Fe Mn Mg Ti Zn Others Al
A 2.2+0.08 varied* 0.541+0.05 6.2+0.08 0.17+0.04 0.012+0.004 <0.03  bal.
B 1.9+0.07 variedf 0.023+0.04 5.6+0.09 0.15+0.04 0.013+0.004 <0.03  bal.

* Fe contents were measured to be 0.214, 0.389, 0.623, 0.841, 1.243, 1.490, 1.861, and 2.482.
T Fe contents were measured to be 0.086, 0.414, 0.634, 0.911, 1.188, 1.420, 1.542, and 1.821, 2.453.
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Two alloys were made according to the experimental method described in Chapter 3. The
composition of each alloy was obtained from an optical mass spectroscopy, in which at least
five spark analyses were performed and the average value was taken as the chemical
composition of alloy. The composition was further confirmed by area energy dispersive X-ray
(EDX) quantification in SEM. The actual compositions of the alloys containing 0.02wt.% and
0.54wt.% Mn are shown in Table 6.1.

6.2 As-cast Microstructure

In the as-cast state, there was no significant change in the morphologies of the primary a-Al
phase and eutectic Al-Mg>Si phases presented in the Al-Mg-Si alloys containing different
levels of Fe and Mn. As mentioned in previous Chapters, the primary a-Al are labelled as ‘a1’
and ‘a2’ in Figure 6.1, respectively. Fe-rich intermetallic compounds were observed in the
eutectic areas. In contrast to the primary a-Al phase, it is seen that the effect of Fe and Mn on
the morphologies of primary Fe-rich compounds was significant. Different types and amounts
of the Fe-rich intermetallics were related to the Fe and Mn contents, as shown in Figs. 6.1 and
6.2. From the experimental observations, only a small amount of fine intermetallic compounds
were present in the alloys that contain up to 0.21wt.%Fe (Figure 6.1a&b and Figure 6.2a&b).
The fine Fe-rich intermetallics were formed in the secondary solidification inside the die cavity
(labelled as ‘Fe2’ in Figure 6.2). Most of the fine intermetallics were located between the
primary a-Al phase (a1-Al and o2-Al), although some intermetallics were found inside them.
No primary Fe-rich intermetallic compounds were observed in the primary a-Al phase
precipitated in the first solidification. The EDX quantitive analysis by SEM identified the Fe-
rich phase with the typical composition of the a-Al2(Fe,Mn)sSi phase in the Al-Mg-Si alloy
with Mn addition and the a-AlgFe.Si phase in the AlI-Mg-Si alloy without Mn addition. No -

AlFe and B-AlFeSi intermetallics were observed in the samples at this composition.
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Figure 6.1 Optical micrographs showing the microstructure of die-cast alloy with different
amounts of Fe and Mn, (a) 0.54Mn, 0.21Fe, (b)0.02Mn, 0.09F¢, (c) 0.54Mn,0.62Fe, (d) 0.02Mn,
0.63Fe, (e) 0.54Mn, 1.24Fe, (f) 0.02Mn, 1.19Fe, (g) 0.54Mn, 1.86F¢, (h) 0.02Mn, 1.82Fe.
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Figure 6.2 Backscattered SEM micrographs showing the morphology of Fe-rich intermetallics
in the die-cast alloy with different amounts of Fe and Mn, (a) 0.54Mn, 0.21Fe, (b)0.02Mn,
0.09Fe, (c) 0.54Mn,0.62F¢, (d) 0.02Mn, 0.63F¢, (e) 0.54Mn, 1.24Fe, (f) 0.02Mn, 1.19Fe, (9)
0.54Mn, 1.86Fe, (h) 0.02Mn, 1.82Fe.

99



When the Fe contents in the alloys were increased to a level of 1.2wt.%Fe, there were two
types of Fe-rich intermetallics observed. In the Al-Mg-Si alloy with Mn addition (Figure
6.2c&d, e&f), the Fe-rich intermetallics were formed in both the first solidification and the
secondary solidification, which were labelled as ‘Fe:” and ‘Fe2’ respectively. The Fes-rich
intermetallics were usually associated with the primary a;-Al phase and exhibited coarse
compact morphology, which were found in tetragonal, pentagonal, hexagonal shapes. EDX
quantification has identified the Fe-rich intermetallics to be the a-AlFeMnSi phase with the
typical composition of a-Ali2(Fe,Mn)3Si. Meanwhile, the fine intermetallics (labelled as Fey)
were associated with 02-Al phase and segregated in the primary a-Al grain boundaries, which
were identified by EDX quantification to be the same a-AlFeMnSi phase with the typical
composition of a- Ali2(Fe,Mn)sSi. In the Al-Mg-Si alloy without Mn addition (Figs 6.2d&f),
the fine Fe-rich phase was also found at the primary a-Al grain boundaries, which exhibited
similar morphology and size to that in the alloy with Mn addition. The fine Fe-rich intermetallic
phase was identified as the a-AlFeSi phase with the typical composition of a-AlgFesSi.
However, the primary Fe-rich phase formed in the first solidification showed very different
morphology in comparison with that formed in the alloy with Mn addition. As seen in Fig
6.2d&f, the Fei-rich phase exhibited needle-shaped morphology, which crossed through both
the primary a-Al phases formed in the first solidification and the secondary solidification. The
EDX quantification confirmed that the needle-shaped Fe-rich phase was p-AlFe phase with the
typical composition of B-AlisFes. It is clearly seen that the additions of Mn can extend the
range of Fe contents to form a-AlFeMnSi phase in the alloys. In other words, the Fe content to

initialize the B-AlFe phase is increased by adding Mn in the alloys.

When the Fe contents in the alloys was further increased to a level of 1.8wt.% in Al-Mg-Si-
Mn-Fe and Al-Mg-Si-Fe systems. In the Al-Mg-Si alloy with Mn addition, as shown in Figure
6.29, a large fraction of long needle-shaped Fe-rich intermetallics were found in the
microstructure (bright strip in Figure 6.2g), in addition to the compact Fe-rich phase. The
coarse and the fine compact primary Fe-rich intermetallics were identified by EDX
quantification as the a-AlFeMnSi phase with the typical formula of a- Ali2(Fe,Mn)sSi. The
long needle-shaped Fe-rich compounds were quantitatively confirmed as f-AlFe phase with
the typical composition of B-Aliz(Fe,Mn)4Sio.2s. In the alloy without Mn addition, as shown in
Figure 6.2h, a large fraction of the long needle-shaped primary Fe-rich intermetallics were
found in the microstructure, which were confirmed by EDX as f-AlFe phase with the typical

composition of B-AlwsFes. Only a small fraction of Fe-rich intermetallic compounds were in
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the form of compact format, which was confirmed by EDX as a-AlFeSi phase with the typical

composition of a-AlgFezSi.

In the as-cast microstructure, some coarse Fe-rich intermetallics developed into more complex
morphologies such as star-like shapes in associated with primary a-Al phase, as shown in
Figure 6.3. These Fe-rich intermetallics have been found in the castings with experimental
composition of Fe>0.6wt. % and identified as a-AlFeMnSi phase with the typical composition
of a- Alz(Fe,Mn)sSi. It was also found that the star-like a-AlFeMnSi phase were usually
associated with ai-Al phase formed in the shot sleeve. The results indicate that the
solidification environments, especially the cooling rate in the shot sleeve is capable of

producing different morphologies of primary a-AlFeMnSi phase.

Figure 6.3 Backscattered SEM micrograph showing the morphology of Fe-rich intermetallics
in the die-cast Al-5Mg-2Si alloy with 0.54Mn and 0.84Fe.

From these observations, the Fe-rich compounds of the compact and needle-shaped
morphologies were identified as the a-AlFeMnSi (a-AlFeSi) and B-AlFe phase respectively.
The intermetallic compounds in the Al-Mg-Si alloys with and without Mn addition are
summarised in Table 6.2. 1t is seen that the primary a- Ali12(Fe,Mn)sSi intermetallics formed in

the die cavity were observed in all die-cast alloys in the experimental range. However, the
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primary Fe-rich intermetallics formed in the shot sleeve were significantly affected by the Fe
contents. It is noticeable that the intermetallic B-Ali3(Fe,Mn)sSio2s and B-AlisFes phases
formed in the experimental alloys were different to the intermetallic B-AlsFeSi and B-AlFeSi
phases observed in Al-Si, Al-Si-Cu and Al-Si-Mg alloys. However, the cubic a-AlFeMnSi
phase of a- Ali2(Fe,Mn)sSi intermetallics formed in the experimental alloys was found to be

very similar to a-Alis(FeMn)sSiz intermetallics formed in Al-Si, Al-Si-Cu and Al-Si-Mg alloys.

Table 6.2 Average compositions of Fe-rich intermetallic phases measured by quantitive
SEM/EDX analysis.

Mn Phase Identified Al Fe Mn  Si Fe/Mn

(wt.%)  morphology compounds at.%

0.54 coarse compact  All12(Fe,Mn)3Si  76.64 1183 595 6.27 1.99
fine compact Al12(Fe,Mn)3SiT 7547 12.16 6.28 6.09 1.94

large needle Aliz(Fe,Mn)sSio2s 75.62 1920 3.81 137 5.04
0.02 fine compact AlgFe,Si T 3501 959 - 413 -
large needle AlisFes 7550 2451 - - -

¥ The composition was further confirmed by TEM/EDX analysis

In order to characterize the Fe-rich intermetallics in the alloys, their sizes and solid fractions
were measured in the microstructure. The results for the fine a-AlFeMnSi and fine a-AlFeSi
particles that are formed in the die cavity are shown in Figure 6.4. Both particles followed a
level correspondence to the Fe contents, which were consistently at 0.76 pum in diameter and
no significant variation within the experimental ranges (Figure 6.4a). The distribution of the
fine Fe-rich particles was well matched by the normal distribution curve with an average of
0.76 (Figure 6.4b). However, the volume fraction of the fine Fe-rich particles increased with
the increase of Fe contents in the alloys (Figure 6.4c). As the fine Fe-rich particles were formed
during the solidification in the die cavity under high cooling rate, the results indicate that the
sizes of the Fe-rich intermetallics were mainly determined by the increased undercooling,
enhanced heterogeneous nucleation and the shortened solidification time for the particle to

grow.
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Figure 6.4 Effect Fe contents in the die-cast alloy on (a) the average size, (b) the frequency and

(c) the volume fraction of Fe-rich intermetallic phase solidified in the die cavity.
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In the Al-Mg-Si alloys with and without Mn addition, it is seen that the average sizes and
volume fractions of the Fe-rich intermetallics solidified in the shot sleeve were obviously
different to that formed in the die cavity, as shown in Figure 6.5. The volume fraction and the
size of the primary Fe-rich intermetallics increased significantly with the increase of Fe
contents in the alloys. However, the size of the Fe-rich intermetallics increased in different
ways. A linear increase of the size in the Fe-rich intermetallics was found in the alloys without
Mn addition, but the size of Fe-rich intermetallics followed two separate linear
correspondences to the Fe contents at a vertex of 1.24 in the alloy with Mn addition. A gradual
increase was found at Fe < 1.24wt.% and a significant increase was found at Fe>1.24wt.%. The
vertex in Figure7b confirmed that the critical Mn/Fe ratio is at level of 0.5 to suppress the

formation of B-Al1z3(Fe,Mn)aSio 25 in the alloys.
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Figure 6.5 Effect of Fe contents in the die-cast alloy on (a) the volume fraction and (b) the

average size of Fe-rich intermetallic phase solidified in the shot sleeve.
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6.3 Mechanical Properties

Mechanical properties of the die-cast Al-Mg-Si alloys with different Fe and Mn contents are
presented in Figure 6.7. It is seen that a slight enhancement in the yield strength and a
significant detrimental to the elongation with the increase of Fe contents in the alloys. However,
no obvious variation in the ultimate tensile strength was observed until Fe was higher than
0.6wt.% where it decreased. Overall, the strength and the elongation of the die-cast alloys with
different Fe levels were all effectively higher in the alloys with 0.54wt.%Mn than these of their
die-cast counterparts with 0.02wt.%Mn. In addition to the slightly variation of Mg and Si
concentrations in the alloys, as shown in Table 1, the difference in Mn content was one of the
major factors to affect the strength and elongation of the die-cast alloys. It is worth for a further
emphasis that the enhancement of the yield strength for the die-cast samples is less effective
than the detrimental to the elongation of the same alloy in the experimental ranges. The overall
increase of the yield strength of the die-cast sample was 8% while the ultimate tensile strength
decreased by 9% and the elongation decreased by 295%.

6.4 CALPHAD of Al-Mg-Si-Mn-Fe and Al-Mg-Si-Fe Systems

The calculated equilibrium phase diagrams on the cross sections of Al-5Mg-2Si-0.5Mn-xFe
and Al-5Mg-2Si-xFe are shown in Figures 6.7 and 6.8, respectively. In Figure 6.7, it can be
divided into several regions with different Fe contents. The phase formation follows: (1) L—
o-Al+a-AlFeMnSi+Mg.Si with prior o-Al phase at Fe<(0.25wt.%), and (2) L— a-
AlFeMnSi+a-Al+Mg2Si with prior o-AlFeMnSi phase at 0.21wt.%<Fe<1.4wt.%, and (3)
L—pB-AlFe +a-AlFeMnSi+a-Al+Mg.Si with prior B-AlFe phase at Fe>1.4wt.%. It needs to
emphasise that the B-AlFe phase can be formed with a very low Fe content according the
equilibrium phase diagram. However, the formation of B-AlFe phase in the as-cast
microstructure of the experimental alloys with 0.54wt.%Mn is from 1.2wt.%Fe. The difference
may be attributed to several factors including the noon-equilibrium solidification in HPDC
process, the complex of precipitation process of intermetallics during solidification, and the
database used in phase diagram calculation.
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Similarly, for the Al-Mg-Si-Fe system shown in Figure 6.8, the solidification procedure
roughly follows: (1) L— a-Al+a-AlFeSi+Mg.Si with prior a-Al phase at Fe<(0.98wt.%), in
which B-AlFe phase may exist at 0.22wt.%<Fe<0.98wt.%, and (2) L—>p-AlFe + a-AlFeSi+a-
Al+Mg>Si with prior B-AlFe phase at Fe>0.98wt.%. The experimental results should that the
B-AlFe phase was observed in the alloy with Fe content higher than 0.62wt.%.

The effect of Mn and Fe contents on the formation of Fe-rich intermetallic compounds are
further demonstrated in Figure 6.9 for the Al-Mg-Si alloys with three different levels of Mn
contents at 0.2, 0.4 and 0.6wt.% respectively. It is seen that the Fe content was lowered to form
prior a-Al phase with the increases of Mn contents in the alloy. In other words, with the increase
of Mn in the alloy, the a-AlFeMnSi was formed as prior phase at a lower level of Fe content in
the alloy. Meanwhile, the addition of Mn also increased the Fe levels to form B-AlFe phase.
Therefore, the area to form a-AlFeMnSi was significantly enlarged with the increase of Mn
contents. This implies that the addition of Mn in the alloy can suppress the formation of f-AlFe
intermetallic compounds in the alloy with practically possible high Fe content. On the other
side, as seen in Figure 6.9, the results confirmed that the increase of Mn in the alloy resulted in

a significant increase of liquidus temperature of the alloy.
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Figure 6.9 Effect of Mn on the cross section of equilibrium phase diagram of Al-5Mg-2Si-xFe
calculated by Pandat software.
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6.5 Formation of Fe-rich Intermetallics in Al-Mg-Si-Mn Alloy

The experimental observations have confirmed that (1) a-AlFeMnSi intermetallics can be
formed in two solidification stages during HPDC, one is in the shot sleeve and the other is in
the die cavity, which show the compact morphology with different sizes; (2) manganese
increases the Fe content range over which a-AlFeMnSi phase forms; (3) the Mn/Fe ratio at 0.5
is applicable to form B-AlFe intermetallics in the AlI-Mg-Si-Mn alloy during HPDC; (4) no -
AlsFeSi and B-AlFeSi intermetallics are observed in the Al-Mg-Si die-cast alloys with varied

Mn and Fe contents.

Generally, the phase formation of Fe-rich intermetallics in the experimental alloys is broadly
consistent with the equilibrium phase diagram calculated from CALPHAD. Therefore the
solidification path can be used to explain the major features of the microstructure. The
solidification process and the associated changes of liquid compositions determine the
formation of different phases. From the phase diagram, it is seen that the prior phase is a-Al
phase when Fe content is less than 0.25wt.%. The solidification starts to precipitate the a-Al
phase in the shot sleeve, which is interrupted during die filling. The precipitation of a-Al phase
continues in the die cavity, during which Si, Fe and Mn elements are enriched in the remaining
liquid and the Fe-rich intermetallics are consequently formed in the melt. The high cooling rate
in the die cavity and the absence of superheat in the melt enhance the heterogeneous nucleation,
and therefore promote the formation of fine compact a-AlFeMnSi intermetallics. When Fe
content is increased to a higher level, the prior phase becomes a-AlFeMnSi. The precipitation
of a-AlFeMnSi compounds increases the undercooling in front of the interface of the crystal,
resulting in the nucleation and growth of a-Al phase in associated with o-AlFeMnSi
compounds. The solidification continues in the die cavity, where the compact a-AlFeMnSi
compounds and a-Al phase precipitate under high cooling rate. When Fe content is further
increased, the prior phase is B-AlFe phase. The precipitation of B-AlFe compounds consumes
Fe element in the melt and thus alters the local melt composition with enriched Si and Mn,
resulting in an increase of Mn/Fe ratio. When Mn/Fe ratio reaches the limitation, a-AlFeMnSi
compound precipitates from the melt. The following solidification precipitate the a-AlFeMnSi
and B-AlFe compounds. Overall, the formation of a-AlFeMnSi and B-AlFe phases consumes
Fe, Mn, Si prior to the eutectic solidification. The final stage of solidification of the alloys is
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the multi-eutectic transformation to generate the eutectic structure mainly of Al-Mg»Si eutectic
Al-Mg>Si phases.

The absence of B-AlsFeSi intermetallics in the die-cast AI-Mg-Si alloy is one important feature.
In the equilibrium state, the B-AlsFeSi intermetallics has a monoclinic crystal structure with
the lattice parameters a = b=0.612 nm, ¢ = 4.15 nm, and  =91° or a = b=0.618 nm, ¢ = 4.15
nm, and B = 91°. Similarly, the crystal structure of B-AlsFe and B-AlisFes phase is also
monoclinic with a = 1.549 nm, b = 0.808 nm, ¢ = 1.248 nm, = 107.8° . Currently, it is still
not clear for the conditions to form B-AlsFeSi or B-AlsFe (B-AlisFes) in Al alloys. The effect
factors are suspected in associated with the content of Fe and Si, in which low Fe contents and
high Si/Fe ratio favour the formation of B -AlsFeSi phase, but high Fe contents and low Si/Fe
ratio tend to form B-AlsFe (AlisFes) phase [172]. Obviously, the more systematic work needs

to address the mechanism in future.

6.6 Effect of Fe on Mechanical Properties

The experimental results have confirmed that the Fe-rich intermetallics significantly affect the
mechanical properties of the Al-Mg-Si alloys. The higher the iron concentrations in the alloy,
the significantly more the elongation decreases. This is accompanied by a slight enhancement
of the yield strength at increased iron level in the alloys. The ultimate tensile strength maintains
at similar level when Fe is less than 0.6wt. %, but it decreases significantly when the Fe
contents further increases. Meanwhile, a slight enhancement of the yield strength is also

observed in the alloy with Mn addition compare to that in the alloy without Mn addition.

Referring to the solidification microstructure, the enhanced vyield strength is believed to
correspond to the increased amounts of Fe-rich intermetallic compounds, especially the fine
intermetallics present at the a-Al grain boundaries. The increase in yield strength is
accompanied with decreasing elongation as the added reinforcement due to the Fe-rich
compounds is at the cost of the alloy ductility. Therefore the detrimental effect of iron content
on the mechanical properties in the die-cast Al-Mg-Si alloys should be determined mainly by

the loss in ductility.
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6.7 Summary

In high pressure die casting of Al-Mg-Si-Mn alloys, the formation of Fe-rich intermetallics
occurs into two solidification stages. One is in the shot sleeve at lower cooling rates, and the
other is in the die cavity at higher cooling rates. The Fe-rich intermetallics formed in the shot
sleeve exhibit coarse compact, star-like or needle/plate shape morphology with varied sizes.
The Fe-rich intermetallics formed in the die cavity are characterised by fine compact

morphology with the size less than 3 um.

In die-cast Al-Mg-Si alloys, two types of Fe-rich intermetallics are formed over the Fe content
range up to 2.4wt. %. The fine compact a-AlFeSi phase has the composition of a-AlgFe,Si and
the long needle B-AlFe phase has the composition of 3-AlizFes With 0.54wt.%Mn being added
into the alloy, the fine compact intermetallic phase is found to be Al12(Fe,Mn)3Siand the long
needle B-AlFe phase is B-Al1z(Fe,Mn)aSio.2s.

In die-cast Al-Mg-Si alloys containing 0.54wt.%Mn, the prior phase is a-Al when Fe is less
than 0.21wt.%, but the prior phase is B-Aliz(Fe,Mn)sSio.2s when Fe is higher than 1.24wt.%.
Over the Fe contents range from 0.21 to 1.24wt%, a-Al12(Fe,Mn)3Si precipitates as prior phase
to form either coarse compact compounds in the shot sleeve or fine compact particles in the die

cavity.

The morphology and size of a-Allx4(Fe,Mn)eSiz intermetallics are dependent on the cooling
rate. The higher cooling rate in the die cavity enables the a-All24(Fe,Mn)sSi2 phase to solidify
in a fine compact morphology. However, the lower cooling rate in the shot sleeve results in the
formation of compact and star-like Chinese script a-Allas(Fe,Mn)sSiz phase in the as-cast

microstructure.

Fe-rich intermetallics significantly affect the mechanical properties of the alloy castings. The
higher the iron concentrations in the alloy, the more significantly the ductility reduces. This is
accompanied by a slight enhancement of the yield strength. The ultimate tensile strength
maintains the similar level when Fe contents is less than 0.6wt.%, but decreases significantly

with the further increase of Fe contents in the die-cast alloys.

The yield strength and the ultimate tensile strength are slightly enhanced in the die-cast Al-
Mg-Si alloy when Mn is added in comparison with that without Mn addition.
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Manganese promotes the formation of the cubic a-AlFeMnSi phase and suppresses the
formation of B-AlFe phase in die-cast Al-Mg-Si alloys. The B-AlFe compounds are formed
when Mn/Fe ratio is less than 0.5.
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Chapter 7

Effect of Nickel on the Microstructure and Mechanical Properties

7.1. Introduction

In the recycled aluminium alloys, the accumulation of impurity elements is a growing problem
as the solute concentrations are over the limitation of registered specification, which restricts
the application of recycled aluminium alloys in a closed loop cycle [173,174]. The list of
problematic impurities varies from one alloy to the other. Generally, the impurity elements
include but do not limit to Si, Mg, Ni, Zn, Pb, Cr, Fe, Cu, V and Mn in different aluminium
alloys [16,175]. Therefore, the effect of impurity elements on the microstructure and
mechanical properties has been one of the major topics of many publications for the application
of recycled aluminium alloys [3,176]. However, there is still a lack of understanding of the

roles of some impurity elements such as Ni in aluminium alloys.

Nickel is defined as impurity in many commercial aluminium alloys with a limitation of
0.2wt.%, although it was used as alloying element up to a level of 2.5 wt.% in some commercial
aluminium alloys, which can be found in both wrought and casting alloys [99]. Nickel has been
recognised as a strongly partitioning and slow-diffusing element [100]. Nickel is almost
insoluble in aluminium; with solubility being about 0.05 wt.% at 640 °C and less than 0.005
wt. % at 450 °C. In the Al-Ni binary alloy, the addition of nickel up to 2 wt.% give an increase
in the strength of aluminium, but decreases in ductility [100]. Similar results were found in
multicomponent aluminium systems and the aluminium matrix is unlikely to contain Ni levels
above the equilibrium solubility. It was reported that Ni was mainly associated with iron to
form AlFeSi intermetallics at low levels and to form AlsNi intermetallics at higher
concentration, such as in an Al-Mg-Si wrought alloy containing 1.4wt.% Ni [101]. A recent

investigation [101 has also shown that Ni additions up to 0.05 wt.% did not have an obvious

113



influence on the phase constituents of AA6063 alloy, but this level was only at 0.015wt.%Ni
for AA3102 alloy. A significant influence on the microstructure were observed in the as-cast
condition of AA3102 alloy when Ni content was 0.05wt.%. For A356 alloy, Ni additions up to
0.02 wt.% did not have significant influences on the as-cast microstructure, but a new phase
was formed when the Ni addition was increased to 0.05wt.%. A variety of intermetallics have
been found to be AlFeMgSi and AlFeSi phases in the as-cast and heat-treated A356 alloy.
Therefore, it is important to verify whether Ni is an impurity element or a useful alloying

element in aluminium alloys.

In this Chapter, it is attempted to investigate the effect of Ni on the morphology, size and
distribution of Ni-rich compounds in the Al-Mg-Si-Mn alloy produced by high pressure die
casting process. The mechanical properties, such as yield strength, ultimate tensile strength
(UTS) and elongation were assessed for the die-cast samples with different Ni contents. To
enhance the understanding, the role of alloy chemistry on the effect of Ni was investigated by
CALPHAD modelling of the multi-component Al-Mg-Si-Mn system. The discussions were
focused on the phase formation of different Ni-rich intermetallic phases and the relationship
between the Ni-rich compounds and the mechanical properties of the die-cast Al-Mg-Si-Mn

alloy.

7.2 Effect of Ni on the As-cast Microstructure of the Die-cast Al-Mg-Si-Mn
Alloy

The effect of Ni on the as-cast microstructure of the die-cast Al-Mg-Si-Mn alloy is shown in
Figures 7.1 to 7.3. Generally, the increase of Ni resulted in the formation of more intermetallics
in the as-cast microstructure (Figure 7.1). Most of the intermetallics exhibited dendritic
morphology, although some compact intermetallics were also observed when Ni content was
up to 1.11 wt.% (Figure. 4a,b&c). Two types of intermetallics were observed as shown in
Figure 7.2d. One was in typical dendritic morphology and the other was not clear at low
magnification. The high magnification micrographs shown in Figure 7.3 are taken from the
alloy containing 2.06 wt.% Ni, where the typical laminar and dendritic intermetallic phases
were seen in the grain boundaries and in the Eutectic areas. The co-existence of the Al-Mg.Si
eutectics and Al with Ni-rich intermetallic eutectics indicated that two eutectic solidifications

occurred during casting. Figure 7.4 shows that the solid fraction and the average size of the Ni-
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rich intermetallics in the as-cast microstructure were increased with increasing Ni contents in

the alloy.

Figure 7.33 Backscattered SEM micrographs showing the morphology of Ni-rich intermetallics
in the die-cast AlI-Mg-Si-Mn alloys with different levels of Ni, (a) 0.16 wt.% Ni, (b) 0.57 wt.%
Ni, (c) 1.11 wt.% Ni, (d) 2.06 wt.% Ni.

In comparison with the micrographs in Figure 7.2, it is seen that the eutectic spacing increased
in the microstructure obtained in the alloys with a higher Ni content, as shown in Figure 7.3.
The measured eutectic spacing of the eutectic AI-MgSi phases is summarised in Table 7.1.
The average eutectic spacing of the eutectic Al phase was 0.41um for the alloy without Ni, but
it increased to 0.58 um when Ni was raised to 2.06 wt.%. According to the data summarised in
ref. [103-106] for the Eutectic reaction in similar alloys, the A?V=15 um?®/s can be used to
estimate the relevant growth velocity. The calculated results are also given in Table 7.1. A
significant reduction in the growth velocity of the eutectic can be seen with increasing Ni
contents. This indicated that the eutectic solidification between Al and AIFeMnSiNi
intermetallics might have occurred prior to or at the same temperature of the eutectic

solidification of Al-MgSi, during which the release of latent heat during Al and intermetallics
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eutectic solidification could offer the resources to influence the solidification between Al and

Mg.Si.

Figure 7.34 Backscattered SEM micrographs showing the morphology of Ni-rich intermetallics
in the die-cast Al-Mg-Si-Mn alloys with different levels of Ni, (a) 0.16 wt.% Ni, (b) 0.57 wt.%
Ni, (c) 1.11 wt.% Ni, (d) 2.06 wt.% Ni.

Table 7.1 The average eutectic spacing of the eutectic Al phase in the Al-Mg-Si-Mn alloys

with different levels of Ni.

Eutectic spacing between Al Calculated growth velocity according to

Ni (wt.%)
lamellae (um) A2V= 15 um?3/s, (um/s) [21]

0.005 0.41 89.23

0.16 0.43 81.12

0.57 0.47 67.90

111 0.52 55.47

2.06 0.58 44.59
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Table 7.2 Average compositions of Fe-rich intermetallic phases measured by quantitative

SEM/EDX analysis in the die-cast Al-Mg-Si-Mn alloys used in experiments.

Ni Identified Alst Mo ke NI
Phase morphology
(Wt.%) compounds @%) (at%) (at%) (at%) (at%)
0.005 irregular compact  Aliz(Fe,Mn)sSi 75.47  6.09 6.28 1216 0
0.16 fine dendrites Alios(Fe,Mn)7SiNis  91.22  0.71 269 236  3.02
0.57 fine dendrites Aliz2(Fe,Mn)sSiNiz  92.8 0.57 1.33 1.52 3.78
1.11 fine dendrites Alisa(Fe,Mn)sSiNig  94.32  0.49 079 071  3.69
206 fine dendrites Alis7(Fe,Mn)2SiNig  94.14 051 0.61 0.37 4.37
Eutectic needles Alizs(Fe,Mn),SiNis  93.26 0.56 062 045 511

Figure 7.35 Inlens SEM images showing the morphology of (a) ternary eutectic structure and
(b) dendritic Ni-rich primary phase in the Al-Mg-Si-Mn alloy with 2.06 wt.% Ni.

As shown in Figures 7.1 to 7.3, the dendritic Ni-rich intermetallics were usually associated
with the primary ao-Al phase. SEM/EDX quantification identified that the dendritic Ni-rich
intermetallics were of the typical composition of Aljioo-1401(Fe,Mn)[2-71SiNifs-g;, as shown in
Table 7.2. Meanwhile, the eutectic Ni-rich intermetallics were usually associated with eutectic
Al-Mg.Si phases and also segregated at the primary a-Al grain boundaries. The eutectic Ni-
rich intermetallics were identified by EDX as the same AlFeMnSiNi phase with the typical
composition of Aliss(Fe,Mn)2SiNig, as shown in Table 7.2. It is clearly seen that (1) the Ni-

rich intermetallics essentially consisted of Fe, Mn and Si, and no AlsNi phase was detected in
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the studied alloy with Ni content up to 2.06 wt.%; and (2) two types of Ni-rich intermetallics
had the same constituent composition and could be described by the same chemical formula. It
IS noticeable that the Ni-rich intermetallic phase formed in the alloy was different to the
intermetallic phases observed in other Al-Si-Mg alloys. Song et al. found that AlsNi were
formed in the alloys with 1.4 wt.% Ni. However, this binary intermetallic was not observed in
our experimental alloy with an even higher Ni content. In order to further confirm the
intermediate phase, a series of experiments were performed to find out the differences in XRD
spectrums and the results are shown in Figure 7.5. The peaks for a-Al and Mg2Si phases were
easily identified from the experimental results. However, it was difficult to find out the
corresponding peaks of the AIFeMnSiNi intermetallics. Although some peaks were identified
for a-AlFeMnSi, several peaks were unable to be certainly identified with the existing database.
However, the peaks were certainly not from AlsNi. The results confirmed the existence of new
phases in the alloy. However, it is not able to confirm the existence of AIFeMnSiNi phase

because of the insufficient information from the existing XRD database.
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Figure 7.36 Effect of Ni content in the die-cast Al-Mg-Si-Mn alloy on (a) the volume fraction
and (b) the average size of Ni-rich intermetallic phase.

On the other hand, the formation sequence of intermetallics can be indirectly confirmed by
analysing the distribution of solute elements in the primary phase and the eutectic Al-Mg.Si
phases. Figure 7.5 shows the elements mapping of the primary intermetallics and eutectic
intermetallics in the experimental alloy. In the backscattered SEM micrograph shown in Figure
7.6a, the difference of the eutectic intermetallics in the middle and the primary intermetallics

in the side was clear by their morphologies. The colour was essentially no different in the
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intermetallics, indicating that the distributions of different solute elements were uniform in the
whole intermetallics. This clarified that Ni was dissolved into the intermetallics, rather than the
affiliation on the surface of the Fe-rich intermetallics. This indicated that the Ni was associated
with Al, Fe, Mn and Si from the beginning of solidification and Ni did not form other

intermetallics first and then attached to the existing AIFeMnSi phase.
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Figure 7.37 XRD spectrums of the Al-Mg-Si-Mn alloys with different levels of Ni, (a) 0.005
wt.% Ni, (b) 0.16 wt.% Ni, (c) 0.57 wt.% Ni, (d) 1.11 wt.% Ni, (e) 2.06 wt.% Ni.
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Figure 7.38 Backscattered SEM micrograph and the series of elemental maps showing the
distribution of key elements in the intermetallics of the Al-Mg-Si-Mn die-cast alloy. Map

conditions: 20 kV, 185nA, 5 nm step size and a counting time of 15 ms per step.

120



7.3 Mechanical Properties

Mechanical properties of the die-cast Al-Mg-Si-Mn alloy with different Ni contents are
presented in Figure 7.7. It is seen a slight enhancement in the yield strength and a significant
detrimental to the elongation with the increase of Ni contents in the alloys. However, no
obvious variation in ultimate tensile strength (UTS) was observed, although a slight increase
of UTS was found when Ni was added at a low level. It is worth for a further emphasis that the
enhancement of the yield strength for the die-cast samples is less significant than the
detrimental to the elongation of the same alloy in the experimental ranges. The overall increase

of the yield strength of the die-cast sample was 10% while the elongation decreased by 350%.

Referring to the solidification microstructure, the enhanced yield strength is believed to
correspond to the increased amounts of Ni-rich intermetallic compounds presented at the a-Al
grain boundaries and eutectic Al-M@.Si areas. The increase in the vyield strength is
accompanied with decreasing elongation as the added reinforcement due to the Ni-rich
compounds is at the cost of the alloy ductility. Therefore the Ni content should be limited in a
low level during alloy recycling in order to maintain the mechanical properties of the die-
castings without significant loss in ductility.
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Figure 7.39 Effect of Ni content on the mechanical properties of the die-cast Al-Mg-Si-Mn
alloy.
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7.4 CALPHAD Modelling of the Multi-component AI-Mg-Si-Mn-Fe-Ni
System

The calculated cross section of equilibrium phase diagram on the Al-5Mg-2Si-0.6Mn-0.2Fe-
xNi alloy is shown in Figure 7.8, which could be divided into several regions with different Ni
contents. The phase formation followed: (1) L— a-Al+Mg.Si+Al:s(Fe,Mn)sSiz with prior a-
Al phase at Ni<(0.05wt.%), (2) L— a-Al+Mg.Si+Alis(Fe,Mn)sSi;  with prior -
Al15(Fe,Mn)sSiz phase at 0.05wt.%<Ni<0.15wt.%, and (3) L— a-Al+Mg.Si+Al:s(Fe,Mn)sSis
+Alz:Ni with prior a-AlFeMnSi and o-Al phase at 0.15wt.%<Ni<4wt.% (4 wt.% was the
calculated limits in Figure 7.8, the actual limit should be different). It needs to emphasise that
the phase formation for the intermetallics according to the equilibrium phase diagram was
different from the as-cast microstructure of the experimental alloys with varied contents of Ni.
The difference was attributed to several factors including the non-equilibrium solidification in
high pressure die-casting process, the complex of precipitation process of intermetallics during
solidification, and the limitation of the database used in the phase diagram calculation.
However, the equilibrium phase diagram had provided useful information for the solidification

process.

The solidification process of the alloy with different contents of Ni is shown in Figure 7.9. It
is seen an increase of the solid phase and a decrease of the liquid phase at a given temperature
between liquidus and solidus for the alloy with increased Ni content. Figure 7.10a shows the
results for the alloy containing 0.005 wt.% Ni, where no Ni-rich intermetallic phase was found
in the solidification curve. This was consistent with the experimental results given in Figures
7.1to0 7.4. In Figure 7.9b, the alloy with 2.06 wt.% Ni showed different solidification features:
(a) The liquidus temperature was almost the same for two alloys; (b) The primary a-Al phase
emerged at 621°C in Figure. 10a but 614°C in Figure 7.9b; (c) The eutectic temperature was
584°C in Figure. 9a and 575°C in Figure 7.9b; and (d) The most interesting point was that the
emergence of Ni-rich intermetallics was prior to the eutectic solidification of Al-Mg2Si. In the
meantime, the eutectic reactions for Al-Mg.Si and Al-AIFeMnSiNi were at the same
temperature. The results confirmed that the increase of Ni in the alloy resulted in an increase
of the solidification range of the alloy, therefore increasing the possibility of forming hot

tearing and shrinkage porosity in the casting.
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Figure 7.40 Equilibrium phase diagram of the Al-5Mg-2Si-0.6Mn-0.2Fe-xNi alloy calculated

with Pandat software.

7.5 Formation of Ni-rich Phase in Al-Mg-Si-Mn Alloy

The experimental observations have confirmed that (1) the primary AlIFeMnSiNi intermetallics
were formed as prior phase during high pressure die-casting, which showed dendritic and
fragmented dendritic morphology with different sizes; (2) the eutectics included Al-Mg.Si and
Al-AlFeMnSiNi, but no AlsNi intermetallics were observed in the Al-Mg-Si-Mn die-cast alloys
with varied Ni contents up to 2.06 wt.%.

Generally, the phase formation of Ni-rich intermetallics in the experimental alloys is broadly
consistent with the equilibrium phase diagram calculated from CALPHAD. Therefore the
solidification path can be used to explain the major features of the microstructure if o-

AlFeMnSi and AlzNi are taken as the same phase from the primary solidification and eutectic
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solidification. The solidification process and the associated changes of liquid compositions
determine the formation of different phases. From the phase diagram in Figure. 10, the prior
phase is a-Al phase when Ni content is less than 0.05wt. %. The solidification starts with the
formation of the a-Al phase, followed by the formation of AIFeMnSi and eutectics of Al-MgzSi.
This has been discussed in previous Chapters. When Ni content is increased to a higher level,
the prior phase becomes the AlFeMnSiNi phase. The precipitation of AIFeMnSiNi compounds
decreases the undercooling in front of the interface of the crystal, resulting in the nucleation
and growth of a-Al phase in association with AIFeMnSiNi compounds (Figures 7.3&7.4). The
solidification continues until the completion of eutectic solidification. When Ni content is
further increased, the prior phase is still AIFeMnSiNi phase, but the primary solidification
cannot consume all Ni in the alloy and therefore Ni takes part in the eutectic solidification to
form Al- AIFeMnSiNi eutectics in association with Al-Mg»Si eutectics. Overall, Ni in the Al-
Mg-Si-Mn alloy is consumed by forming primary AlFeMnSiNi phase in the primary
solidification and Al- AlIFeMnSiNi eutectics in the eutectic solidification, which is always
associated with the consumption of Fe, Mn and Si. On the other hand, the addition of Ni in the
alloy introduces new prior phase that releases latent heat during solidification. Therefore, the
cooling rate for eutectic solidification is reduced, resulting in the increase of the eutectic

spacing.

The absence of AlsNi intermetallics in the die-cast Al-Mg-Si-Mn alloy is one important feature.
In the equilibrium state, AlsNi phase that contains 42wt.% Ni has an orthorhombic structure
(the space group Pnma, 16 atoms in the unit cell) with the lattice parameters a = 0.6611 nm,
b=0.73662 nm, and ¢ = 0.4812 nm. The heat of forming this phase is 40 J/mol. The density of
the phase in the binary system is in the range 3.95-3.96 g/cm®[177]. Currently, it is not clear
yet for the association between a-AlFeMnSi and Ni in the experimental alloy. It was observed
that AlsNi were formed in a fair low Ni content in Al-Mg-Si wrought alloys, which is not
consistent with the results in this work. However, the differences between previous work and
this work is obvious because the Fe content is low in the wrought alloy and the Mn content is
relatively high in the alloy in this work. The role of Mn in cast Al-Mg-Si-Mn alloy has been
discussed in previous chapters. Although the association between Ni and AlFeMnSi
intermetallics has been indirectly confirmed, the mechanism of the formation of AIFeMnSiNi
intermetallics needs to be addressed as it may be important to develop materials for special

application.
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Figure 7.41 The variation of the fraction of the liquid phase and solidified phases with
temperature in the solidification interval of the Al-Mg-Si-Mn alloys with (a) 0.005 wt.% Ni,

(b) 2.06 Wt.% Ni.
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7.6 Summary

In the die-cast Al-Mg-Si-Mn alloy containing different Ni contents, the formation of Ni-rich
intermetallics occurs consistently during solidification. The Ni-rich intermetallics exhibit

dendritic and lamellar morphology during primary and eutectic solidification, respectively.

In the die-cast Al-Mg-Si-Mn alloy, Ni is always associated with Fe, Mn and Si to form
AlFeMnSiNi intermetallics. No AlsNi intermetallics is observed at Ni concentrations up to
2.06wt%, while both primary AlFeMnSiNi phase and eutectic AIFeMnSiNi phase are found in
the as-cast microstructure. Both the primary and eutectic Ni-rich intermetallics are identified
as the same AIFeMnSiNi phase with the typical composition of Alj10o-1407(F€,Mn)2-71SiNi4-9).

The increased Ni-rich intermetallics can be found in the alloy with higher Ni contents. The
increased Ni contents result in an increase in the spacing of Al-Mg.Si eutectics in the die-cast
Al-Mg-Si-Mn alloy. This indicates that the increased levels of Ni contents lower the growth

velocity of the eutectic Al-Mg.Si during the solidification of the die-cast Al-Mg-Si-Mn alloy.

The addition of Ni significantly affects the mechanical properties of the alloy castings. The
higher the Ni concentrations in the alloy, the more significant the reduction in ductility. This is
accompanied by a slight enhancement of the yield strength. The ultimate tensile strength
increases slightly when adding a small amount of Ni into the die-cast alloys, but further increase
of the Ni content results in the decrease of the UTS.

126



Chapter 8
Assessment of Repeatability of Castings of Al-Mg-Si-Mn Alloys

8.1 Introduction

The repeatability of mechanical properties in die castings is a big concern in production and
now effective way to identify and describe the detail. In this Chapter, the mechanical properties
were assessed for the standard samples that were directly made by high pressure die-castings
and obtained from the machined high pressure die-castings at different locations in order to
evaluate the repeatability of casting components made by the Al-Mg-Si-Mn alloy. The
distributions of the yield strength, ultimate tensile strength (UTS) and elongation of the samples
were analysed by the average value with standard deviations and by the Weibull statistical
model with three parameters, during which the suitability of Weibull method for characterising
the fracture behaviour was analysed and the parameters in probability function were used to
compare the relative reliability of the castings at different locations. The microstructure, defects
levels and fractural graphical behaviour were examined and analysed in relation to the Weibull

parameters for the different types of samples.

8.2 Mechanical Properties of Die Casting Trials

Two sets of die were used for the present study. One was employed to cast six ASTM standard
samples with three $6.35 mm round samples and three flat samples with cross sections of
6.35%x2mm, 6.35x3mm and 6.35x5mm, respectively. Detailed description of the casting
structure with runner system and overflow can be found in Chapter 3. Another set of die was
used to make a casting for automotive industry with the same machine. The casting structure

with overflow and gating system is shown in Figure 8.1. The typical wall thickness is 2.8mm
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for the die-casting. The injection parameters were optimised for each type of casting and the
castings were made under the corresponding optimised condition. The die for trial castings was
heated using the same way with the tensile sample die by circulation of mineral oil at 250°C.
20 pieces of trial castings were selected for making tensile samples. 5 standard flat samples

with a cross section of 6.35%2.8mm were machined from each trial casting and the locations

are marked in Figure 8.1.

Figure 8.42 The photos showing the casting structure with runner, over flow and biscuit for

evaluation of the reproductivity.

The measured mechanical properties of the Al-Mg-Si-Mn alloy are shown in Figure 8.2 for 99
$6.35 tensile samples with double standard deviations and the average values are also presented
in Table 8.1. The average was 146.6 MPa for the yield strength, 302.7 MPa for the UTS and
16.5% for the elongation. Majority of the measured data were within the square defined by the
double standard deviation. This confirms the good consistence of mechanical properties. Figure
3 shows the mechanical properties of the flat tensile samples with double standard deviations.
The averages of 40 samples tested for each thickness of samples are listed in Table 8.1. As
seen, the thinner samples exhibited lower elongation and lower ultimate tensile strength, but
higher yield strength. The average value was 7.9% of elongation, 174.8 MPa of yield strength
and 295.6MPa of UTS for 2mm thick flat sample, and the average value was 10.2% of
elongation, 164.2 MPa of yield strength and 306.0MPa of UTS for 3mm thick flat samples, and
the average value was 14.9% of elongation, 165.7 MPa of yield strength and 314.9MPa of UTS
for 5mm thick flat samples. In the meantime, the measured data were almost within the double
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standard deviations. Moreover, in comparison of the mechanical properties obtained by the
round and the flat tensile samples, the yield strength, UTS and elongation were all higher for
the round samples. In particular, the average elongation of the round samples was doubled over
that of the 2mm thick flat samples, although the yield strength was higher and the UTS was
lower for the 2mm thick flat samples. On the other hand, it is also seen an overlapping among
the measured data for the different types of samples. The overlapping had different levels, but
over 35% of the measured strength was seen at similar levels, which indicates that the

overlapping of the data is significant.
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Figure 8.43 The vyield strength and the ultimate tensile strength (UTS) as a function of the
elongation of the standard $6.35mm round samples. The squares represent the value of two
times standard deviation of the tested samples and the centre of squares is the average value of

tested data.
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Table 8.3 The average value and standard deviation of the measured yield strength, ultimate

tensile strength and elongation of the tensile samples with as-cast surface or with machined

surface.
Yield strength Ultimate tensile
Sample Sample label Elongation (%) (MPa) strength (MPa)
type and dimension ~ Average 2xSTD  Average 2xSTD Average 2x STD
round
$6.35mm
sample 16.47 3.24 146.63  8.64 302.70 19.11
2x6.35mm  7.98 2.11 17479  20.90 295.61  15.36
Cast flat 3x6.35mm  10.16 2.31 164.23  9.06 305.99 13.76
sample 5x6.35mm  14.91 2.52 165.75  17.25 31493 1791
1 2.8x6.35mm 9.90 1.40 148.87  20.81 273.78  33.05
2 2.8x6.35mm 9.91 1.12 14536  21.54 270.82  23.30
3 2.8x6.35mm 9.29 0.57 154.39  16.60 275.73  23.45
Machined 4 2.8x6.35mm 8.74 1.08 155.66  13.89 258.38  27.74
flat 5 2.8x6.35mm 9.36 0.90 152.35  16.35 278.34  36.88
sample Total average 9.44 1.01 151.32 17.84 27141  28.88
STD: standard deviation
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Figure 8.44 The yield strength and the ultimate tensile strength (UTS) as a function of the

elongation of the standard flat tensile samples with a cross section of 6.35x2mm, 6.35x3mm,

6.35x5mm. The straight lines across to the axis represent the average value of the tested data

and the squares represent the value of two times standard deviation of the tested samples.
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Figure 8.45 The yield strength and the ultimate tensile strength (UTS) as a function of the
elongation of the flat tensile samples cut from the as-cast castings with a cross section of
6.35%2.8mm.

In order to assess the mechanical properties of the trial castings, 100 samples were machined
from 20 castings, in which the different locations are shown in Figure 8.1. The machined
samples were flat with two as-cast surfaces and two machined surfaces. The mechanical
properties of the machined samples are shown in Figure 8.4 and the average values of measured
data are also listed in Table 8.1. As seen, the measured data were almost overlapping for the
different locations, although slight differences could be observed. The total average was 9.44%
of elongation, 151.3 MPa of vyield strength and 271.4MPa of UTS. The averages of the
measured data at each location were quite close the total average because of the small standard
deviations. However, the elongation and UTS at location 4 were lower than that at other
locations, although the yield strength was still at similar level. This means that location 4 was
the weak area in the castings. Meanwhile, the mechanical properties at location 1 showed a
widest spread, and the mechanical properties at locations 2 and 3 showed a very similar
distribution in comparison with the data among the 5 locations in Figure 8.4. The results in
Figures 8.2 to 8.4 and Table 8.1 showed that the application of average value with standard
deviations is capable of assessing the mechanical properties, but the overlapping is significant.

It is thus very rough to differentiate the data scatter and error distribution in the trial castings.
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8.3 Weibull Statistic Analysis

Weibull distribution expresses the cumulative probability of failure as a function of maximum
applied tensile stress acting in an effective volume of sample. The mathematic function is

expressed as [108]

= 1-em- ()]

(8.1)
nli-) == () 6.2)
In [ln (1—;&)] =m[ln (o —a,) — Inagy)] 3

where Pt is the cumulative fraction of specimen failures in tensile test; o is the variable being
measured (yield strength, UTS or elongation to fracture); oy is the threshold parameter, i.e. the
characteristic stress (or strain) below which no specimen is expected to fail; oo is the scaling
parameter, also called the characteristic stress (or strain) at which the probability of failure is

63.2%; m is the shape parameter, also referred to as the Weibull modulus [178].

Equation (8.3) configures the three-parameter Weibull distribution. The double logarithm of
the reciprocal (1-Ps) can be easily plotted with In(o) because the In[In(1/(1-Ps))] vs. In(c) shows
a straight linear relation with slope m and intercept —m In(oo). If the experimental distribution
is in agreement of Weibull distribution, a straight line can be produced with a simple graphical
representation of the data with regression analysis. The slope m physically represents the

Weibull modulus.

Good structural materials should have high Weibull modulus, which means high repeatability
of the strength values and high reliability of the materials. The narrow distribution of defect
size and the high flaw tolerance in the materials are means of improving the Weibull modulus.
Without additional information the Weibull distribution in Equation (8.3) is difficult to use
because it contains many unknown variables. During calculation, the o values (tensile strength

or elongation) are arranged in order of increasing value as follows:

132



01<02< 03 """ < 0t """< On (8.4)
A probability of failure is assigned to each ¢ such that:
Pi<P;<P3 <P <Py (8.5)

where 0<P;<1. Because the sample tested is considered representative of a large population,
the true value of Ps for each o is not known and has to be estimated. There are a number of
statistical criteria that can be used to estimate the probability of failure P [179,180], in which
the most common approach is the median rank method, alternatively referred to as the Bernard
method [181], which calculates the failure probability Ps as

P = (i-0.3)/(n+0.4) (8.6)

where i is the ranked position of the specimen strength (or strain) in that set of castings and n

is the total number of specimens.

The scaling parameter oo is determined by the y-intercept at Ps =0.632. The threshold parameter
ou is determined by calculation, during which a oy is initially assumed and assigned in equation
(8.3) to obtain the corresponding . The regression of the calculated o creates a linear equation
and its coefficient of determination (R?). Therefore, by assuming a series of oy at a value less
than the minimum data of measurement, a number of R? can be obtained. Then the final
threshold parameter o, can be found from the corresponding equation that has the maximum
R2.
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Figure 8.46 Weibull plots for the UTS of Al-Mg-Si-Mn alloy obtained from the round standard

tensile test bars that were directly cast by HPDC process.

In order to assess the repeatability using Weibull analysis, the data in Figures 8.2 to 8.4 were
reorganised in ascending order with calculated Pr according to Eq. (8.6). Figure 8.5 shows the
representative Weibull plots of the UTS obtained from the as-cast round samples. The solid
lines were the corresponding linear fit with Eq. (8.3) at different levels of ou. Then the best-fit
line was obtained by the maximum R-square value. After finding the maximum R-square value,
it was immediately used to evaluate the applicability of the Weibull distribution for the

measured results by using a goodness-of-fit. For assessing the goodness-of-fit, the critical

values of R? with a=0.05 ( Ré.os) was calculated according to the formula [182]

04174

R3 o5 = 1.0637—
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For the as-cast round samples, the sample number was 99, the calculated Rf.05 was 0.9585. The
principle of assessing the measured data is that the Weibull distribution is not applicable if the
R? of the linear regression from the Weibull probability plot is less than the value of R? with
0=0.05. This means that the R? from the regression equation needs to be larger than the R? at
0.05 in order to satisfy the Weibull distribution. By comparing the R?>= 0.9585 from the
equation (8.7), the R? value was 0.9759 for the best-fit line in Figure 8.5 for the as-cast round
samples. The higher R? value means that the measured data can be well described by Weibull
distribution. By using the same methodology, the statistic results were obtained for different
parameters with different types of samples. Table 8.2 lists the characteristic parameters in
Weibull distribution of the yield strength, UTS and elongation of the tensile samples with as-

cast surface and with machined surface.

Table 8.4 Calculated parameters in Weibull statistics analysis of the yield strength, ultimate

tensile strength and elongation of the tensile samples with as-cast surface and with machined

surface.

Property Sample m Gu 00 R?
Yield $6.35mm, as-cast surface 4.43 131 26.78  0.9899
strength 5x6.35 mm, as-cast surface 2.54 145 23.36 0.9612
3%6.35 mm, as-cast surface 2.78 145 18.67  0.9747

2%6.35 mm, as-cast surface 1.65 158 1482 0.9755

2.8%6.35 mm, machined surface 3.92 117 37.71  0.9885

Ultimate $6.35mm, as-cast surface 4.17 260 43.82  0.9759
tensile 5x6.35 mm, as-cast surface 2.81 297 19.17  0.9728
strength 3x6.35 mm, as-cast surface 2.71 293 17.67  0.9425
2%6.35 mm, as-cast surface 211 279 1486  0.9787

(UTS) 2.8%6.35 mm, machined surface 3.34 223 54.26  0.9924
Elongation $6.35mm, as-cast surface 4.81 13.2 11.36  0.9913
5%6.35 mm, as-cast surface 2.40 4.5 3.88 0.9837

3%6.35 mm, as-cast surface 1.89 8.5 3.84  0.9904

2%6.35 mm, as-cast surface 1.32 3.7 268 0.9671

2.8%6.35 mm, machined surface 3.50 7.4 548 0.9814
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The results in Table 8.2 confirmed that the tensile test data can be adequately modelled by
three-parameter Weibull statistical analysis. For the yield strength, the as-cast round samples
had a maximum Weibull modulus, which indicates that the as-cast round samples exhibited a
best reliability and reducibility. Meanwhile, the machined samples exhibited the second best
of Weibull modulus, which means that the machined samples have better repeatability than the
as-cast flat samples. Among the flat samples, the 2mm thick samples had the lowest and the
5mm thick samples had the highest Weibull modulus, although the flat samples showed a lower
value of Weibull modulus than the machined samples and the as-cast round samples. On the
other hand, as described above, the parameters oo and oy are preferred to be higher in the
castings because no sample is expected to be failed belowoy and the probability of failure is
63.2% at on. However, it was not observed the highest oy for the yield strength, UTS in the as-
cast round samples and only the oy for elongation is the highest value. On the other hand,
although slight inconsistent in the parameters for elongation, the as-cast samples provided the
higher ou. This means the samples with as-cast surface provided better strength than the
machined samples. When reviewing the data of oo, the results showed that the as-cast round
samples had the highest value and the machined samples had the second best results. This is
consistent with the data of Weibull modulus (m). Overall, comparing the as-cast round samples
and the as-cast flat samples, the as-cast round samples showed good repeatability and reliability.
It was expected that the machined samples would show worse ductility than the as-cast samples
because of the removal of casting surface. However, the machined samples showed good
performance described by the Weibull parameters among the different types of samples. The
repeatability and reliability of the machined samples were reasonable good, although the
strength under which the samples were not failed was slightly lower in the testing samples. It
is important to note that the values in the Weibull parameters in the as-cast flat samples in
particular the 3mm thick flat samples were relatively close to that obtained by the machined
samples. This means that the as-cast flat samples are better than the as-cast round samples and

other thickness of samples for evaluating the casting performance in manufacturing.
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8.4 Fractography and Microstructure

The fractographic observations were carried out on the fractured samples, which had the
characteristic parameters close to ov. The fractographic micrographs of the as-cast and
machined samples are shown in Figures 8.6 to 8.10. On the fractured surfaces, it is always seen
a layer with smooth fracture on the casting surface and a coarse fracture area in the centre area
of the samples. Multiple failure sources were observed on the fracture surfaces of each type of
sample; hence the normal failure mechanism was plausibly caused by internal defects in the
corresponding casting. Porosities were also observed on the fracture surfaces, which were
particularly severe in the flat samples with 2 mm and 3 mm thickness. The porosities were

seldom observed in the as-cast round samples but frequently seen in the 2mm flat samples.

Figure 8.47 Typical fractographs on a cross section of ¢$6.35 mm die-cast tensile sample (a)

overall fractural image, (b) fracture surface at high magnification, and (c) detailed fracture.
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Furthermore, the porosity levels were quantitatively measured using optical microscope on the
as-polished metallographic surfaces of the different type samples, which were also selected
from the castings made under the same batch as the fractured samples. The results are shown
in Figure 8.11. The average porosity levels were from 0.8 vol.% to 1.9 vol.%. The as-cast round
samples had the least amount of porosities and the as-cast 2mm thick flat samples had the
highest amount of porosities. The porosity levels in the trial castings were similar with that in
the 3mm thick flat samples; both of them were higher than that in the as-cast round samples.
The results of porosity levels are consistent to the parameters obtained from Weibull analysis,
in which the samples with less porosity provided increased Weibull modulus, threshold
parameter and scaling parameter. Therefore, the improvement of repeatability, the increase of

the failed strength and the failure probability of 63.2% are achieved.

Generally, the microstructure plays key roles in determining the materials mechanical
properties. Therefore, the as-cast microstructures were examined for the different types of
samples. Figure 8.12 shows the microstructure on a cross section of the die-cast ¢6.35mm
tensile sample. As seen, no obvious microstructural segregation and porosities were found on
the cross section. Figure 8.13 shows the detail microstructure of the die-cast $6.35mm tensile
sample near the surface and near the centre. The micrographs exhibited the typical die-cast
microstructure. The mixture of coarse and fine primary a-Al grains was observed in Figure
8.12 and 8.13. However, the centre had more coarse primary a-Al grains and defects. The
similar results could also be observed in other samples, as shown in Figures 8.14 to 8.21.
However, there were several differences being found in the different samples. For the flat
samples, while the 5mm thick samples showed very similar microstructure in comparison with
that of ¢$6.35mm round samples, the thinner sample at 2mm and 3mm showed an apparent
microstructural segregation because the fewer amounts of primary a-Al grains were seen in the
surface area, which is particularly severe for the 2mm thick samples. It was also found that
more porosities in the thinner samples (Figure 8.18). For the machined samples, it was found
microstructural segregation near the surface area, but the coarse primary o-Al grains showed
less dendritic morphology. From these results, it is clear that the samples exhibited the similar
microstructure, although slight differences were observed for the coarse primary a-Al grains.
The thin samples showed significant segregation in the surface area and more porosity was
observed in the samples. The microstructural uniformity is also the fundamentals to result in
the difference in the mechanical properties and in the Weibull parameters obtained in Weibull
statistic analysis.
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Figure 8.48 Typical fractographs on a cross section of 5x6.35 mm flat die-cast tensile sample

(a) overall fractural image, (b) fracture surface at high magnification, and (c) detailed fracture.
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Figure 8.49 Typical fractographs on a cross section of 3x6.35 mm flat die-cast tensile sample

(a) overall fracture image, (b) fracture surface at high magnification, and (c) detailed fracture.
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Figure 8.50 Typical fractographs on a cross section of 2x6.35 mm flat die-cast tensile sample

(a) overall fractural image, (b) fracture surface at high magnification, and (c) detailed fracture.
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Figure 8.51 Typical fractographs on the cross section of 2.8x6.35 mm tensile sample machined

from the trial castings (a) overall fractural image, (b) fracture surface at high magnification,
and (c) detailed fracture.
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Figure 8.52 The porosity levels of the tensile samples obtained from the different shapes and
surface conditions. ‘Round’ represents the $6.35mm sample; ‘Flat 5’ represents the 5x6.35mm
sample; ‘Flat 3’ represents the 3x6.35mm sample; ‘Flat 2’ represents the 2x6.35mm sample;

‘Casting’ represents the 2.8%6.35mm sample machined from the trial castings.

Figure 8.53 Optical micrograph showing the microstructure on a cross section of the die-cast

$6.35mm tensile sample.
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Figure 8.54 Optical micrographs showing the typical microstructure of the die-cast $6.35mm

round tensile sample (a) near the surface and (b) near the centre.

Figure 8.55 Optical micrograph showing the microstructure of the die-cast flat tensile sample

with a cross section of 5x6.35 mm.

Figure 8.56 Optical micrographs showing the typical microstructure of the die-cast flat tensile

sample with a cross section of 5x6.35mm (a) near the surface and (b) near the centre.
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Figure 8.57 Optical micrograph showing the microstructure of the die-cast flat tensile sample
with a cross section of 3x6.35 mm.

Figure 8.58 Optical micrographs showing the typical microstructure of the die-cast flat tensile

sample with a cross section of 3x6.35mm (a) near the surface and (b) near the centre.

Figure 8.59 Optical micrograph showing the microstructure of the die-cast flat tensile sample
with a cross section of 2x6.35 mm.
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Figure 8.60 Optical micrographs showing the typical microstructure of the die-cast flat tensile

sample with a cross section of 2x6.35mm (a) near the surface and (b) near the centre.

Figure 8.61 Optical micrograph showing the microstructure of the tensile sample machined

from the trial casting with 2.8mm wall thickness.

(@) (b)

50 ﬂ

Figure 8.62 Optical micrographs showing the microstructure of the tensile sample machined
from the die casting with 2.8mm wall thickness (a) near the surface and (b) near the centre.
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8.5 Microstructure and Porosity vs. Property and Weibull Modulus

The experimental results showed the level of porosity and the uniformity of microstructure is
responsible for the variation of mechanical properties and the Weibull parameters of Al-Mg-
Si-Mn alloy. Therefore, the understanding the correlations between the microstructural
characteristics and the mechanical properties and the Weibull parameters is important to find
out the repeatability and reliability of castings. Because fracture always origins from the
porosities throughout the material, the castings with less defects and more uniform
microstructure are capable of providing improvement in mechanical properties and

repeatability.

As described before, the microstructural formation is determined by the solidification process
during HPDC manufacturing. It has been reported [183,184] that the solidification in HPDC
process commences when the melt is poured into the shot sleeve. The melt in contact with the
shot sleeve is immediately cooled below its liquidus temperature and o-Al phase forms in the
shot sleeve with dendritic morphology. The dendrites are then partially fragmented while
passing the narrow ingate with high speed and turbulent flow during the die filling. Because of
the temperature variation and high flow rate during die filling, the Stoke’s motion in the gravity
field and Marangoni motion in the non-uniform temperature field promote the solidified
primary phase a1 to segregate into the middle of casting section, which leads to the formation
of non-uniform microstructure in as-cast condition. Marangoni motion is proportional to the
temperature gradient and therefore it is determined by the melt temperature and the die
temperature. Stoke’s motion is proportional to the square of particle size and reversely
proportional to the viscosity of the liquid matrix. Therefore, Stoke’s motion becomes
significant for large particles and in a liquid with low viscosity. On the other hand, the high
turbulent flow promotes the temperature uniformity in the melt throughout the die cavity. With
a high cooling rate provided by the metallic die block, the numerous nuclei compete growing
until solidification finishes under high cooling rate inside the die cavity. However, the turbulent
flow promotes the air entrapment in the casting. The porosities are formed if the entrapped air
is not escaped from the melt before finishing the solidification. Therefore, the balance of

different flow patterns determines the uniformity of microstructure in the die-castings.

To produce sound castings with HPDC process, the structure of gating and overflow is critical
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to alter fluid flow during die filling. For example, the larger ingate size can reduce the flow
rate and the degree of turbulence during die filling, thus the entrapped air porosities can be
diminished. On the other hand, the optimised inject parameters can also control the melt filling
into the die cavity with a proper velocity profile and temperature. The pouring temperature is
also a control factor, in which an increased overheating can significantly reduce the formation
of coarse primary a-phase in the microstructure and reduce the formation of internal defect
such as porosities [185,186]. According to the previous results [187,188], pores present in the
microstructure favour crack initiation and propagation therefore are detrimental to the
mechanical performance of the material. Conversely, the reduced defects can retard the
initialisation of cracks and improve the mechanical properties, in particular the ductility which

IS more sensitive to the levels of porosities.

The improvement of mechanical properties resulted from the reduction of defects levels can
alter the parameters in Weibull statistical distribution. Because of the porosities are randomly
distributed in the castings, it is uncertain to know where the porosity will be during
manufacturing. The increased porosities increase of fracture possibility under load and the
increase of the uncertainty of maximum stress level of castings, and therefore, the increase of
scatter in the measured data. Consequently, the repeatability becomes worse and the smaller
Weibull modulus in the statistical model can be obtained. Therefore, the reduction of internal
defects in die-castings is an effective approach to increase the mechanical properties and obtain

better repeatability and reliability in application.

8.6 Summary

(1) The high R-square value in the linear fitting confirms that three-parameter Weibull analysis
is capable of evaluating the mechanical properties of die-cast Al-Mg-Si-Mn alloy and assessing

the repeatability and reliability of castings through Weibull statistic modelling.

(2) The Weibull parameters for the yield strength, ultimate tensile strength, and elongation are
different in the die-castings with different geometry including as-cast round and flat samples,
and machine samples. The variations of characteristic parameters in three-parameter Weibull
analysis show the importance of sampling type in determine the mechanical properties of the

alloy and the repeatability and reliability of castings.
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(3) The reduced porosity levels and the improved microstructural uniformity in the die-castings
result in the decrement of sources for brittle fracture, and therefore improve the mechanical
properties and alter the characteristic parameters in Weibull statistical distribution, in particular
the repeatability and reliability of die-castings.
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Chapter 9

Conclusions

1. The ductile die-cast aluminium alloys for automotive body structure have been developed.
The optimized composition comprises of 5-5.5wt.%Mg, 1.5-2.0wt.Si%, 0.5-0.7wt.%Mn,
0.15-0.2wt.%Ti. The other impurity elements should be limited in the alloy; especially Fe
should be controlled less than 0.25wt.%. The typical mechanical properties of the die-cast
alloy at optimized composition are 150MPa of yield strength, 300MPa of ultimate tensile
strength, and 15% of elongation under as-cast condition. The paint baking hardenability of
the alloy is insignificant. The increase of the yield strength of the die-cast alloy is less than
10% after a simulated ageing under 1800C for 30min. Cu can slightly increase the yield
strength under as-cast condition or under heat treated condition with significant scarifying
the ductility. Therefore, Cu should be limited in the super ductile aluminium alloy.

2. Inthe high pressure die casting of ductile aluminium alloys, solidification commences with
the formation of primary a-Al phase in the shot sleeve and is completed in the die cavity.
The primary a-Al phase formed in the shot sleeve is characterized by the dendrites and
fragmented dendrites with the size range from 15 to 100um and an average of 43um. The
primary o-Al phase formed in the die cavity is characterized by fine globular grains with
an average of 7.5um in size. Solidification inside the die cavity is also responsible for the
formation of the lamellar eutectics and the Fe-rich intermetallic. The size of the eutectic
cells is about 10um, in which the lamellar a-Al phase is 0.41um in thickness. The
intermetallic compounds exhibit a compact morphology with a size smaller than 2um and
are located at the boundaries between the primary a-Al grains or between eutectic cells and
the primary a-Al grains. The intermetallic contains 1.62at.%Si, 3.94at.%Fe and
2.31at.%Mn, suggesting that it is most likely the a-AlFeMnSi phase.

3. A solute enriched circular band is always observed parallel to the surface of the casting.

The band zone separates the outer skin from the central region of the casting. The solute
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concentration is consistent in the skin region and a general drop toward to the centre inside
the band for Mg and Si. The peak of solute enrichment in the band zone is much higher
than the nominal composition of the alloy. However, the die casting exhibits a combination
of brittle and ductile fracture. There is no significant difference on the fracture morphology
in the three regions. Therefore, the band zone is not significantly detrimental in terms of
the fracture mechanism in the die casting.

. The stability criterion developed by Mullins and Sekerka for spherical growth can be used
to provide a reasonable explanation for the difference in morphology of the primary o-Al
phase solidified in the shot sleeve and in the die cavity. The solidification of the a-Al phase
inside the die cavity has completed before the spherical grains begin to lose their stability,
but the grains in the shot sleeve exceed the limit of spherical growth and, therefore, exhibit
a dendritic morphology. The Jackson-Hunt theory can be used to estimate the growth rate
of eutectic AI-MgSi phases in high pressure die casting process, and the results indicate
that a fast solidification rate occurs in the die cavity. However, the growth rate of the
aluminium phase in eutectic solidification calculated using the Jackson-Hunt theory is
much larger than the growth rate of the primary a-Al phase calculated using the Mullins
and Sekerka theory.

In the high pressure die casting of Al-Mg-Si-Mn alloys, the formation of Fe-rich
intermetallics occurs into two solidification stages. One is in the shot sleeve at lower
cooling rates, and the other is in the die cavity at higher cooling rates. The Fe-rich
intermetallics formed in the shot sleeve exhibit coarse compact, star-like or needle/plate
shape morphology with varied sizes. The Fe-rich intermetallics formed in the die cavity are
characterised by fine compact morphology with the size less than 3 um. In the alloys, two
types of Fe-rich intermetallics are formed over the Fe content range up to 2.4wt. %. The
fine compact a-AlFeSi phase has the composition of a-AlgFe2Si and the long needle B-AlFe
phase has the composition of B-AlisFes With 0.54wt.%Mn being added into the alloy, the
fine compact intermetallic phase is found to be Ali2(Fe,Mn)sSiand the long needle B-AlFe
phase is B-Al13(Fe,Mn)4Sio2s. In the alloys containing 0.54wt.%Mn, the prior phase is a-Al
when Fe is less than 0.21wt.%, but the prior phase is B-Al13(Fe,Mn)4Sio.2s when Fe is higher
than 1.24wt.%. Over the Fe contents range from 0.21 to 1.24wt%, a-Al2(Fe,Mn)sSi
precipitates as prior phase to form either coarse compact compounds in the shot sleeve or
fine compact particles in the die cavity. The morphology and size of a-All2s(Fe,Mn)sSiz

intermetallics are dependent on the cooling rate. The higher cooling rate in the die cavity
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enables the a-All24(Fe,Mn)sSiz phase to solidify in a fine compact morphology. However,
the lower cooling rate in the shot sleeve results in the formation of compact and star-like
Chinese script o-Allxs(Fe,Mn)sSi> phase in the as-cast microstructure. Fe-rich
intermetallics significantly affect the mechanical properties of the alloy castings. The
higher the iron concentrations in the alloy, the more significantly the ductility reduces. This
is accompanied by a slight enhancement of the yield strength. The ultimate tensile strength
maintains the similar level when Fe contents is less than 0.6wt.%, but decreases
significantly with the further increase of Fe contents in the die-cast alloys. The yield
strength and the ultimate tensile strength are slightly enhanced in the die-cast Al-Mg-Si
alloy when Mn is added in comparison with that without Mn addition. Manganese promotes
the formation of the cubic a-AlFeMnSi phase and suppresses the formation of B-AlFe phase
in die-cast Al-Mg-Si alloys. The B-AlFe compounds are formed when Mn/Fe ratio is less
than 0.5.

In the die-cast Al-Mg-Si-Mn alloy containing different Ni contents, the formation of Ni-
rich intermetallics occurs consistently during solidification. The Ni-rich intermetallics
exhibit dendritic and lamellar morphology during primary and eutectic solidification,
respectively. In the alloy, Ni is always associated with Fe, Mn and Si to form AlFeMnSiNi
intermetallics. No AlsNi intermetallics is observed at Ni concentrations up to 2.06wt%,
while both primary AlIFeMnSiNi phase and eutectic AIFeMnSiNi phase are found in the
as-cast microstructure. Both the primary and eutectic Ni-rich intermetallics are identified
as the same AIFeMnSiNi phase with the typical composition of Alfi0o-1401(Fe,Mn)2-71SiNifa-
9. The increased Ni contents result in an increase in the spacing of Al-Mg»Si eutectics in
the alloy. This indicates that the increased levels of Ni contents lower the growth velocity
of the eutectic AI-M@>Si during the solidification of the alloy. The addition of Ni
significantly affects the mechanical properties of the alloy castings. The higher the Ni
concentrations in the alloy, the more significant the reduction in ductility. This is
accompanied by a slight enhancement of the yield strength. The ultimate tensile strength
increases slightly when adding a small amount of Ni into the die-cast alloys, but further

increase of the Ni content results in the decrease of the UTS.

In the experimental range, the tolerable Fe content is 0.45wt.%, at which the recycled alloys
are still able to produce castings with the mechanical properties of yield strength over
140MPa, UTS over 280MPa and elongation over 15%. The Fe is steadily accumulated in
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the alloy with the increased recycle times. However, after 13 cycles, the fully recycled

alloys are still able to produce ductile alloy with satisfied mechanical properties.

. The Weibull parameters for the yield strength, ultimate tensile strength, and elongation are
different in the die-castings with different geometry including as-cast round and flat
samples, and machine samples. The variations of characteristic parameters in three-
parameter Weibull analysis show the importance of sampling type in determine the
mechanical properties of the alloy and the reproducibility and reliability of castings. The
reduced porosity levels and the improved microstructural uniformity in the die-castings
result in the decrement of sources for brittle fracture, and therefore improve the mechanical
properties and alter the characteristic parameters in Weibull statistical distribution, in

particular the reproducibility and reliability of die-castings.
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Chapter 10
Future Work

The most important work next is to try casting under vacuum condition. As seen, the castings
made in conventional casting condition have lower elongation than that made for standard
samples. It is expected that the fluid flow in the castings is more complex and difficult to predict.
Therefore, the oxidation and porosity is increased in the casting, which result in the reduction
of ductility of the alloy. Casting under vacuum assisted HPDC process can significantly reduce
the contact with oxygen and less entrapment of air porosity. More importantly, a shorter filling
time is possible because of the increase of pressure difference. As a result, the overall porosity

level will be lower and the improved ductility is achievable.

It would be useful to study the effect of superheat on the microstructure and mechanical
properties of the alloy. This will be helpful in grain refinement and help in die filling and
possible very useful in casting practice. The strength and elongation of the alloy are expected

to increase using a proper superheat.

The effect of minor elements such as rare earth element on the alloy can be studied in the
further work. This can be useful to improve mechanical properties because of the grain

refinement, reduction of oxidation.
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