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Abstract

High-pressure die casting (HPDC) has drawn great attention in recent decades,
because of its good surface finish, high productivity and excellent mechanical
properties. In recent years, many scientific investigations have been performed on
multi-component alloys, including high entropy alloys, metallic glass or high-order
eutectic alloys. These multi-component alloys have excellent mechanical properties as
compared with many conventional alloys. Thus, in this thesis, aluminium die-cast alloy
compositions were designed with the concept of multi-component eutectic systems
(e.g. Al-Si-Mg and AI-Cu-Si-Mg). The CALPHAD modelling was used to design the
alloys compositions with the required phase constitution (e.g. various volume fraction
of eutectic mixture). The microstructural evolution during solidification for these newly
developed aluminium alloys was studied using a combination of DSC, XRD, SEM, TKD,
TEM. The mechanical properties were obtained from the standard tensile testing and

Vickers hardness test.

Experimental results confirmed that the new AI-Si-Mg-Mn alloys have bimodal
microstructure. It consists of a-Al, a-AlFeMnSi, binary eutectic (Al+Mg,Si) and ultrafine
quaternary eutectic (Si+a-Al+Mg.Si+1-AlFeMnSiMg). The high strength is induced by
the formation of the multi-scale eutectic mixture and fine a-AlFeMnSi patrticles. The
microstructure of quaternary Al-Cu-Si-Mg eutectic alloy consisted of four phases,
including a-Al, Al,Cu, Si, and Al:Cu;MgsSi; coexisted together in a cellular
microstructure with an ultrafine lamellar eutectic mixture as well as in the nano-scaled
anomalous eutectic at the intercellular region. The Al-Cu-Si-Mg hypoeutectic alloys
were investigated with Cu content ranging from 5wt% to 10wt%. The microstructure of
these alloys comprised of the multi-scale eutectic mixture, from coarse binary to
ultrafine quaternary eutectic. It was found that the yield strength and elongation can

be tailored by controlling the volume fraction of the eutectic mixture.

Optimised solution heat treatment conditions of newly developed aluminium die-cast
alloys were developed. They are 540°C/10min for Al-Si-Mg-Mn alloys and 500°C/30(60)
min for Al-Cu-Si-Mg alloys. The effects of solution time and temperature on the
expansion of porosity were assessed. There is no apparent porosity expansion under

short solution treatment or the prolonged solution time with lower temperatures.



The short solution treatment in Al-Si-Mg-Mn alloys enables the dissolution of Mg and
spheroidisation of eutectic Si and Mg.Si phases, thereby minimising the growth of a-
Al grains. The T-AlFeMnSiMg in the final quaternary eutectic reaction transforms into
nano-scale body-centred a-AlFeMnSi phase after the short solution treatment due to
the reaction with the dissolved Siand Mg in the a-Al matrix. The peak ageing hardness
was dominated by solution temperature, and the highest peak hardness was obtained
under the short T6 heat treatment with the highest solution treatment temperature. The
coherent 3”7 precipitate with needle-like morphology was found after the short T6 heat

treatment.

The solution treatment in Al-Cu-Si-Mg alloys for 30/60 min at 500 °C dissolves
sufficient quantity of Cu (~3wt%), and spheridises the Al,Cu and AlsCu,MgsSir phases.
A large number of 0’ precipitates and Q” coexist inside the a-Al matrix after T6 heat
treatment, contributing to the exceptional mechanical strength. In addition, the T5 heat
treatment of Al-Cu-Si-Mg alloys were also studied. Due to the various Cu content in
the a-Al matrix, the alloys were strengthened by B” in AI5Cu alloy, 8” and €’ in Al6.6Cu
alloy, and 6’ and Q” in Al10.6Cu alloy.

Depending on the alloy composition, these newly developed aluminium die-cast alloys
exhibit mechanical properties that are comparable and even exceed those in existing

aluminium die-cast alloys under similar T6 heat treatment.
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Nomenclature

Abbreviation or
Symbol
AGy
Lm
AT
Tm

Description

volume free energy
heat fusion
undercooling
melt temperature
embryo radius
Gibbs free energy
the critical value of embryo radius
the rate of homogeneous nucleation
the activation energy for diffusion
Boltzmann’s constant

Gibbs free energy at r*

surface tension between nucleus (a) and liquid (L)
surface tension between nucleus (a) and substrate (W)

surface tension between substrate (W) and liquid (L)

the free energy of heterogeneous nucleation
the nucleation rate of heterogeneous nucleation
the dynamic supercooling
the growth velocity of the crystal
local composition of the solid
the liquid composition
the fraction of the solid
the lamellar spacing
the solidification rates
the solid solution hardening
the shear modulus
the force
the atomic fraction of the solute
the Burgers vector
the combination of size and modulus misfit

the yield strength

Vii



AOi

AOGB
Aceutectic

ACss
AGppt
5
DSC
OM
SEM
EBSD
FIB
TEM
TKD

the friction stress or resistance to dislocation motion
the grain size
the average spacing between precipitates
the increment of yield stress
the average radius of precipitates
the volume fraction of precipitates
the Poisson’s ratio
the shear modulus
disintegration time
the diffusion coefficient of Si or Mg»Si
the interfacial energy
the solution treatment temperature
atomic diameter
the diameter of eutectic phases
final radius of the patrticle
initial radius of the particle
gas content
molar volume
equilibrium concentration of structures in the matrix
diffusion coefficient
intrinsic strength
grain boundary strengthening
eutectic phases strengthening (volume fraction,
morphology and size distribution)
solute solution strengthening
precipitation hardening
lattice mismatch
differential scanning calorimetry
optical microscope
scanning electron microscopy
electron backscatter diffraction
focused ion beam
transmission electron microscope

transmission Kikuchi diffraction

viii



XRD
HPDC
BCC
FCC
SADP

X-Ray diffraction pattern
high pressure die casting
body centred cubic
face-centred cubic

selected area diffraction patterns
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Chapter 1 Introduction

1.1 Background

For decades, there is a great number of studies on the development of aluminium
alloys, including wrought alloys and casting alloys for lightweight and structural
engineering applications. The high pressure die casting, low pressure die casting, sand
casting and so on are common methods usually applied for the fabrication of aluminium
shaped components. Among them, high pressure die casting (HPDC) has gained more
attention, accounting approximately 60% of lightweight alloys in automotive
components [1]. However, with the growth of the automotive and aerospace industries,
currently registered die-cast alloys cannot meet the increasing demand of higher
materials specifications. It is essential and challenging for the development of new die-
cast aluminium alloys with excellent strength and toughness. In recent years, a lot of
research work is focusing on multi-component alloys, such as bulk metallic glass, multi-
component eutectic alloys or high entropy alloys [2—4]. These alloys show exceptional
mechanical properties, which are several times better than those in conventional alloys.
Therefore, multi-component alloys are a potential and promising choice for the
development of future alloys. However, expensive and/or high melting point elements
are usually selected for the production of metallic glasses or high entropy alloys,
leading to less castability and the increased material cost. Consequently, the

widespread use of this type of multi-component alloys is prohibited.

Concerning economic and castability factors, the multi-component eutectic alloys are
more affordable for the development of die-cast alloys. The eutectic alloys usually have
a lower melting point and better castability with less expensive alloying elements.
There are several investigations on non-aluminium alloy systems, such as titanium and
ferrous alloys. But, only a few studies have been reported on aluminium based multi-
component alloys, but their mechanical properties are based on the compression test.
Thus, there is an urgent need to apply this new approach of designing aluminium die-

cast alloys with multi-component systems.
1.2 Research objectives

The overall aim of this research project is to develop high-performance multi-
component aluminium die-cast alloys with a bimodal or multimodal hierarchical

microstructure consisted of soft primary a-Al dendrites together with a hard ultrafine



nano-sized eutectic mixture, to provide a combination of high strength and good
ductility. This is achieved by the following objectives:

Objective 1: to study the ternary (e.g. Al-Si-Mg) eutectic solidification with the addition
of minor elements (e.g. Fe and Mn) and the mechanical properties of the of Al-Si-Mg-
Mn alloys

Objective 2: to investigate the solidification behaviour of quaternary eutectic (e.g. Al-
Cu-Si-Mg) alloy and the fracture behaviour under the compression test

Objective 3: to study the solidification mechanism of the quaternary Al-Cu-Si-Mg

hypoeutectic alloys and the tensile mechanical properties

Objective 4: to study the microstructure evolution (including pores and eutectic
phases) of the designed alloys after solution treatment, and to optimise the solution

treatment time and temperature for both Al-Si-Mg-Mn and Al-Cu-Si-Mg alloy systems

Objective 5: to investigate the precipitation of the alloys (e.g. Al-Si-Mg-Mg and Al-Cu-

Si-Mg) and the mechanical properties after T6 or T5 heat treatment
1.3 Outline of the thesis

The thesis is divided into eight chapters. Chapter 2 introduces the aluminium alloys
classification, solidification mechanisms, strengthening mechanisms as well as the
operating principles/equipment of high pressure die casting (HPDC) and existing
aluminium die-cast alloys. In addition, it includes a summary of the development of
multi-component alloys from previous studies. Chapter 3 describes the starting
materials and methodologies used in the fabrication and characterisation of these
newly developed multi-component aluminium alloys. Chapter 4 presents the results
and discussions on the development of new aluminium die-cast alloys based on
ternary Al-Si-Mg alloy system using a combination of CALPHAD modelling, suction
casting/HPDC processing and characterisation of thermal stability, microstructure and
mechanical properties. Chapter 5 is focussed on the studies of the solution and
artificial ageing treatment of these newly developed Al-Si-Mg-Mn alloys in terms of
annealed microstructure and resultant mechanical properties. Chapter 6 consists of
two parts, and the first part is the study of the solidification behaviour and compression

properties of Al-Cu-Si-Mg quaternary eutectic alloy. The second part was concerned



with the study of newly developed-Cu-Si-Mg hypoeutectic alloys in terms of solidified
microstructure and resultant mechanical properties. Chapter 7 presents results and
discussions on the effect of solution and artificial ageing treatments to the
microstructure and mechanical properties of newly developed Al-Cu-Si-Mg
hypoeutectic alloys. In Chapter 8, the main conclusions of the project are summarised,
and the suggestions for future work are presented.



Chapter 2 Literature review
2.1Casting Aluminium Alloy Classification

2.1.1 Designation, temper and characteristics of cast

aluminium alloys

Aluminium alloys are one of the most widely used engineering alloys in the world. They
exhibit low density ~2.7 g/cm?® (one-third of steel), low melting temperature (<660 °C)
and high thermal conductivity (~200 W/mK). The demand for aluminium alloys has
been increasing with the growth of the automotive industry worldwide. The exploitation
of the low-density property of aluminium alloys in automotive components has enabled
a considerable weight saving of cars, leading to the reduction of CO; emission and fuel
consumption. Consequently, the number of aluminium alloys used in the passage cars
has doubled in the last decades [5] as the automotive industry is required to comply

with strict environmental regulations.

The aluminium alloys can be divided into two types, which are cast and wrought
aluminium alloys. Generally, about 85% of aluminium alloys were used as wrought
alloys in the form of plates, sheets, foils and so on. These alloys are based on a-Al
solid solution phase that exhibits good ductility for excellent deformation formability
and can be age-hardenable to enhance mechanical properties. Cast aluminium alloys
are also a very important material in the car industry. They are processed into shaped
components using manufacturing methods such as sand casting, permanent mould
casting, high-pressure and low-pressure die casting. Currently, the most widely used
aluminium alloys are based on Al-Si, Al-Si-Mg and Al-Si-Mg-Cu systems, because of
excellent castability and good mechanical properties [6]. The remainder of this chapter

focuses on aluminium casting alloys.

Currently, there is no universally accepted system of nomenclature to classify
aluminium casting alloys. The Aluminium Association of the United States and United
Kingdom have developed their own classification system, and details are described
below. Table 2-1 shows a four-digit numerical system describing the aluminium and
aluminium alloys by United States Aluminium Association [7]. In terms of the unalloyed
aluminium group (1xx.x), the first two digits represent the purity of aluminium. For

example, 150.x indicates that the purity of aluminium is 99.5%. Moreover, the last



decimal digit with 0 and 1 indicates the product is used to denote castings or ingot,
respectively. However, in group 2xx.x to 9xx.X, there is no specific meaning of
composition similar to the group (1xx.x). The two digits identify the different aluminium
alloys. The last decimal digit is the product form.

Table 2-1 Four-digit system for aluminium alloys

Current designation | Former designation

Aluminium, 99% or greater 1Ixx.x

Grouped by major elements :

Cu 2XX.X 1xx

Si with added Cu/Mg 3XX.X 3xx

Si 4XX.X 1-99

Mg 5xx.X 2XX

Zn TXX.X 6XX

Sn 8xx.X XX

Other elements 9XX.X XX
Unused series 6XX.X

The alloys classified by the United Kingdom is different from those by the United States.
They are classified without specific order but have been assigned the prefix LM [8].
Most casting aluminium alloys in the British system are classified into four alloys (LM2,
LM4, LM6 and LM21), which are based on Al-Si-Fe, Al-Si-Cu, Al-Si and Al-Si-Cu-Mg,

respectively. The detailed compositions and designation can be found in [8].

The condition of castings, according to the United Kingdom system, is indicated by
the following suffixes:

M as-cast

TB solution treated and naturally aged

TB7 solution treated and stabilised

TE artificially aged after casting

TF solution treated and artificially aged

TF7  solution treated, artificially aged and stabilised

TS thermally stress-relieved

If there are no suffixes of the alloy, it means the alloys are in an ingot form.

The castability plays a dominated role in the development of aluminium casting alloys
with preferable microstructures and dimension stability [9]. The castability is

characterised by several factors, including fluidity, mould-filling volume shrinkage, hot
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tearing resistance, pore formation and surface quality [10-13]. Although the mould
design or casting operation has some influence on these factors, the alloy composition
plays a more important role. These factors are discussed below.

Fluidity depends on the alloy composition, which is usually measured by pouring the
metal into the spiral mould. The filling length of the metal was compared with some
other alloys, and the fluidity is assessed. The fluidity affects melt characteristics, such
as viscosity, surface tension and freezing range. Volumetric shrinkage is one of the
defects in castings, which is affected by a combination of alloy composition, mould
design and casting. This defect is in the form of large isolated voids or interconnected
porosity. It is well known that Al-Cu, Al-Mg and Al-Zn alloys are most prone to the hot
tearing, while Al-Si alloys show the best hot tearing resistance. It is because Al-Cu, Al-

Mg and Al-Zn alloys have large solidification temperature ranges [14,15].

Die soldering is the problem which usually occurs in high-pressure die casting. The
affinity of iron and aluminium melt causes the metal casting to stick to the steel mould,
leading to the formation of an intermetallic compound layer at the mould/casting
interface [16]. Thus, the alloy composition needs to be modified in order to prevent die

soldering.
2.1.2 Alloys based on Al-Si system

Al-Si alloys are the most important of aluminium casting alloys, due to its excellent
fluidity, good corrosion resistance and low coefficient of expansion. The eutectic
composition of Al-Si binary alloy has shown to be Al-12.6%Si (wt%), with solidification

temperature 577 °C and a maximum solubility of 1.65 wt%.

However, the eutectic Si phase shows either plate-like or needle-like morphology.
Such faceted morphology is formed under a slow cooling rate (10-100 K/s) or without
any chemical modification (such as Na, P or Sr). The unmodified eutectic Si can act
as crack initiation during tensile testing resulting from stress concentration [17], which
is detrimental to the elongation at fracture, thus restricting the application of the Al-Si
alloys. In recent decades, a lot of research studies have been performed on the
modification of Al-Si eutectic alloys to understand the effect of chemical and physical
intervention on the Si morphology [18]. It is reported that the addition of chemical
modifiers can generate twin defects in the Si crystals, reorientating the growth,

therefore the eutectic Si can be bent, split and curved into finer particles [19]. The Sr,
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Na, Sh, Zr, Gd, Na or P elements have been investigated for its chemical modification
effect on the eutectic Si phase. Sr and Na are two popular alloying elements in Al-Si
alloys. The addition of a concentration level of 0.01~0.03wt% of either Sr or Na, is able
to refine and decrease the aspect ratio of the eutectic Si phase. As a result, the strength
and elongation can be improved [20].

The widely used Al-Si based alloys include Al-Si alloys (LM20, LM2, LM6), Al-Si-Mg
alloys (LM25) and AI-Si-Cu (LM24). The Al-Si based alloys with modified elements for
Si have excellent ductility and good dimensional stability that have found applications
where the strength is not the primary requirement. For example, these alloys are
usually applied in domestic cookware, pump castings and particular automobile
castings. A large quantity of sand or permanent castings are based on Al-Si-Mg alloys
(LM25, A356 or A357). These alloys contain 0.3-0.5wt% Mg, having a good age-
hardening response, and usually used in cylinder heads, wheels and engine support.
After T6 heat treatment, the eutectic Si in Al-Si-Mg alloys become spherodised and B”
precipitate formed after peak ageing treatment (8-12 hours at 170 °C) [21,22].
Moreover, iron-contained intermetallic phases are unavoidable in Al-Si or Al-Si-Mg
alloys as a result of Fe impurity in the alloys. In Al-Si alloys, the brittle B-AlFeSi phase
with large plate-like shape forms, which needs to be controlled and minimised [23].
The addition of Mn has been studied, and it was found to be beneficial for these alloys

as they form fine a-AlFeMnSi phase when Mn:Fe ratio is maintained at least 0.5:1 [24].
2.1.3Alloys based on Al-Cu system

The Al-Cu based alloys were widely used for aluminium castings, but some of them
has been superseded due to poor castability. The major disadvantages of Al-Cu based
casting alloys are poor hot-tearing resistance and corrosion resistance [14,25]. Most
Al-Cu casting alloys contain additional elements (such as Mg, Si, Ag) and have a good

age-hardening response.

Al-(4-6wt%)Cu based alloys have excellent yield strength under as-cast or T6 heat
treatment condition. The highest strength of Al-Cu based casting alloy is Al-4.7Cu-
0.7Ag-0.3Mg which is usually applied in the aerospace industry and has a yield
strength of 480 MPa and tensile strength of 550 MPa after T6 heat treatment [8].
Because of the cost of Ag, the Al-Cu based alloy with Ag has limited applications. In
recent years, Al-Cu-Mg-Zr alloy was developed and fabricated via selective laser

melting [26]. The addition of Zr can provide AlsZr intermetallics and grain refinement.
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The yield strength and ultimate tensile strength is 446 MPa and 451 MPa, respectively.
Moreover, greater yield strength of 453 MPa has been achieved in Al-Cu-Li-Zn alloy
after peak ageing [27].

2.1.4 Alloys based on Al-Mg system

The castability of Al-Mg alloys is less favourable than Al-Si alloys, because of oxidation
of Mg during pouring and holding of the melt. However, the Al-Mg alloys have high
corrosion resistance and excellent machinability. During the casting of Al-Mg alloys,
the beryllium is usually added, resulting in the formation of an oxide film at the surface.
The Mg content of Al-Mg alloys is usually 4-10wt% and most sand casting Al-Mg alloys
have Mg content 7-8wt%, and Zn or Si is usually added in the Al-Mg alloy for improving
ageing hardening response. Al-Mg alloys with 5-6wt% Mg, ~0.5wt% Mn and
~2.2wt%Si are usually processed by high-pressure die casting [24]. These alloys have
a very high elongation at fracture of 15% with good strength. However, Al-Mg alloys

with lower Mg (<5wt%) are usually used in wrought alloys [28].

2.2 Solidification behaviour of aluminium casting alloys

2.2.1 Solidification of hypoeutectic or hypereutectic alloy

Most cast aluminium alloys are designed based on hypoeutectic or hypoeutectic
composition. The microstructure of these casting alloys mainly consists of primary
phases, eutectic structures and secondary intermetallics. The solidification
commences with the development of primary phases. The nucleation affects the size
and distribution of these primary phases, which play an important role in the

mechanical properties of the alloys.

2.2.1.1 Homogeneous nucleation

Nucleation can be divided into two categories, which are homogeneous nucleation and
heterogeneous nucleation. The homogeneous nucleation in casting alloys needs to
consider both temperature and composition. Before solidification, the temperature of
the melt drops and the nucleation will occur if the melt temperature is below Tn. The
undercooled melt provides a driving force. The embryo forms in the undercooled melt,
leading to the ordered atoms in the melt and decreasing the volume free energy (AG,),

Which can be written as

AG, = ZmiT 2-1

Tm
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Where Ln is heat fusion, and AT is undercooling. However, the interfacial energy can
increase with the decrease of volume free energy. The change of free energy caused
by interfacial energy and volume free energy can be described as follows [29]:

AG = 4trio + gnr3AGv 2-2
where AG is Gibbs free energy, r is the embryo radius, and o is the surface tension of
the interface between the nucleus and its surroundings. It is shown in Fig 2-1 (a) that

there is a critical value of r* (r* = 20 Tm/L . A7) in which the nucleus has the highest
m

volume free energy AG,. The free energy will decrease with further growth of the
nucleus. When the liquid undercools to a temperature below T, nucleus grows. The
embryo sizes occur in the range of cluster size presenting in the liquid. The rate of

nucleation lhom can be calculated as follows:

kT AG*+Q
hom = Texp - (529
« _ 16m03Ty?
AG = 30 A7) 2-4

where n is the total number of atoms, h is Planck’s constant, Q is the activation energy
for diffusion, T is temperature, K is Boltzmann’s constant and AG* is Gibbs free energy
at r*. The AG* are decided by undercooling, and therefore it can be found that the
nucleation rate is very sensitive to the undercooling. The relationship between
nucleation rate (Inom) and undercooling (AT) is shown in Fig.2-1 (b). Although there are
some specific conditions whereby the impurities level can be minimised after careful
preparation to provide a condition for near homogeneous nucleation, the

homogeneous nucleation rarely occurs in nature.

Embryo Nucleus
(@) 2 ' S (b)

>
A Interfacial energy

N

e
>

Ihom

\ Volume free energy AT Tm

Fig.2-1 (a) Schematic illustration of the free-energy barrier to nucleation (b) the
relationship between undercooling and nucleation rate
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2.2.1.2 Heterogeneous nucleation

Heterogeneous take place in almost all the solidification process, which occurred with
much lower undercooling compared with homogeneous nucleation. This classic
heterogeneous nucleation was developed by Turnbull et al. [30], in which a spherical
cap forms on a planar substrate shown in Fig.2-2. 0a, Oaw and o.w are surface tension
between nucleus (a) and liquid (L), nucleus (a) and substrate (W) as well as substrate
(W) and liquid (L). Because of the presence of substrate, the free energy for nucleation
decreases and the driving force of nucleation is lower than homogeneous nucleation.
The free energy of heterogeneous nucleation can be written as

AG = (41TTZO'aL + gn'r3AGU) (M)

4

2-5
In a certain system, 8 is a constant value, thus from dG/dr = 0, the critical value of

nucleation radius r* can be obtained

20
r* —— al 2'6
AGy,

The critical value of r* in heterogeneous nucleation is same as that in homogeneous

nucleation. The free energy of heterogeneous nucleation AGy,.; at r* can be written as

AGhee = AGhom ( ) = AGromf (6) 2-7
It should be noted that the free energy barrier under heterogeneous nucleation is
modified by an additional term of £(6) and f(0) is below 1. If 8 is 0°, AGp., becomes

2—3co0s0+cos30
4

0, which indicates it is entirely wet between the substrate and the liquid. If 6 is 180°,
AGp.: = AGy,, and the substrate makes no contribution to nucleation. Under no
extreme condition, 8 is in the range of 0° to 180°. Thus f(8) is below 1. As a result,
AGy,; is smaller than AGy,,,. The nucleation is much easier under heterogeneous

nucleation.

The nucleation rate is expressed in the same way as for homogeneous nucleation

_ 2
= ﬂexp _ ((2+cose)(1 cos@ )AG* +Aﬂ) .8

I
hom 4KT KT

The classical nucleation theory reveals that contact angle 6 plays a very important role

for nucleation.
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Fig.2-2 Schematic illustration of the cap-shaped nucleus

2.2.1.3 Growth of primary phase

After nucleation, the crystals start to grow, and the final size and morphology have
significant effects on the mechanical properties of the alloys. The crystals show
different shape after solidification, which is determined by the structure between the
solid and liquid interface. The interface between the solid and liquid can be divided into
two types, which are smooth interface and rough interface. Microscopically, the smooth
interface is an ideal surface with a spreading of a single layer of atoms, while the rough
interface is rugged and it has some transitional layers of atoms. On the macro level,
the smooth interface structure can lead to broken-line shape, due to different
orientations of fact plans, and there are no fact plans on the crystals with a rough

interface.

The style of crystal growth is determined by the interfacial structure of the crystals. The
first style is continuous growth, which occurs on the rough interface. There are some
vacancies of atoms on the rough interface. Hence, the atoms in the liquid can fill these
vacancies, and the crystal grows into the liquid. The dynamic supercooling (ATk) has
a linear relationship with the growth velocity of the crystal (vg) under this style. The
second style is two-dimensional nucleus. It appears on the surface of the crystal with
a smooth interface. A nucleus grows parallel to the basal plane to form an expansion

layer. After that, another stage forms and repeat the growth. The relationship between

ATkand vq is v, = uzexp(ﬁ). u. and b are constant value. It can be found that high
k

growth velocity (vq) needs large dynamic supercooling (ATk). Lastly, the crystal growth

starts on the screw dislocation. If there is a screw dislocation on the smooth surface,



16

there are some screw stages and atoms in the liquid can fill the vacancies. The

relationship between ATiand vg is v, = uz ATy

Apart from the interfacial structure of the crystals, the temperature field on the front of
the solid/liquid interface also affect the crystal growth. Under a positive temperature
gradient, the temperature in the liquid is higher than the solid. Because of the higher
temperature in the liquid, the occasional hump part can be retarded. The growth of the
crystal is in the form of a flat move. However, if the temperature gradient is not positive,
the hump structure in the solid/liquid interface can grow into the liquid and form a

dendritic structure with secondary or tertiary dendrites.

The different grain structures can usually be observed from the microscope in the
castings or ingots. There are usually three regions of grain structure in the ingot without
grain refinement or alloy modification. In an out layer of the castings, the fine and
random orientated equiaxed grains can be observed, and it is because of the high
cooling rate and subtracts for nucleation provided by the wall of the mould. After the
formation of out layer, the temperature of the mould increases, leading to a slower
cooling rate. The columnar grains form with a preferred orientation, and the growth
direction is towards the centre of the casting. Further solidification causes a decrease
in the temperature gradient, which prohibit the growth of columnar grains. In the
meantime, there are some nucleus in the liquid and grow in all directions, and the
equiaxed grains form at the centre of the casting. This is so-called the columnar-to-
equiaxed (CET) transition. The castings with more equiaxed grains are less
susceptible to hot tearing, and the feeding can be enhanced, leading to the

improvement of the distribution of porosities [31].

There are a lot of work investigating the mechanism CET. It can be divided into two
groups. One is because of the heterogeneous nucleation of equiaxed grains in the last
liquid [32,33]. Another explanation is the fragments of dendrites from mould walls or
upper liquid-air surface [34]. Superheat, alloy composition and fluid flow can affect CET.
It is reported that increasing the superheat can increase the columnar length and
suppress CET, which is because of a larger temperature gradient [35—-37]. Moreover,
alloy composition has a great effect on CET, resulting from the melting temperature,
kinetics of dendrite growth [37] and nucleation rate [35,36,38]. Lastly, the convention
created by nature or electromagnetic results in modifications of temperature field and

concentration field, and finally, the columnar region can be shifted and minimised [39].
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2.2.2 Solute segregation during solidification

The prediction of solidification and other properties in aluminium alloys is very critical.
In the simulation of alloy solidification, Lever rule and Scheil-Gulliver model are two
popular approaches to describe the phase fraction as a function of temperature [40].
The assumption of the Lever rule is that the diffusion in the liquid or solid is very fast
at any time, and the solidifying phases are always maintained at the equilibrium state.
However, Scheil-Gulliver model assumes there is no diffusion in the solid phase while
the solute redistribution in the liquid is infinitely fast. The analytical solution of the Scheil

equation can be written as [41]:

k:% 2-9
L

where C; is the local composition of the solid, C; is the liquid composition. Cg is
expressed as:

Cs = kCo(1— )k 1 2-10

where K is the partition coefficient, C, is the base composition and f; is the fraction of
the solid. The formula 2-10 is restricted to a single phase with one constant partition
coefficient. The model was later developed for multi-component alloys with various
partition coefficients derived from CALPHAD databases. Some casting processes
have high cooling rate and are under no-equilibrium condition. Hence, Scheil-Gulliver

model is more suitable to predict these solidifications [42].

The original Scheil-Gulliver model did not consider the back diffusion of the elements
in the solid [43] as well as different solidification conditions. Thus, Scheil-Gulliver model
has limited application. For decades, the improvement of Scheil-Gulliver model has
been investigated by many researchers. Yoo developed an analytical model of binary
alloys based on Scheil-Gulliver model, taking into consideration of dendrite arm
coarsening [43]. It is found that there is a lower limit of initial concentration affecting
eutectic formation. Chen et al. proposed that the scheme of solute back diffusion in the
multi-component system with partial equilibrium assumption agrees well with
experiment results [44]. llbagi et al. extend Scheil-Gulliver model in Al-Ni alloys with
various cooling rate, and the fractions of AlsNi; and Al:Ni was predicted with
consideration of peritectic reaction [42]. In addition, Zhao et al. have investigated step
size and cut-off limit of the residual liquid amount on the solidification simulation based
on Scheil-Gulliver model in Al-Mg-Zn system [40]. It was found that a proper step size
and cut-off limit value needs to be selected for accurate prediction of phase constitution,

which depends on the system.
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2.2.3 Eutectic solidification

2.2.3.1 Nucleation in the eutectic solidification

Similar to some other solidification process, eutectic solidification consists of
nucleation and growth process. The nucleation of one eutectic phase at the
temperature below the eutectic temperature is the initial state, following by the
nucleation on the second eutectic phase. Thus, the exceptional orientation relationship
is usually found in the eutectic microstructure, which is the origin of the nucleation
process. Many investigations have been done on the early stage of eutectic
solidification. Cantor studied crystallography of Al-Al:Cu, Al-AlzNi and Al-(AIAg)
eutectic alloys which solidified in a vertical annular furnace with chilled nucleation base
[45]. It is found that the at the nucleation surface there are random orientations in Al-
Al,Cu, Al-AlsNi alloys indicating random nucleation of eutectic phase, while the Al-
((AlAg) nucleus epitaxially with preferred orientation relationship. Moreover, Bhat
studied eutectic nucleation in hypoeutectic Al-Cu alloy under directional solidification
with various holding time at high temperatures [46]. There is no orientation between
primary a-Al dendrite and eutectic structure, and the eutectic structure grows from
Al,Cu precipitates. A similar phenomenon was found by Kim as well, who studied the
Al-Al;Cu droplets in Al matrix [47]. In addition, the nucleation process in the Al-Si binary
alloy is also studied. Shankar et al. studied the nucleation behaviour of hypoeutectic
Al-Si alloy with iron impurity [48]. The iron impurity plays an important role in
heterogeneous nucleation of eutectic phases, which can form B-AlSiFe precipitates or
B-AlSiFe secondary phase depending on the amount of Fe impurities. The eutectic Si
nucleates on these particles and grows as flaks. After that, the surrounding liquid is
enriched with aluminium. Eventually, eutectic aluminium nucleates and grows on the
edges or tips of these flak eutectic Si phases. However, Nafisi et al. proposed that
apart from some impurities, some small Si particles, which results from localised Si
enrichment, can also provied heterogeneous nucleation of eutectic Si [49]. In addition,
Zarif et.al studied the effects of P and Sr on the nucleation of Al-Si alloys, and found
that P addition contribute to the heterogeneous nucleation of eutectic Si, but Sr does
not promote nucleation [50]. It is because unlike Sr-contained phases, AIP phase

having an excellent match with Si can be nucleation sites for eutectic phases.

2.2.3.2 Growth of eutectic alloys

The solidification behaviour of eutectic or alloys is initiated by nucleation stage and

completed with the growth stage. Undercooling also plays a key role in the driving force
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for growth as well as growth behaviour. The undercooling in the eutectic growth mainly
consists of curvature undercooling (AT,), constitutional undercooling (AT,) and kinetic
undercooling (ATy), in which kinetic undercooling can be negligible (~0.01 °C). Based
on the liquid-solid interface, eutectic can be divided into three groups: (1) metallic-
metallic; (2) metallic-nonmetallic; and (3) nonmetallic-nonmetallic. Eutectic aluminium
alloys cover the metal-metal group (e.g. a-Al-Al,Cu, a-Al-Ag2Al, a-Al-AlzNi, a-Al-Mg.Si).
There are many types of eutectic morphology, such as lamellar structure, fibrous,
needle-like. The morphology of eutectic mainly depends on the interfacial energy. It
has been calculated that if the volume fraction of one eutectic phase is lower than
27.6%, the total area of rod phases is smaller than that of lamellar interfaces. Thus,
the morphology shows fibrous, since it has lower interfacial energy. Here, the metallic-
metallic group of lamellar eutectic is taken as an example to reveal the binary eutectic
growth mechanism. At equilibrium condition of the metallic-metallic eutectic
solidification, the solid-liquid interface is usually a rough surface as discussed in
Chapter 2.2.1.3. The temperature at the interface is approximately 0.02 °C lower than
the eutectic temperature. The temperature on the surface is almost the same. At the
initial stage, one of the eutectic nucleates (a phase), which is called the leading phase.
After that, another eutectic phase (B phase) nucleates and grows along the leading
phase (a phase). During the eutectic growth, there is a short lateral diffusion of
chemical species between these eutectic mixtures to maintain the composition of each
phase, as shown in Fig.2-3. The growth of  phase is accompanied by absorption of A
atoms and rejection of excessive B atoms. At the same time, B atoms are absorbed
by a and a reject excessive A atoms. This transverse diffusion process leads to the

formation of the lamellar structure with uniform interlamellar spacing.

There is an orientation relationship between the eutectic phases. The lamellar spacing
is related to the undercooling, and the relationship developed by Hunt and Chilton [51]

can be written as

— Kk -
7\—@ 2-11

where A is the lamellar spacing, k is a constant and R is the solidification rates.
Therefore, a high solidification rate results in a finer lamellar structure according to
equation 2-11. The constant k is related to the alloy composition or different alloy

system.

Moreover, it is usually observed that the lamellar spacing of eutectic alloys is not

uniform with sudden decrease or increase of lamellar spacing. Jackson et al. reported
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that lamellar faults play a critical rule in changing the lamellar spacings [52]. Ourdjini
et al. found that there is a limited range of eutectic spacings under a constant growth
velocity [53]. The minimum and maximum spacings were calculated based on a self-
consistent interface shape, and the results agree well with experimental results.
Besides, Carlberg et al. studied Ag-Cu, Al-Zn, Al-Cu eutectic alloys with unidirectional
solidification [54]. It was found that the distribution of lamellar spacing was sinusoidal
shaped, and Al-Zn has the fastest adjustment of the lamellar spacing due to the
roughest solidification front.

Fig.2-3 Transverse diffusion of lamellar eutectic growth

Lastly, some ternary eutectic systems were also investigated. It is found that the
eutectic pattern and morphology depends on the eutectic systems. The solidification
of Sn-Pb-Cd was investigated by Gregory et al. and the orientation relationship was
characterised, showing coupled growth of three phases [55]. The ternary Sn-Pb-Cd
system has ABCA eutectic pattern and the lamellar interfaces have low energies,
which are closed-packed planes. Bottin-Rousseau et al. studied near eutectic In-In,Bi-
Sn alloy, and this alloy shows ABAC pattern having a wide stability range of lamellar
spacing under a constant growth rate [56]. Moreover, Hotzer et al. studied the
Relationship between growth velocity and microstructure evolution of ternary Al-Ag-Cu
alloy [57]. The microstructure shows a chain-like structure with alternating Ag-Al and
Al,Cu embedded in the Al matrix. With the increase in growth rate, the phases fractions
adjust quickly, but there is no change of eutectic pattern. In addition, some other
ternary eutectic systems have been studied (such as Al-Cu-Si [58], Al-Cu-Ni [59] and
Mg-Cu-Zn [60]) and it was found that these ternary eutectic alloys have a bimodal

eutectic structure, and the coupled growth of three phases in these alloys can not be
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found. Lastly, there is only a little literature reporting the quaternary eutectic alloys and
the available systems and growth mechanism have not been widely investigated.
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Fig.2-4 The microstructure of ternary eutectic alloys (a) Sn-Pb-Cd [55] (b) In-
In2Bi-Sn [56] (c) Al-Ag-Cu [57] (d) Al-Cu-Si [58] (e) Al-Cu-Ni [59] (f) Mg-Cu-Zn
[60] (the web version of the images)

2.2.3.3 Anomalous eutectic solidification

Anomalous eutectic is usually observed in the undercooled eutectic solidification, with
typical features such as flake, complex regular and quasi-regular as shown in Fig. 2-5
[61]. This formation mechanism has been usually studied via EBSD, mainly in many
binary eutectic systems, such as Ag-Cu [62], Co-Ge [63], and Ni-Sn [64]. Many
investigations have been done to reveal the mechanism of anomalous eutectic
formation. Some models have been proposed to explain its formation. Coupled or
decoupled growth with remelting/fragmentation is one of the most popular models to
explain its formation [65-67]. Li et al. found that anomalous eutectic formed in Ni-Sn
eutectic alloy with various degree of undercooling [68]. There exists a critical
undercooling (130 K), and if the undercooling is larger than the critical value, a-Ni
grows as a primary phase into the undercooled melt and B-NizSn nucleates
heterogeneously, forming anomalous eutectic structure. Conversely, if the
undercooling is smaller than the critical value, a-Ni and B-NizSn eutectic mixture
exhibits a lamellar morphology, and develop into dendritic morphology, due to the
negative temperature gradient in the liquid during eutectic solidification. Wei et al. have
extended the mechanism that the anomalous eutectic formation induced by
remelting/fragmentation depends on the alloy system [69]. Ag-Cu, Ni-P and Pd-P were

selected which represents solid solution-solid solution, solid solution-intermetallic
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compound and intermetallic compound-intermetallic compound systems, respectively.
It was found that no remelting occurred in the intermetallic phases, but only in the solid
solution phases remelted. The calculated results show that for these eutectic systems
with larger equilibrium solute distribution coefficients or small solidus slopes, the solid
solution phases are supersaturated with more solute, and thus, they are more prone
to be remelted.
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Fig.2-5 The microstructure of anomalous eutectic at high undercoolings: (a) Ag-
39.9 at.%Cu [62] (b) Ni-32.5 wt.%Sn [64] (c) Co-29.7 wt.%Ge [63] (d) Ag-39.9
at.%Cu [69] (e) Co-34.2 wt.%Sn [70]

Recently, Mullis and Clopet calculated and found that the volume fraction of anomalous
eutectic caused by remelting is much smaller than the experimental results [62]. Based
on this finding, a hew model has been proposed that there is a kinetic shift of the
eutectic point during rapid solidification. Under rapid solidification, the location
(sloid/liquid) of a eutectic point is affected by the growth velocity [71]. As shown in Fig.
2-6, in Ag-Cu alloy the local eutectic point shift to Cu corner with increasing growth
velocity. Thus, during the growth of cellular eutectic, there is a diffusion layer in front
of eutectic, which need to approach local eutectic composition with respect to a kinetic
eutectic point. The boundary will be riched in Cu. Thus, at the last solidification process,
the residual liquid is enriched with Cu. The heterogeneous nucleation of Cu-rich

phases is the main factors contributing to the anomalous eutectic.
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Fig.2-6 Kinetic shift of eutectic point versus growth velocity V with various
diffusion speed Vp [62]

2.2.3.4 Divorced (decoupled) eutectic solidification

The eutectic growth can be divided into two types, based on their growth mechanism.
They are cooperative growth and divorced growth or decoupled growth. The divorced
eutectic grows with no exchange of solute and no trijunction. There are several

mechanisms causing divorced eutectic growth.

Firstly, Xiao et al. simulated solidification of binary and off-eutectic alloys via a modified
diffusion-limited aggregation model [72]. It was found that oscillations in lamellae width
have an influence on the morphology of eutectic and server oscillations can break
orientational symmetry leading to divorced eutectic. The eutectic morphology in Mg-Al
alloys under high pressure die casting and gravity casting was studied by Dargusch
[73]. It is found that a high cooling rate is able to obtain fine a-Mg grains, and the
eutectic solidified inside these narrow interdendritic regions. Thus, growth of eutectic
phases becomes restricted in these small spaces and divorced eutectic morphology

forms. A similar phenomenon was also reported by Cao et al [74].

Furthermore, divorced eutectic morphology is also found in ternary systems. Wang et
al. investigated the formation of eutectic in undercooled Pb-Sb-Sn alloy [75]. The
microstructure of Pb-14%Sb-10%Sn alloy consists of pseudobinary eutectic (Pb+Sb)
and ternary eutectic (Pb+Sh+SbSn). Because of great differences of a lattice structure
among these three phases, coupled growth is hard to maintain, leading to divorced
eutectic morphology. The divorced eutectic was also found in (Co7Sn24)Nb alloy [76].

The addition of Nb in Co-Sn alloy contributed to a great difference in growth velocity of
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a-Co and B-CosSn; and divorced eutectic takes place. Lastly, the ultrasonic field can
also trigger the growth of divorced eutectic, due to cavitation effect and acoustic
streaming [77,78]. The cavitation effect and acoustic streaming can promote the
nucleation of eutectic phases and suppress the coupled growth, respectively.

Fig.2-7 Microstructure of divoreced eutectic (a) Co-20%Sb [74] (b) Pb-14%Shb-
10%Sn [75] (c) (Co7Sn24)Nb [76] (d) Al-50%Ge [78]

2.2.4 Cellular to dendritic eutectic microstructure

Cellular eutectic morphology can usually be observed in binary or ternary eutectic
alloys under directional solidification, suction casting and et al. The main factor
contributing to the cellular eutectic growth is the impurities and third element in binary
eutectic alloy. The impure Al-ALCu and Al-AlzNi eutectic alloys under directional
solidification were studied by Lawson et al [79]. The elongated cells in longitudinal
section and equiaxed cells in the transverse section were found, and inside one cell,
there was a constant orientation relationship between the eutectic phases. Similar
microstructure in binary eutectic alloys was also found by Moura et al. who studied Sn-
0.7wt%Cu alloy [80]. Cellular eutectic alloys were also found in ternary Al-Cu-Ag [81]
and quaternary Ni28AI28Cr28Mo6Fel0 (at%) alloys [82]. It is proposed that under
eutectic solidifications, some additional elements can lead to the solid-liquid interface
instability [83], due to the solute built-up during solidification. In addition, the cellular
spacing decreases with an increase of cooling rate, and the mechanism is similar to

the grain refinement of rapid solidification [84]. The development of the eutectic cell is
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usually accompanied by the coupled growth of two eutectic phases, following the
nucleation of one eutectic phase (leading phase) and the growth of another eutectic
phase on the leading phase. Thus, the heterogeneous nucleation of eutectic leading
phase has great impact on microstructure of the eutectic cells [85,86]. At the certain
undercooling range, increasing the undercooling is able to get higher heterogeneous
nucleation rate of the eutectic phase, resulting in more eutectic cells and decreased

cell spacing.

Furthermore, the transition of eutectic structure from cellular to dendrite occurs in the
eutectic alloys. Goetiznger et al. studied Ni-21.4%Si alloy without the influence of
impurities, and dendritic eutectic morphology was found in the undercooled Ni-Sn alloy
[87]. The negative thermal gradient from a planar interface to the liquid is responsible
for the instability of the liquid/solid interface, and the dendritic structure forms with
branches for the effective dissipation of excessive heat. Besides, Li et al. took into
consideration of kinetic effect and thermal undercooling on the dendrite formation [88].
The thermal undercooling caused by negative thermal gradient has the largest
proportion contributing to dendrite formation at low undercooling, while at large
undercooling, kinetic effect undercooling also plays an important role. In addition, Zhao
et al. studied the undercooled solidification of high-purity Ag-Cu eutectic alloy, and the
cellular eutectic cannot form without negative temperature field [89]. It is because the
eutectic phase composition and high thermal diffusion coefficient can suppress
dendritic eutectic and contribute to the cellular structure. To be detailed, the
compositions of eutectic phases in Ag-Cu alloy have large variations, and more solute
needs to diffuse away, resulting in lower growth. Also, the Ag-Cu melt has large
thermal diffusion coefficient. The high thermal diffusion and lower growth of the cells

restrain the development of the branches of the cells.
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Fig.2-8 Cellular eutectic structure of Sn-0.7wt%Cu alloy [90] (a),
Ni28AI28Cr28Mo6Fel0 (at%) alloy [91] (b), Al-21.5 wt%Cu-27wt%Ag eutectic
alloy [83] (c); dendritic eutectic structure of Ag-39.9at%Cu [92] (d)

2.3 Traditional strengthening mechanisms employed in
the development of high strength cast aluminium

alloys

The majority of commercial aluminium alloys are binary, ternary or even multi-
component alloys fabricated by melting. Alloys exhibit better physical or mechanical
properties than pure element. This is because various strengthening mechanisms can
be operated in a given alloy. They include solid solution strengthening, precipitate
strengthening, and grain boundary strengthening, which contribute to obstacles that

hinder the dislocation motion, thereby increasing the resistance of plastic deformation.
2.3.1 Solution strengthening

A solute solution contains one or more solute (minor) elements inside a solvent metal,
maintaining its original crystal structure. The solid solution can be divided into two
types, based on the roles of solute atoms. They are referred to as either substitutional
solid solution or interstitial solid solution. The so-called substitution solid solution is that
the solute atoms substitute the solvent lattice atoms in random or order manners.

However, the interstitial solid solution is formed when the solute atoms distribute inside
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the gap of solvent lattice. It should be noted that from a macroscopic point of view, the
solute atoms homogeneously distribute, but from a microscopic point of view, these

atoms are inhomogeneous.

Different elements have different solubility. There are three main factors affecting the
solubility, which are atomic size, relative valence and electronegativity difference [93].
The first factor is that the primary solidarity will be restricted, provided the difference in
atomic size between solvent and solute is 13-15%, owing to the large lattice distortions
[94]. Secondly, Hume-Rothery proposed that it is more likely for the metal with a lower
valence to dissolve into the metal with higher valence [93]. Lastly, it is also found that
electronegativity difference also plays a role in the solubility [95]. It is concluded that
intermetallic compounds are more porn to form if more electronegative is the solute

and the more electropositive is the solvent metal [96].

In aluminium alloys, different atoms have different solubility. For example, Si has a low
solubility of ~1.65wt% in aluminium, while 5.65wt% of Cu can be dissolved in
aluminium. Zander et al. have investigated non-hardenable aluminium alloys and
proposed solid solution hardening model, taking into consideration of the size and
modulus misfit parameters between solute and solvent elements [97]. The solid

solution hardening (t;_y) is expressed as:
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where w is the range of the force, G is the shear modulus, f,, is the force, c is the
atomic fraction of the solute, b is the Burgers vector and ¢; is the combination of size

and modulus misfit.

It can be found that the solid solution hardening is proportional to c?/3 and g,4/3.
Furthermore, Ryen et al. investigated Al-Mg and Al-Mn binary alloys with minor
impurities of Si or Fe [98]. The linear relationship between concentration and strength
were found at a given strain rate, and Mn provides a more effective solution

strengthening rate than Mg.
2.3.2 Grain boundary strengthening

Grain refinement has been a hot topic for decades. The cast alloys or wrought alloys

with fine grain size have many advantages. For example, it has better fluidity and
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feeding, better distribution of porosity, improved surface finish and better mechanical
properties. Among them, better mechanical properties can be greatly improved with
the decrease of grain size from hundreds of micrometre to hundreds of nanometres. It
is proposed that finer grain size can lead to more grain boundaries. Meanwhile, the
grains in the alloys have different orientations. Thus, grain boundaries can act as
obstacles inhibiting the dislocation movement that leads to dislocation pile-ups near
grain boundaries during deformation. The relationship between grain size and yield
stress is described as the Hall-Petch equation [99]

oy = 0o+ kd™*/? 2-14
Where o, is the yield strength, g, is the friction stress or resistance to dislocation
motion, k is the constant and d is the grain size. k is affected by orientation texture

concerning the distributions of grain boundaries [96].

This equation has a good agreement with the experimental results obtained from
coarse-grained microstructure, and it shows that the yield stress increases with
decreasing grain size. Itis also desirable in the eutectic alloys, where finer interlamellar
spacing contributes high strength. Furukawa et al. reported that there is a decrease in
the slope on the Hall-Petch equation when the grain size decreases to 150 nm in
torsion-strained samples [100]. The grain boundaries increase dramatically with the
decrease of grain size, and at these grain boundaries, there are a lot of extrinsic
dislocations. During the impingement of indenter, the participation of these extrinsic
dislocations moves in these non-equilibrium grains, which changes the slope (k).
Moreover, it was found that even a negative slope occurs in the Hall-Petch equation.
Carlton et al. proposed the statistical absorption of dislocations by grain boundaries,
accounting for this inverse Hall-Petch effect [101]. It is because with decreasing the
grain size, the alloys have more grain boundaries and more dislocations will be
absorbed by the grain boundaries during deformation. As a result, the decrease in

grain size has a negative effect on yield strength.
2.3.3 Precipitation strengthening

The precipitation strength involves the dispersion of fine precipitates to impede the
motion of dislocation, thereby increasing the strength of the alloy. Based on the
interaction between the precipitates and dislocations, the precipitation strengthening
mechanism can be divided into two groups, that involve non-deformed precipitates and
deformed/sheared precipitates. The balance of force between line tension (T) and

obstacle, as shown in Fig.2-9. The force meets the maximum level when sin 6 is 1 or
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0 is 90°. The hard particle acts as an obstacle to block the motion of incoming
dislocation. The dislocation can bypass the hard precipitates when the applied stress
exceeds 2T where T is the line tension force of dislocation. Orowan loops or cross slip
forms as shown in Fig.2-9 [102]. The precipitation strengthening based on Orowan
loop mechanism can be expressed by A,; and At , as shown below [103,104]

2T
Aot = (E)WTP 2-15
_ Gb ™ )
At = o=n 2 2-16

Where Ay, is the average spacing between precipitates, At is the increment of yield
stress, 7, is the average radius of precipitates, f is the volume fraction of precipitates,
1, is the radius of dislocation core, v is the Poisson’s ratio, G is the shear modulus,

and b is the magnitude of the Burgers vector.

|
Particle

Line tension (T)

Dislocation

Fig.2-9 The illustration of non-deformable precipitate impeding dislocation motion

From the above equations, it can be found that smaller size and higher volume fraction
of precipitates can lead to higher strength. The bypass of dislocation of precipitates by
Orowan looping is shown in Fig.2-10. The process undergoes four stages. Firstly, the
force is approaching the precipitates. Secondly, the dislocation approaches the
precipitates and bends around it. Thirdly, two dislocation segments on sides of the
particles are elastically attracted having same Burgers vector and opposite line
directions [101]. Lastly, the dislocation bypasses the precipitate forming a loop. During
the process, the precipitates remain unchanged, and the resistance force is greater
than 2T. Fig.2-11 shows the dislocation pass through the precipitate when the
maximum force reaches before the 0 is 90°. The precipitates are sheared and pass

through the precipitates.
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Fig.2-10 The bypass of dislocation through the precipitates

Before

Fig.2-11 Dislocation motion through deformed precipitates

The peak ageing hardness or strength is determined by the size and distribution of
precipitates as well as their coherency/semi-coherency. The shearing process is more
difficult if the size of the precipitates increases. As a result, the dislocations pass the
precipitates in the form of Orowan mechanism and the strength decreases. The highest
strength is obtained with an equal probability of bypassing and shearing precipitates,

shown in Fig.2-12.
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Precipitate size

Fig.2-12 Relationship between precipitate size and strength [105]

The types of precipitates and precipitation sequence in various alloy systems are
different. For example, A356 and A357 alloys (Al-Si-Mg), which are widely used in
structure components, have excellent ageing hardening response after solution
treatment. The precipitation sequence in these two alloys are [106,107]

SSSa—GP zones (needles or spheres)—f” (needles)—p’ (rods)—p(plates, Mg.Si or
non-stoichiometric MgxSiy)

Moreover, Al-Cu alloys are widely applied in aerospace industries [108]. The classical
precipitation sequence in Al-Cu binary is [108,109]

SSSa—GPIl— GPIl—0"—f’

It is reported that in Al-Si-Mg alloy, the attracting of Mg around Si clusters causes GP
zones, following the transmission to f” [106]. The structure of GPI in Al-Cu alloy is a
single Cu layer lies on {002}, plan, while GPII has two Cu layers on {002}4 plan with a

distance of 0.808 nm [106]. All the GP zones are coherent with Al matrix.

The peak ageing time of Al-Si-Mg alloy is between 12-24 hours at an ageing
temperature of 180 °C [110] or between 18-24 hours at an ageing temperature of
160 °C [111]. Over-ageing treatment leads to the coarsening of the precipitates, and
the hardness decreases. 3” forms at peak ageing treatment in Al-Si-Mg alloys and it is
coherent along <001>4 axes, but the rhombohedral cross-section of 3” has large misfit
with Al matrix [112]. Besides, the peak ageing time in Al-Cu alloys also depends on
the ageing temperature. Liu et al. studied the precipitation in Al-Cu alloys [113] and the

peak ageing time is about 24 hours at 165 °C. The majority of precipitates are plate-
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like ©’. The interface of 8" around the rim of the plates is semi-coherent, while the rest

of the interfaces are coherent [108].

Furthermore, apart from Al-Si-Mg or AI-Cu alloys, the mechanical properties and
precipitation of some other alloys were also studied. For example, It is found that Al-
Si-Cu-Mg alloys (Al-Si based) have much higher strength than ternary Al-Si-Mg alloys
[114]. The maximum yield strength of ~415 MPa was obtained after ageing for 24 hours
at 150 °C. Under peak ageing condition, there are mainly three types of precipitates in
Al-Si-Cu-Mg alloys, which are 7, 6’, Q” [115,116]. Itis apparent that two combinations
of precipitates (B”+8’ and 6’+Q” ) exist in the alloy under peak ageing condition. The
precipitates and mechanical properties of Al-Cu based multi-component alloys were
also studied. Liu et al. found that AI-5Cu-0.3Mg-0.3Si (wt%) alloy has 6+Q”
precipitates after peaking at 180 °C for 10 hours [117]. Five types of precipitates of T1
(AlzCuLi), ©’(Al,Cu), 8”7, & (AlsLi) and o (AlsCusMg>) coexists in Al-3.7Cu-1.5Li (wt%)
alloy after ageing for 24 hours at 165 °C [118]. It is more complex of the precipitation
in multi-component systems, and the combination of precipitates leads to high strength.
In addition, the morphology and orientation of precipitates or dispersoid particles also
have an influence on the strength. Nie reported that in magnesium alloys with the same
volume fraction and number density of precipitates, plate precipitate contributes to the
highest yield strength, compared with rods or spherical particles [119]. The reason is
that the plate-shaped precipitates forming on prismatic plans have the smallest inter-

particle spacings, based on Orowan equation.

2.4 Recent development of high strength alloys based on

ultrafine eutectic microstructure

The mechanical properties of eutectic alloys can be greatly improved with the refined
interlamellar spacing based on Hall-Petch theory [99]. The strength of eutectic alloys
can be increased by reducing the interlamellar spacing due to increasing interface
density, leading to an increasing amount of obstacles to dislocation motion. For
example, the binary eutectic alloy of Al-33%Cu is one kind of most common binary
eutectic Al alloys that have been investigated in details. Under rapid solidification
condition, the interlamellar spacing of a-Al and Al,Cu decreases. Srivastava et al.
studied the effect of cooling rate on the as-solidified microstructure of Al-33%Cu alloy
fabricated by suction casting using 2-5 mm diameter water-cooled copper mould [120].
It was found that the average interlamellar spacing of Al-33%Cu eutectic alloy

decreased with increasing cooling rate. The smallest interlamellar spacing of 200 nm
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was obtained when the melt was solidified at a cooling rate of 600K/s using a 2 mm
diameter water-cooled copper mould. It is reported by Park et al. that Al-Cu binary
eutectic alloy with an interlamellar spacing of ~200 nm has high ultimate fracture
strength of ~1.2 GPa and low plastic strain of ~2% under compression test [121].

Although the alloys with ultrafine eutectic microstructure have excellent strength, the
low plasticity and toughness are main factors that hinder their adoption to engineering
applications. The properties of these alloys depend on the crystal structure, length
scale and volume fraction of each constituent phase [58]. In recent decades, a lot of
investigations have been carried out to improve the plasticity of nanostructured
eutectic alloys without compromising the strength. Two design strategies have been
adopted. One approach involves the formation of a composite microstructure
consisting of the soft dendritic primary phase and interdendritic ultrafine eutectic
mixture, which based on hypoeutectic alloy composition. The other approach is to
modify the single homogeneous eutectic matrix into the bimodal eutectic mixture,
comprising of a hierarchy of different length scales and morphologies of eutectic

phases.
2.4.1 Hypoeutectic ternary and multi-component alloys

Most of the mechanical properties of ultrafine ternary eutectic alloys are based on
compressive strength and ductility. Hence, these alloys are believed to have a low
tensile ductility to meet the engineering applications in the automotive industries.
Recently, this design strategy of introducing soft micron-sized grains as a primary
phase embedded into a nano-/ultrafine matrix has been developed successfully in Ti-
based and Ni-based ultrafine eutectic alloys to improve tensile ductility. It is believed
that good ductility can be achieved via introducing soft primary phases. The
microstructures of ultrafine hypoeutectic Ti-16.6%Nb-6%C0-5.1%Cu-6.5%Al (at%)
alloys reported by Okulov et al. are shown in Fig.2-13 [122]. The microstructure
consisted of soft B-Ti(Nb, Al) dendrites with a volume fraction of 90-95% and B-
Ti(Co,Cu)-TiCo ultrafine eutectic. The tensile yield strength and elongation of Ti-Nb-
Co-Cu-Al hypo-eutectic alloy are about 1.1GPa and 11% respectively, which is higher
than that of many ternary Ti-based alloys. The improved mechanical properties are
due to the high density of slip bands in the soft dendrites during deformation and
dissipation of excessive stress though high strength ultrafine eutectic mixture. Li et al.
fabricated (Feos5C00:5)90-(M00.1Co2BosSio2)10 multiphase composites with a

microstructure, consisting of nano-lamellar phase strengthened a-(Fe,Co) dendritic
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cores surrounded by a network of refinement phases of ultrafine eutectics [123]. When
the volume fraction of FeCo dendrites reach 95%, the compressive yield strength and

strain to failure are 1153MPa and 18.62% respectively.
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Fig.2-13 XRD pattern (a), SEM backscattered image (b) and tensile properties (c)
of Ti-16.6%Nb-6%Co0-5.1%Cu-6.5%Al(at%) hypoeutectic alloy [122]

More recently, hypoeutectic alloys with quaternary or even quinary recipe were
developed, which enable to improve the strength and ductility further. Kang et al.
prepared  (TizoseF€29.44)90C010  ternary, (TiessFe265C010)s7.8Nb122  quaternary,
(TiessFe265C010)s2Nb122Als g quinary alloys via semi-solid sintering (SSS), which is
shown in Fig.2-14 [124]. The additional elements of Nb and Al contribute to a novel bi-
modal microstructure that comprised of coarse Ti2(Fe,Co) phase surrounded by the
ultrafine eutectic matrix containing 3-Ti and Ti(Fe,Co) lamellae. The compressive yield
strength and plasticity of quinary alloy are 2050 MPa and 19.7%, respectively. It can
be noted that introducing soft dendrite which is beneficial to the plasticity, and the high-
order eutectic mixture which surrounds the dendrites provides the strength is able to
yield a combination of good ductility without compromising the strength of the alloy.
Similar results were found by Liu et al. who studied Tis2Nbi22F€e136C06.4Als s alloy [125].
The microstructure of the alloy consists of solid solution B-Ti dendrites and ultrafine

eutectic (TiFe+ B-Ti), and it has more favourable mechanical properties. However,
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there are only a few investigations on multi-component ultrafine hypoeutectic
aluminium alloys.
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Fig.2-14 (Ti7o,55Fezg,44)goCOm ternary (a), (Ti63,5Feze,5C010)87,8Nb12_2 quaternary (b),
(Tiss.sFe265C010)s2Nb12 2Als s quinary (c) alloys via semi-solid sintering (SSS) and
their mechanical properties (d) [124]

2.4.2Ternary and multi-component eutectic/near-eutectic

alloys

A unique eutectic microstructure can be generated by modifying the binary eutectic
composition with the addition of different elements to form high-order eutectic alloys.
Recent reports on the study of Al-13%Cu-6%Si (at%) eutectic alloy have demonstrated
superior compressive mechanical properties due to the presence of a bi-modal
microstructure shown in Fig.2-15 (a), containing microstructural length scale hierarchy
in the eutectic microstructure to dissipate the shear stress effectively and suppress the
localisation of deformation [121]. The compressive fracture strength and strain to
failure of Al-13%Cu-6%Si (at%) eutectic alloy were found to be 0.8+0.05 GPa and
11+2%, which exhibits significantly increased plasticity with a limited reduction of
fracture strength as compared with Al-33%Cu (wt%) binary eutectic alloy. The similar
bimodal eutectic structure was also found in quaternary MgssAlsoLizCuz alloy under
rapid solidification condition [126]. It can be noted that the ternary or quaternary alloys

exhibit better mechanical properties, especially ductility, as compared to their binary
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counterparts. During the compression test, the bimodal eutectic microstructure can
lead to the rotation of the cellular structure, resulting from the interaction of primary
and secondary bands [127]. Consequently, it is more effective to dissipate the

excessive stress.

Tiwary et al. found that the ternary eutectic Al-10Cu-1.3Ni (wt%) alloy with a bi-modal
microstructure consisting of a fine eutectic matrix (Al+Al.Cu) with an interlamellar
spacing of 40nm-90nm and Al-CusNi intermetallic (size of 1.5-2.5um) has high strength
at elevated temperatures [59]. The microstructure is shown in Fig.2-15 (b). It is
reported that the compressive fracture strength and plasticity at room temperature and
300 °C are 1 GPa and 9%, 0.5 GPa and 12.5%, respectively.

The ultrafine ternary eutectic microstructure with different microstructures has been
observed in other alloy systems such as (TizosFe25)Sne with better compressive
plasticity (~15%) and higher compressive strength (~2261 MPa), as compared to its
binary Ti-Fe counterparts [128]. The microstructure of (TizosFe295)Sngternary eutectic
consisted of a heterogeneous distribution of ultrafine phase mixtures of 3-Ti(Nb) solid
solution surrounded by alternating plate-like shaped TisSn and a-Ti phases (shown in
Fig.2-15 (e)), which has outstanding strength of ~1.1 GPa and large plasticity of ~36%
[129]. However, in some Fe-based ternary eutectic alloys, the addition of Al shifts the
composition to the off-eutectic point slightly and increases the growth undercooling
[130]. This can lead to the formation of a few solution hardened dendrites and reduced
interlamellar spacing. The microstructure of the Fe-based multi-model structure is
shown in Fig.2-15 (c,f). Consequently, these ultrafine ternary eutectic alloys exhibit a

combination of good plasticity and high strength in compression [130-132].
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Ternary Alloy

Al7Cu4Ni

a-Ti+ Ti,Sn

Fig.2-15 The bi-modal microstructure of ternary eutectic (a) Al-Cu-Si [121] (b) Al-
Cu-Ni [59] (c) Fe-Nb-Al [131] (d) Ti-Sn-Fe [133] (e) Ti-Sn-Nb [129] (f) Fe-B-Al
[130]

2.5 High pressure die casting (HPDC)

Aluminium is an attractive engineering material due to its unique physical and chemical
characteristics. It has one-third of the density and modulus of steels, exhibiting high
thermal conductivity and electrical conductivity, and high corrosion resistance. Since
the application of the Hall-Heroult method of electrolytic reduction as an industrial
process for the production of pure aluminium from its ores, aluminium alloys have
gained wide acceptance in engineering industries and its commercial applications
continue to increase [134]. Aluminium production rises from just over 45,000 tons in
1992 to more than 25 million tons today. This is driven by the need for a lightweight
vehicle in automotive industries to reduce fuel consumption. Fig.2-16 illustrates the
growth of aluminium alloys used per vehicle over the past 50 years based on Ducker
Worldwide cited by Drive Aluminium [135].
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Fig.2-16 Average weight of aluminium alloy used in automobile vehicles [134]

The casting process has always been the main processing method for the fabrication
of aluminium alloy parts. Among all the casting process, high pressure die casting is
widely applied in the automotive industry, which is about 60% [1]. There are some
advantages of HPDC contributing to its wide application. Firstly, it has very high
productivity that each injection process takes about 60 seconds [136]. Secondly, it can
produce a thin wall and complex parts [137]. In addition, excellent surface quality and
good mechanical properties can be achieved via this process, due to the high pressure
and fast cooling rate [137]. Fig.2-17 shows some examples of aluminium castings

produced by high pressure die casting.
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Fig.2-17 Aluminium castings produced by high pressure die casting: (a) casting of
alloy Al11wt%Si2wt%Culwt%Fe with filling and overflow system [138] (b) twin
cavity casting of alloy ADC12 [139] (c) the filter box of Al12wt%Si alloy [140] (d)
the pump cover casting of alloy ADC12 (1700 g weight, 215 mm diameter) [139]

2.5.1High pressure die-cast process

Fig.2-18 shows a high pressure die casting injection system. From the image, there
are mainly three parts of the HPDC system, which are vacuum system, casting mould
and injection system and pressure system which provides a force for the injection. The
vacuum system is alternative, and without it, the castings can still meet the designed

properties in some cases.

The casting process can be divided into three stages. In the first stage, the molten
alloy fills into the short sleeve, and the plunge starts to move at slow velocity to avoid
turbulence and a large quantity of air entrapment. In the second stage, the plunge
moves at high speed suddenly. Thus the filling of the die cavity is at high speed, and
the premature solidification can be avoided. At this stage, any entrapment of air in the
injection chamber and die cavity, can result in the presence of gas porosities in
complex die castings, leading to poor mechanical properties. At the third stage, the die
is fully filled by the melt, and the high pressure on the plunger is kept until the end of
solidification. Moreover, air entrapment can be minimised by using a vacuum system
[139]. The HPDC equipped with the vacuum system is a so-called vacuum assisted
high pressure die-cast (VPDC). In addition, the second process plays a very important
on the final quality of the castings, such as surface finish and porosity level. The

parameters of stage two, which affects the casting quality, are discussed below.
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Fig.2-18 A schematic illustration of hydraulic injection system [141]

Several investigations on the relationship between the casting quality and vacuum
system have been carried out. Niu et al. studied the porosity distribution and
mechanical properties of Al-(5-18%)Si (wt%) alloys produced by vacuum assisted high
pressure die casting process [142]. The study shows that the volume of gas porosity
and pore sizes can be significantly reduced with a vacuum system, which is because
of less air in the shot sleeve and mould during the injection. As a result, the mechanical
properties of as-cast components are improved. For example, the tensile strength and

elongation in Al5%Si (wt%) alloy improved by 6.6% and 15%, respectively.

Hu et al. studied Al-Mg-Si-Mn alloy processed by vacuum assisted die casting, and the
result shows that porosity and oxide inclusions can be mitigated, resulting in the
increase of fatigue limits from 57 MPa to 75 MPa [143]. Moreover, Dong et al. reported
that the application of the vacuum system during. HPDC process is able to minimise

the deviation of tensile ductility under as-cast and T6 state [136].

2.5.2 Process parameters of high pressure die casting

Although the application of vacuum system to HPDC can improve the quality and
mechanical properties of as-cast components, the capital investment of VHPDC is
huge, hindering its wide usage in the casting industries. The high pressure die casting
without a vacuum system has gained more attention, due to the low cost. The process

parameters play a vital role in the quality of HPDC products. Fig.2-19 illustrates the
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detailed HPDC process without a vacuum system. It can be seen that there are several
important parameters, including injection temperature, plunge velocity 1, gate velocity
or plunge velocity 2, mould temperature and intensive pressure. The effects of these
parameters on casting quality are discussed below.
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Fig.2-19 Process of high pressure die casting and its parameters [144]

2.5.2.1 Injection temperature

The injection temperature is related to the susceptibility of die soldering. If the melt is
maintained at low temperature in the short sleeve, an amount of iron-containing
intermetallic phase can form because of the significant heat loss of the casting. During
final solidification in the die cavity, less Fe remains in the liquid and the intermetallic
layer are easy to form. Thus the soldering reactions can occur in the die cavity [145].
Moreover, a large amount of intermetallic phases which form in the shot sleeve is
detrimental to the fluidity of the alloy, thus degrading the surface quality of the casting.
However, high injection temperature can prohibit the formation of initial phases such
as dendrite a-Al, which is usually formed in the shot sleeve. Therefore high volume
fraction of finer a-Al dendrites can solidify in the steel mould at high cooling rate.
Outmani et al. found that the as-solidified microstructure consisted of much smaller a-
Al dendrite phase together with, fibrous morphology of eutectic Si, and smaller block-
like intermetallic compounds [146] as the injection melt temperature increased to 680
°C. In addition, Yang et al. investigated the melt superheating on Al-Mg-Si-Mn alloy

and found that the a-Alio(Fe,Mn)sSi phase has the same composition with or without
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melt superheating. But with melt superheating, more refined a-Ali2(Fe,Mn)3Si particles
form, owing to the suppress of its solidification in the shot sleeve [147].

2.5.2.2 Plunge velocity and gate velocity

Previously, some studies show that during stage 1, there is a critical plunger speed
which can raise the wave of the melt caused by plunger motion to the ceiling of the
shot sleeve to avoid it rolling over. If the plunger moves at speed greater than the
critical value, the wave will reflect against the sleeve ceiling and might roll over,
resulting in air entrapment. However, if the speed is lower than the critical speed, the
wave will reflect against the end wall of the short sleeve and trap the air in front of the
plunger. Fig 2-20 shows these two scenarios of plunge speed in stage 1. More recently,
Hernandez at al. have carried out detailed and systematic studies of wave dynamics
in stage 1 as a function of process variables of plunger motion parameters, an initial
filling fraction of the liquid in the shot sleeve and shot sleeve dimensions, so as to
minimise air entrapment [148]. The optimum process parameters in stage 1 have been
identified by taking into consideration of non-hydrostatic and viscous effects using
analytical and numerical models [148,149]. Hernandez and Faura used two-
dimensional finite element model and a simpler model based on a shallow-water
approximation to analyse the flow of melt in the shot sleeve and found that the initial
filling fraction and dimension of plunger have a close relationship with the plunge speed

[146,148].
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Fig.2-20 Different plunge speed in stage 1 [148]

The melt velocity during stage 2, which is decided by plunge velocity 2 or gate velocity,
is one of the most important features controlling the casting quality. The cavity filling
time significantly reduces with increasing gate velocity. If the gate speed is too high, it

may make the surface finish worse and increase the porosity caused by air entrapment
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[144]. Gunasegaram et al. showed that the increased gate velocity from 1.0 m/s to 1.6
m/s led to increased strength by 6% and ductility of die-cast A380 alloy by 30% [150].
Verran et al. investigated that the plunge velocity 1 (0.14-0.29 m/s) has effects on the
density of the castings, which is not a linear relationship [151]. Chiang et al. found that
in Al-Si die casting alloys, the compaction of the melt into the die with increased plunge
velocity can lead to higher heat transfer and a significant reduction of silicon particle
size, thereby, improving the hardness [152].

2.5.2.3 Intensive pressure

Intensive pressure is applied once the die cavity is completely filled, hindering the
formation of porosity and expansion of entrapped air, thus improving the strength [144].
Syrcos et al. showed that increasing the intensive pressure in Al-Si-Cu alloy from 120
bar to 280 bar can increase the density from 2.74 g/cm? to 2.745 g/cm?, while improving
the casting quality with lower porosity [153]. Verran also found that the highest density
of die casting can be achieved at a certain intensive pressure. When the pressure
exceeds this critical pressure (24.3 MPa), there is no chance of the density [151].
Furthermore, Outmani et al. found that in Al-Si-Cu die casting alloys, high intensive
pressure contributes to more fragmentation of a-Al dendrites, leading to the
development of homogeneous microstructure and reduced level of porosity, giving

improved mechanical properties and density [146].

2.5.2.4 Die temperature

The die temperature is controlled by the internal cooling system and has a great
influence on the cooling rate during HPDC operation [154]. The decreased die
temperature is beneficial for decreasing the solidification time of the casting. Chiang et
al. found that die temperature is one of the important factors on the mean particle size
of silicon and hardness value of Al-Sialloys [152]. The Si particle size decreased while
the hardness increased with decreasing die temperature. With reduced die
temperature, the time of solidification can be decreased. Thus, coarse Fe-rich
intermetallic compound particles can be suppressed, and finer lamellar eutectic can be
achieved [155]. Die temperature is a very important factor contributing to die soldering.
It is because the lower die temperature enables the die to be protected by a lubricant.
A high die temperature can lead to direct contact between the die and the molten metal,
resulting from wash-off of the lubricant. Therefore, the mould is more susceptible to
die soldering [156].
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2.5.3 Casting defects

2531 Hot tearing

One of the most detrimental and common defects in HPDC is hot tearing, which results
from the lack of liquid feeding in solid skeleton during solidification [157]. The
phenomenon is very complex, and it can be influenced by intrinsic material properties
(including interfacial energy/ viscosity of the liquid and high-temperature strength of
alloy) and process parameters (e.g. solidification path, the orientation of neighbouring
solid grains, casting temperature and cooling rate) [15,158]. Normally, the alloy that
has a wide solidification temperature range, such as Al-Cu and AZ91 (Mg-Al) alloys
whose solidification temperature range exceeds 100 °C exhibits low hot tearing
resistance. It is because the alloys with a large temperature interval from solidus to
liquidus take a long time of coexisting solid and liquid. It is more vulnerable for the
grains to separate, resulting from shrinkage. Consequently, hot tearing occurs induced
by insufficient feeding of the thin film of liquid between the interdendritic regions [14].
In addition, the grain size and morphology play an important role in hot tearing. The
equiaxed grains are stronger and more resistant to hot tearing because of more
surface area of grains per volume compared with dendrites, resulting in a more
homogeneous distribution of liquid around solid grains [15,159]. A fine-grain
microstructure exhibit higher strength due to the restriction of dislocation motion or
grain boundary sliding, thereby leading to enhanced hot tearing resistance [15]. Kimura
et al. added Ti-B as a grain refiner in the die-cast Al-4.5wt%Mg alloy [160]. This caused
a reduction in the susceptibility of hot cracking because of a large number of grain
boundaries. The addition of iron increases high-temperature strength of the alloy. Zak
et al. have revealed the improvement in castability and hot tearing resistant of die-cast
Al-14wt%Si alloy with the addition of Fe (1.8wt%) and Cr (0.3wt%) [161]. This is
because a-AlFeMnSiCr with compact, star-like morphology is beneficial for the high-
temperature mechanical properties of the alloy. The mould temperature and pouring
temperature also has impacts on the susceptibility of hot tearing. High pouring
temperature and mould temperature can alleviate the tendency of hot tearing due to

the reduction of mush zone [162].

2.5.3.2 Die soldering

Die soldering is one of many casting defects in which molten melt sticks onto the
surface of the steel mould, causing considerable economic and production loss [163—

165]. Especially, in the die casting process, the die lifetime expectancy and casting
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quality are severely affected by microcavities and microcracks formed near the die
surface [166]. Shankar testified that the die soldering in die casting process is a
diffusional process that the iron and aluminium atoms diffuse into each other, giving
rise to the formation of intermetallic particles [167]. Chen et al. identified two growth
modes of intermetallics: a sudden built-up of one thick layer and gradual built-up of
thick layer [168]. Han et al. proposed a critical soldering temperature which is
dependent on the elements of die material and casting alloy composition. However, it
was suggested that die soldering could be prevented by applying surface coatings
containing elements such as titanium, chromium and manganese [169]. Many
investigations have been focused on the modification of alloy composition and the
replacement of die material to improve the soldering resistance during die casting. Zhu
et al. revealed that Anviloy 1150 (W4wt%Mo4wt%Ni2wt%Fe) was the die material
having the best soldering resistance, compared with H13, Mo-785, Ti-6Al-4V and Ni-
718. In general, H13 is the most common die or tooling material used in the
manufacturing industries [16]. However, the typical secondary die casting Al-Si alloys
usually contain iron impurities ranging from 0.2wt% to 0.8wt%, which can hinder

soldering on the H13 steel mould [161].

2.5.4Commerical die-cast alloys

2.54.1 Die-cast alloy systems

A great number of alloys have been created over the years and of which 23 are
developed for die casting processes. The compositions of these alloys are shown in
Table 2-2. These alloys contain major alloying elements such as silicon(Si),
copper(Cu), magnesium(Mg) and iron(Fe). Furthermore, the alloys can be classified
into five groups: AI-Si-Cu, Al-Si-Mg, Al-Si-Mg-Cu, Al-Si and Al-Mg. Major alloying
elements are chosen to control castability and develop the required properties that

meet standard specifications [23,170,171].
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Table 2-2 Composition of registered aluminium die-cast alloys used to cast
shaped components [134]

Composition, wt-%

Others
except Al

Alloy Si Fe Cu Mn Mg Cr Mi Zn Sn Ti Each  Total Al

3430 67-77 12 05-09 05 01 01 e 12-20 05 .. 01 0-35 Remainder
360.0 9-0-10:0 2-0 06 0-35 0-4-06 05 05 015 ... - 025  Remainder
A3E00  90-100 13 06 035 0-4-0'6 05 05 015 .., 025  Remainder
361.0 95-106 11 05 025 0-4-0'6 02-03 02-03 05 01 02 005 015 Remainder
364.0 75-95 15 02 01 0-2-04 025-05 015 015 015 ... 0-05* 015 Remainder
369.0 110-120 13 05 035 025-0-45 03-04 005 10 01 005 015 Remainder
380.0 75-95 20 30-40 05 01 05 30 035 ... 05 Remainder
A3800 75-95 13 30-40 05 01 05 30 035 .., 05 Remainder
B380.0 75-95 13 30-40 05 01 05 10 035 ... 05 Remainder
383.0 95-115  1-3 20-30 05 01 03 30 015 ... 05 Remainder
384.0 10:5-120 13 30-45 05 01 05 30 035 ... 05 Remainder
A384.0 105-12:0 13 30-45 05 01 . o5 10 035 .. 05 Remainder
385.0 11-0-130 2-0 20-40 05 03 . 05 30 03 .. 05 Remainder
380.0 160180 13 40-50 01 0-45-085 ... e 01 - 02 01 02 Remainder
B390.0 16-0-180 13 40-50 05 0-45-065 ... 01 15 - 02 01 02 Remainder
3920 18:0-200 15 0-4-08 02-06 08-12 . 05 05 03 02 015 05 Remainder
393.0 21-0-230 13 07-11 01 07-1-3 2:0-2'5 01 0:1-0-2 0-05t 015 Remainder
413.0 110130 20 10 0-35 01 05 05 015 ... 025 Remainder
A4130 11-0-130 13 10 0-35 01 e 05 05 015 .. . 025 Remainder
C443.0 45-60 20 06 0-35 01 e 05 05 015 ... . 0-256  Remainder
515.0 05-1-0 13 02 0-4-06  2:5-4-0 01 005 015 Remainder
516.0 03-15  035-10 03 0-15-0-4 2:5-4'5 0-25-0-04 02 01 01-02 005f ... Remainder
518.0 0-35 18 025 0-35 75-8'5 0-15 015 015 ... e 025  Remainder

*0-02-0-04%Be; 10-08-0-15%V; { max. 0-1%Pb.

Al-Si-Cu alloys are the most common aluminium alloys based on composition around
Al-Si alloys with various amount of copper, together with some other minor alloying
elements such as zinc and magnesium. The microstructure of Al-Si-Cu alloys mainly
consists of binary eutectic (a-Al+Si), ternary (Al+Si+Al,Cu) and a-Al grains. The
excellent castability and good mechanical properties can be achieved in Al-Si-Cu
alloys, although corrosion resistance of the alloys is not good enough [146], compared
with other Al alloys. Al-Si-Mg alloys have good castability, and good corrosion
resistance, but fair machinability. The eutectic phases (Si or Mg2Si) and iron-contained
intermetallics (a-AlFeMnSi or T-AlFeMnSiMg) contribute to the strength. In general, it
has lower elongation and tensile strength, as compared to Al-Si-Cu alloys [172]. Al-Si-
Cu-Mg alloys have outstanding wear resistance, low thermal expansion, high thermal
conductivity, and very good castability, but fair corrosion resistance, low ductility and
poor machinability [173]. The microstructure is more complex than some other ternary
or binary alloys. Apart from eutectic Si or Al,Cu phases, Q phase can also form, which
is very thermodynamically stable. Thus, the AI-Si-Cu-Mg alloys have excellent
mechanical properties at elevated temperatures [174]. In addition, the T6 heat treated
Al-Si-Cu-Mg alloys have excellent ageing hardening response, forming Q” and 6’
precipitates at peak ageing condition [175]. Al-Si alloys are widely used in the
engineering industries, due to the fact that silicon reduces the thermal expansion
coefficient, increases corrosion and wear resistance, improves the castability [146,176].

Silicon is fairly inexpensive and one of the few elements that can be added into
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aluminium without sacrificing the low density. The good surface finish and castability
can be easily achieved in Al-Si alloys because of fair narrow freezing range and
outstanding fluidity. Hypereutectic Al-Si alloys containing Si concentration in excess of
12wt%, exhibit good wear resistance, thermal conductivity and good fluidity. This group
of alloys is commonly used in linerless engine block and pistons [161]. In comparison,
hypoeutectic Al-Si alloy has high ductility, good corrosion resistance, and good
machinability, but low strength, fair castability [23]. Al-Mg alloys have good corrosion
resistance, high strength, high ductility, excellent machinability and good fatigue
properties. This group of alloys has poor castability due to wide solidification
temperature range and unavoidable oxidization inclusions [177]. It is best suited for

simply shaped castings, where excellent corrosion resistance is needed [155].

2.54.2 Effects of alloying elements in commercial die-

cast alloys

25.4.2.1 Copper

Copper is a common element in die-cast alloys, which provides many functions.
Copper is easily dissolved in a-Al matrix and can form intermetallic phases such as
Al,Cu, Al,CuMg, Al2oCuzMns, Al(MnCuFe)Si and AlsCuzMgsSiz [178,179]. Aluminium
die-cast alloys with dissolved Cu have the largest increase in strength and exhibit high
ductility. If Al-Cu die-cast alloys undergo spheroidization at 500°C for 6 hours, the
transformation of Al,Cu phases from plate to small particles can occur [180]. Zhang et
al. studied the chemical compositions of die-cast Al-10Si-yCu-xMn (x=0.5-1.5 and
y=0.2-0.8wt%) alloys, and he found that the yield strength (YS) and ultimate tensile
strength (UTS) tested at various temperatures (eg. 20 °C, 150 °C, 300 °C), increased
with increasing copper content. This is due to the fact that Cu content increases the
matrix strength, improving the resistance of dislocation movement and formation of slip
bands [181]. Shabestari et al. also investigated the effect of Cu in Al-Si alloy. They
observed that copper contributed to the formation of Al.Cu precipitates in the matrix
and, thus enhanced the strength [182]. The microstructure and properties of die-cast
AlSi9Cu2-4Fe (wt%) alloys were studied by Fabrizi et al [183]. The result showed that
the volume fraction of microporosity and intermetallic phases increased while the
SDAS decreased with increasing copper. When copper is in solid solution, it has less
impact on its corrosion resistance, while it is present as Al,Cu, it is more susceptible

to intergranular corrosion. Badawy et al. found that Al-Cu alloys have less corrosion
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inhibition efficiency in neutral solutions because the intermetallic particles enhance

galvanic corrosion [25].
2.5.4.2.2 Magnesium

Magnesium is the principal alloy element in die-cast alloys 515, 516, and 518 grades.
In some alloys, such as 390 and 360, Mg is also added as an alloying element. The
reasons for the limited concentration of Mg could be attributed to the strong reaction
tendency of Mg with some other elements to form intermetallic and inclusions. It can
be found that in Al-Si, Al-Si-Cu and AI-Si-Cu-Mn die-cast alloys which contain Mg in
the range between 0.1 and 0.5wt%. This amount is sufficient to react with other alloying
elements to produce intermetallic phases, such as 1-AlsFeMgsSis, Mg.Si, Al,.CuMg,
AlsMgsSisCu, AICuMgSi, which either maintain the alloy strength or enhance its yield
strength [184-186]. Some of these intermetallic phases are unstable at elevated
temperatures, and they can be dissolved back into a-Al after a short period of heat
treatment [172,183,187]. Mg addition (eg. 0.1%-0.3%) can counteract the formation of
microporosity in Al-Si-Cu die-cast alloys, while Cu addition increases the amount of
microporosity [183]. Mohamed et al. found that in AI-10.8Wt%Si-2-3wt%Cu-0.2-
0.3wt%Mg die-cast alloys, AlsMgsSisCu, which is insoluble after solution or ageing
process can increase the alloy strength [178]. At a high level of Mg in Al-Mg die casting
alloys, the eutectic phase or some complex intermetallic phases can form to give high
strength and good toughness [188,189]. In addition, Al-Mg-Si-Mn die-cast alloys have
gained much attention in recent years because of its lightweight, excellent surface
finish, high strength and good ductility, which can be applied in high-integrity shaped
automotive components subjected to cyclic stress, such as sub-frame and door frame
[190]. Hu et al. studied the effect of Mg content in AIMgSi-Mn die-cast alloy and found
that the yield strength and hardness increased by 11% and 9% respectively, while the
elongation decreased dramatically from 8.31% to 4.52% [143] with increasing Mg
contents from 5.7%-7.2%. The amount, morphology and distribution of Mg.Si and
dissolution of AlsMg: are vital to the strengthening of these alloys [155,191]. Recently,
Al-Mg.Si-Mg-Zn based alloy with Mg content up to 11% has been developed, exhibiting
yield strength and ultimate tensile strength of 300 MPa and 420 MPa, respectively
under solution and ageing conditions [192]. The eutectic phases and solution
strengthening with Zn and Mg contribute to the high strength of this alloy. However,
the addition of Mg results in the formation of inclusion cluster, which can degrade

machining performance and castability [141,177].
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2.5.4.3 Effects of minor elements in commercial die-

cast alloys

Meanwhile, minor alloying elements are chosen to control the solidification behaviour
through the modification of the eutectic structure and refinement of primary phases
and/or grain size, as well as controlling specific phase transformation [176]. During
casting, the impurities cannot be avoided easily, which influence the castability and

form insoluble phases.
2.5.4.3.1 Manganese (Mn) and Iron (Fe)

Mn and Fe are two common elements found in aluminium die casting alloys. They can
form intermetallic compounds with silicon and aluminium such as Alis(Fe,Mn)sSi,
(Fe,Mn)Als. Mn addition to aluminium die casting alloys can modify the morphology of
Fe-rich compounds from equiaxed structure to Chinese script and compact
morphology. Generally, the Mn content should not be less than half of the iron content
in commercial die-cast aluminium alloys [193], which can prevent the formation of
AlsFe, AlgFe;Si or AlsFeSi phases. Zhang et al. found that in Al-10wt%Si-0.49-
1.37wt%-Cu-0.17-0.78wt%Mn die casting alloys, the addition of 0.78wt%Mn gives rise
to the highest yield strength and ultimate tensile strength of 190MPa and 308MPa at
room temperature and 94MPa and 111MPa at 300C°, respectively. This is because
increasing Mn content leads to the formation of iron/manganese-contained particles
[181]. Mohamed et al. found that Fe or Mn should be less than the critical level (0.75%),
hindering serious loss of ductility in Al-Si die casting alloys [178]. The length scale and
kind of Fe-rich particles is also related to the solidification conditions, which has an
impact on mechanical properties [194]. At long solidification time, the volume fraction
of a-AlFeMnSi particles can be reduced, and B-AlFeSi phases can form, which is
detrimental to the mechanical strength [138,164]. The effect of iron and manganese in
die-cast Al-Si alloys containing 0.1% Cr, which is used to modify the morphology of
eutectic Si was also studied. It was found that the volume fraction of intermetallic
phases of a-Alx(Fe/Mn)ySiz increased with increasing Fe and Mn contents.
Furthermore, AlFeMnCrSi intermetallic particles can also form in alloys with 0.5% Mn
[179], which can sink to the bottom of the sleeve as sludge, thereby increasing the die
soldering tendency and deteriorating the castability [161]. Taghaddos et al.
investigated the effect of iron on the fluidity in 413 aluminium die-cast alloy and
revealed that although increasing Fe content can mitigate the susceptibility of die

soldering, the fluidity can be degraded. With decreasing melt holding time from 60 min
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to 0 min and the modification of 0.5% Mn, the fluidity can be improved around 11%
[195].

2.5.4.3.2 Nickel (Ni)

The strength of die casting Al-Si alloy at both room temperature and elevated
temperature can be increased slightly with Ni addition. Nickel can also increase the
ductility, provided that it acts as a Fe corrector [134]. Recently, Yang et al. studied the
effect of Ni in Al-Mg-Si-Mn alloy and found that the Ni-rich phases showed a
combination of dendrite and lamellar morphology [172]. When Ni content reached to
2.06wt%, no AlsNi phases were found, and Ni was associated with Fe to form
AlFeMnSiNi intermetallic phases. Increasing the amount of Ni from 0.01% to 0.05% is
detrimental to the ductility but can slightly increase the strength [196].

2.5.4.3.3 Chromium (Cr)

Chromium is usually used as a Fe corrector too. With the addition of Cr in Al-Si die
casting alloys, the Fe-rich phases can be transformed from [B-AlsFe.;Si to a-
Alis(Fe,Mn,Cr)sSi, which has higher micro-hardness, increasing the wear-resistant and
strength [161]. Furthermore, in Cr modified Al-Si die casting alloys, it can be found that
the eutectic silicon particles are much smaller than conventional hypereutectic Al-Si
alloys. Timelli et al. also investigated the effect of Cr in Al-Si-Cu die casting alloys and
it can be found that the morphology of a-Alis(Fe,Mn,Cr)sSi; particles were polyhedral,
star-like and blocky. The volume fraction and size of intermetallic phase increased with
increasing Cr addition from 0.057% to 0.15% [197]. In Al-Mg die casting alloys, the
addition of 0.1% Cr tend to form coarse patrticles and increase both strength and creep

resistance.

2.5.4.3.4 Zinc (Zn)

A solid solution is formed in Al-Zn alloys with a Zn concentration of approximate 1wt%.
Al-Zn based alloys have an outstanding wear resistance and mechanical properties
because of non-equilibrium solidification phases or Zn-rich intermetallic phases. In
economic terms, aluminium alloys with the addition of Zn yield some benefits, such as
good corrosion resistance and energy savings in processing due to lower melting
temperature [190,196]. Recently, Shin et al. have successfully fabricated Al-Zn based
casting alloys without melt modification or post-heat treatment with an ultimate tensile
strength of up to 470MPa [198]. Ji et al. designed and fabricated Al-Mg,Si-Mg-Zn
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based alloy with a yield strength of 300 MPa, ultimate tensile strength of 420 MPa after
heat treatment [192]. This is because after solution treatment at 490°C, AlMgZn
intermetallic compounds can be dissolved in a-Al and subsequently they are
precipitated after ageing treatment at 180 C°, leading to the improvement in
mechanical properties. However, in Al-Si die casting alloys, Zn addition of up to 3wt%
has the tendency to decrease the high-temperature strength and decrease hot tearing

resistance.

2.5.5Effect of heat treatment in aluminium die casting

alloys

The widely used commercial die-cast aluminium alloys such as A380, LM24 and A360,
have a yield strength below 200 MPa with an elongation from 2-6%. Recently, many
investigations have been done to improve the mechanical properties further, for
example, alloy modification with Zr or Sc [189], and the extra addition of Zn or Cu [186].
However, the as-cast yield strength of existing die-cast alloys is still below 250 MPa.
Hence, heat treatment is another possible way of developing the die-cast alloys with
high yield strength over 250 MPa and acceptable elongation. It should also be noted
that most of the die-cast alloys are Al-Si based alloys with the addition of Mg (0.1-0.6%)

or Cu (0.6-4%) and have a good ageing response.

The blistering of HPDC alloys after solution heat treatment is the inherent problem.
The reasons are as follows. The high pressure die casting is a two-stage solidification
which has a high injection speed of the liquid, resulting in the entrapment of the gas.
During the solidification, these gas pores are compressed by the high pressure
(100~380 bar) applied by the injecting piston. Consequently, during the solution
treatment at high temperature, the a-Al grains become soft, and the expansion of the
pores occur. Itis reported that the lower temperature and shot solution treatment time
are able to obtain an adequate supersaturated solid solution without any blistering
[199,200]. Moreover, the reduced solution time provides the opportunity to increase
productivity and reduce cost while maintaining the mechanical properties close to its

maximum level [201].

There are only a few works reporting T6 heat treatment of die-cast alloys. The T6 heat
treatment process of A360 and A380 was optimised by R. Lumley et al [202]. It was
found that the blistering and dimensional change can be eliminated with a maximum
temperature of 525 °C for 15 min, shown in Fig.2-21. Yield strength of 320 MPa and
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elongation of 2.5% was achieved in A360 with an ageing treatment of 180 °C for 2
hours. Yang et al. reported that A380 alloy can achieve yield strength of 282 MPa and
elongation of 4.2% after T6 heat treatment (525 °C for 15 min then 170 °C for 24 h).
The microstructure of A380 after T6 is shown in Fig.2-22 (a,b). The coexisting of Q’
and minor @ precipitates shown in Fig.2-22 (c,d) were reported by Lumley in
Al8.6Si1.3Cu0.5Mg (wt%) alloy at peak ageing condition (150 °C and 220 °C), and the
yield strengths are both over 310 MPa [202]. It can be found that the T6 heat treatment
with shot period solution treatment is effective to promote dissolution and facilitate the
homogenization of eutectic phases [203]. Thus, the great improvement of strength and
good elongation can be achieved. Niklas et al. found that the yield strength and
ultimate tensile strength increased with increasing solution temperature and time
during the heat treatment of AISi1lOMgMn die-cast alloy [204]. However, the heat
treatment degraded the elongation because of the increased porosity after long and
high-temperature solution treatment [204]. The effect of solution heat treatment time
and temperature on microstructure and tensile properties of AlISi7MgMn was studied
by Timelli et al [205]. It was revealed that a solution heat treatment of 15 min at 475 °C
was sufficient to spheroidise the eutectic silicon and increase the interparticle distance
of eutectic silicon. In addition, the yield strength and ultimate tensile strength and
elongation of the alloy increased remarkably from 125MPa to 250MPa, 260MPa to
325MPa and 10% to 17%, respectively after the solution treatment for 15 min at 525 °C
following artificial ageing for 4 hours at 180 °C [205]. Srivastava et al. studied the
energy absorption of AlSi4MgMn and AISiI9MgMn die cast alloys. The best energy
absorption capacity for these alloys was obtained after solution treatment at 480 °C
for 40 min and artificial ageing at 180 °C for 4 hours. This is due to the transformation
of silicon particles from continuous morphology to spheroidized Si morphology [206].
Kasprzak et al. studied the effect of heat treatment on micro-hardness in Al-Si die
casting alloys and it can be noted that T5 (cooled from elevated temperature and
artificially aged at 200 °C for 2 hours ) temper conditions are able to produce a
hardness above 74 HRB [207]. Emma et al. studied the change of microstructure in
Al-Si-Cu-Mg die casting alloys [173]. In these alloys, B-Mg.Si, 6-Al2Cu, 1T-AlsMgsFeSis
or Q-AlsCu2MgsSiz phases are dominant phases found in the solidified microstructure.
However, during solution treatment, B-Mg.Si and 6-Al2Cu phases can easily be
dissolved into the a-Al matrix, while 1-AlsMgsFeSis and Q phases are harder to be
dissolved or transformed in the solid-state [208]. Many different precipitates in different
combinations have been observed at the peak-aged condition of Al-Si-Cu-Mg, which

contributes to the highest strength as compared with ternary alloy systems. Examples
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of precipitates that can be present in the peak-aged condition are: '(MgSi), 6'(Al.Cu)
and Q'(AlsMgsSisCuy). It is apparent that there are two possible combinations of
precipitates. Precipitation of B'(Mg.Si) and 8°(Al,Cu), or alternatively 8'(Al.Cu) and
Q' (AlsMgsSisCuy), depending on the Cu concentration [186].
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15 min. .

525°C

15 min

515°C
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485°C
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Fig.2-21 Surface of the tensile testing sample after heat treatment with various
temperatures for 15 min [199]

Fig.2-22 (a) spheroidized eutectic Si and (b) 0’ precipitates in the matrix of A380
alloy [186]; the precipitation at peak ageing condition in Al8.6Si1.3Cu0.5Mg (wt%)
alloy (a) at 150 °C and (b) 220 °C [202]
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Al-Mg die-cast alloys are also widely applied in the industry because of its high strength
and good ductility after heat treatment [160]. Hu et al. studied the effect of age
treatment on AIMgxSi.Mn (x=5.7~7.2wt%) die casting alloys [143]. After age treatment,
the yield strength and tensile strength of AIMg5.5Si2Mn alloy increased by 14% and
29%, respectively. Yan et al. found that the yield strength and ultimate tensile strength
of Al-10Mg-3.5Zn-2.7Si (wt%) die-cast alloy can increase to 320 MPa and 420 MPa,
respectively after solution treatment for 30 min at 490 °C and ageing treatment for 60
min at 180 °C [209]. This is because Mgs2(Al, Zn)sg intermetallic phase in the as-cast
microstructure can be easily dissolved into a-Al phase, and the MgZn, phases can be
precipitated after ageing treatment [203]. The microstructure of Al-10Mg-3.5Zn-2.7Si
(wt%) alloy after the shot T6 heat treatment is shown in Fig.2-23.

200 nm

Fig.2-23 (a) eutectic structure after heat treatment (b) the Mgs2(Al, Zn)ag
precipitate in the matrix [209]

2.5.6 Mechanical Properties of Al HPDC alloys

Table 2-3 shows the mechanical properties of commercial die-cast alloys with different
compositions which are widely applied in industry. For commercial die -cast aluminium

alloys, the yield strength and tensile strength are normally below 250 MPa and 325MPa,
respectively, while the elongation is between 1% and 7%.
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Table 2-3 Mechanical properties of different commercial die-cast alloys
[134,141,143,197,210,211]

Tensile Yield Impact Shear Hardnes  Elongatio
Alloy Strength Strength Strength Strength s n
IMPa /MPa 13 /MPa /HB /%in50mm
413 295 145 - 170 80 2.5
383 310 150 4 - 75 35
B390 317 250 - - 120 1
A360 317 170 - 180 75 35
A380 325 160 4 185 80 35
383/384 310-330 150-165 - - - 2.5-35
A413 290 130 - 170 80 35
K-Alloy 295 - - - 80 5
361 250-290 120-150 - - 75-95 5-7
A360 270-300 140 - 160 - - - 3-6
516 290-315 170-190 - - - 4-6
518 310 190 - - - 4

Table 2-4 shows the mechanical properties of die-cast alloys, which were reported in
the recent 10 years. It can be found that Al-Si binary and Al-Mg alloys have excellent
ductility. The more addition of Mg (>7wt%) in Al-Mg alloys can cause the decrement of
ductility. The addition of Cu has positive effects on the strength, although it can
decrease the ductility considerably with over 3wt% Cu. The maximum addition of Mn
in die-cast alloys was found to be below 0.85wt%. Moreover, the Mg, Zn and Cu in the
alloys allow good ageing hardening response. Thus high yield strength can be

achieved after T6 heat treatment.



56

Table 2-4 Recent work on the development of die-cast aluminium alloys

Yield
Tensile
Alloy composition(wt%) Temper Strength Elongation/%
Strength/MPa
IMPa
As-cast 267 167 1.1
Al10Si1.2Cu0.7Mn [143] Nature
] 331 206 9.8
ageing
Al10Si0.4Mg0.55Fe0.2-0.85Mn
As-cast 230 150 6-7
[209]
As-cast 260 125 10
Al7Si0.7Mn0.3Mg [184]
T6 315 240 12.5
AI9Si3Cu [205] As-cast 325 140 6
AI10Si0.5Cu0.2-0.8Mn [197] As-cast 275-285 140-150 9-7
Al10Si1.0-1.5Cu0.8Mn [181] As-cast 275-300 150-180 7.5-6
As-cast 324 183 8.31
Al5.5Mg2Si0.57Mn [192] Age-
369 236 8.47
treated
Al6Mg2Si0.57Mn [192] As-cast 324 190 7
Al7Mg2Si0.57Mn [192] As-cast 315 205 4.5
As-cast 350 250 3.5
Al11.0Mg2.9Si3.5Zn0.6Mn [137]
T6 430 340 3.3
As-cast 350 240 2.0
Al10Mg2.7Si3.5Zn0.5Mn[172]
T6 420 320 4.5
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Chapter 3 Experimental procedures

3.1 Materials and melt preparation

Pure aluminium, Al-50wt%Cu, pure magnesium, Al-50wt%Si, pure Fe (99.97%) and
Al-20wt%Mn were used as starting materials with compositions of commercial purity
which is listed in Table 3-1. During the experiment, each element was supplied at a
specified ratio with additional burning loss of melting. A melt of 6 kg was prepared each
time in a clay-graphite crucible using electric resistance furnace for high pressure die
casting. Moreover, 1 Kg of starting alloy ingot was prepared by gravity casting with a
steel mould (inner size: ®14 diameter x 20 mm length). Nominal eutectic composition
of the ingot for suction casting was prepared via melting appropriate amounts of Al
(99.99%), Al-50Wt%Si, Cu (99.99%) and Pure Mg using electric resistance furnace.

Table 3-1 Master alloys used for casting

Master Elements (wt%)
alloys Al Cu Mg Si Mn Fe Zn Pb Ni Sn Ti Cr
Al Bal. 0.001 0.001 0.06 0001 0.12 0.001 0.001 - - -
Al20wt%
Bal. - 001 005 218 023

Mn
AI50wt%

. Bal. - - 49.9 - 0.28

Si
AI50wt%

p Bal. 492 012 019 009 038 005 002 002 002 001 004
u
PureMg 004 0001 Bal. 0013 002 0002 0.00 . 0.001

The melt temperature was controlled between 700 °C and 720 °C in an electric
resistance furnace or induction furnace. Pure Mg ingots were preheated to 200 °C and
were carefully added to the melt. After half-hour homogenisation, argon gas was input
into the melt by a commercial rotatory degasser at 500 rpm for 5 min, and the top of
the melt was covered by commercial granular flux. The melt was subsequently
homogenised in the furnace for around 15 min before casting. The alloy composition
of each alloy was analysed using a mushroom casting with ®60x10 mm testing part

made by a steel mould.
3.2 Material precessing

3.2.1 Suction casting

An Edmund BuhlerMAM-1 compact arc melting system with a suction casting

configuration was used to prepare the quaternary Al-28wt%Cu-6wt%Si-2.2wt%Mg
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eutectic alloy using the initial alloy ingot prepared in section 3.1. The weight of each
eutectic alloy for arc melting was maintained to an average value of 3 g. A water-cooled
copper mould (shown in Fig.3-1) was used to fabricate suction cast sample of 3 mm
diameter and 30 mm long. Initially, the chamber was flushed three times with argon
gas and then evacuated down to a based pressure of -0.7 bar atmosphere prior to
backfilling with argon gas to 0.2 bar atmosphere. This was followed by arc-melting a
piece of oxygen gettering material such as Zr to reduce the oxygen content in the
chamber prior to melting the aluminium alloys. The melting of the aluminium alloys was
performed using arc current setting of 3 from the unit for 30 seconds before the suction
casting was performed by opening the valve connecting the chamber to the evacuated
suction tank that maintained a pressure of -1 bar atmosphere. Once the unit has been
cooled down, the suction cast sample was extracted from the copper mould. The

microstructure of each sample was taken from the middle part of the suction cast rod.

Fig.3-1 (a) An Edmund Buhler MAM-1 compact arc melting unit and (b) a water-
cooled copper mould used for suction casting

3.2.2High pressure die casting

A Frech 4500 kN HPDC machine shown in Fig.3-2 (a) was used for making standard
tensile testing samples from the initial alloy ingots. The melt was dosed and poured
into the shot sleeve with a temperature of 60°C above the liquids temperature that was
measured using a K-type thermocouple. For each HPDC run, the total mass of melt
was about 750 g with an initial injection speed of ~2.3 m/s and gate speed of ~62 m/s.
A designed tensile testing mould was used to cast eight ASTM standard samples with
a diameter of ©6.35 mm and a gauge length of 50 mm. The main dimension of the die
casting, including overflow and biscuit, is shown in Fig.3-2 (b). During casting, the
mould was pre-heated by mineral oil at 250°C. The casting samples were tensile tested

after being left at ambient condition for more than one day.
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33x19x13

144

113

Fig.3-2 (a) High pressure die casting machine (b) the dimension of die
casting with overflow and biscuit

3.2.3 Heat treatment

The solution treatment was carried out in a Carbolite electric resistance furnace with
fan convection for rapid heating and cooling shown in Fig.3-3 (a). For each solution
treatment, the furnace was preheated to the desired temperature and held for 2 hours
before putting samples inside. The temperature of the furnace was measured using a
K-type thermocouple (2 °C), which was positioned close to the samples. After solution
treatment, the samples were rapidly quenched in water at room temperature and
immediately transferred to an oil bath (shown in Fig.3-3 (b)) for artificial ageing at a
temperature of 170 °C for 0-48 hours. The oil bath was preheated to 170 °C and
maintained for 12 hours before artificial ageing. In terms of T5 heat treatment, the as-
cast samples were directly put into the oil bath oven for 0-48 hours that had been
preheated at 170 °C for 12 hours. After T6 or T5 heat treatment, samples were left

and cool at room temperature.
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Fig.3-3 (a) Solution heat treatment oven (b) oil bath oven

3.3 Material characterisation

3.3.1 Differential scanning calorimetry (DSC)

The melting temperature and heat of fusion of both eutectic or hypoeutectic alloys were
measured using a Netzch 404F1 differential scanning calorimetry (DSC) instrument
(Fig.3-4) operated at a heating rate of 20K/min, in a dynamic flow of Ar at a flow rate
of 50 ml/min. The DSC samples were cut from the centre of the ®6.35 mm HPDC
sample or the middle part of ®3 mm suction rod. The weight of the sample was kept
to be ~50 mg. Each sample was washed with acetone before putting into a 70 yL
volume alumina crucible covered with alumina lid. Similar alumina crucible and lid were

used as a reference during each DSC measurement.
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Fig.3-4 Netzch 404F1 differential scanning calorimetry
3.3.2 Optical microscope (OM)

The solidified microstructures of die-cast alloys were examined by a Zeiss Axioscope
optical microscope (OM) (Fig.3-5) operated at magnification ranging from 20 to 1000
times. The samples were sectioned and then cold mounted in polyester resin. Each
mounted sample was ground with sandpaper, starting from #350 to #3000 grades.
Each step of grinding took at least 3 min. After final grinding, the sample was polished
with the nylon polishing plate using a SAPHIR 250 polishing machine operated at a
polishing force of 5 N and a speed of 120 rpm for 25 min. After polishing, the polished
surface was washed with alcohol and dried with electric hair drier. The volume fraction
of eutectic mixtures was determined via an image analysis software known as ImageJ.
The analysis was performed on at least five fields from optical micrographs taken at

low magnification.
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Fig.3-5 Zeiss Axioscope optical microscope

3.3.3Scanning electron microscopy (SEM)

Fig 3-6 shows a Zeiss Supera 35 FEG SEM equipped with Energy Dispersive X-Ray
Spectroscopy (EDX) used to examine the refined microstructure that was difficult to
observe under an optical microscope. The samples for SEM were etched with 0.5%HF
solution for 5s (light etching) or 30s (deep etching). The EDX analysis of the small
regions or intermetallic compounds in samples after light etching was performed using
an accelerating voltage of 20 kV and a working distance of 8.5 mm. A backscatter
electron imaging mode was applied for the identification of different phases present in
samples after light etching. It was performed using an accelerating voltage of 15 kV
and a working distance of 8.5 mm. A secondary electron imaging mode was used to
study the morphology of the phase presented in samples after deep etching. It was

performed using an accelerating voltage of 5 kV and a working distance of 4.5 mm.
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Fig.3-6 Zeiss Supra 35VP scanning electron microscopy

3.3.4Electron backscatter diffraction (EBSD)

The grain size of samples was determined by electron backscatter diffraction (EBSD),
before and after heat treatment. The EBSD samples were prepared with a vibratory
polishing machine with a frequency of 80 Hz for 4 hours. The samples were washed
with alcohol. After that, the specimens were put into the Zeiss Supera 35 FEG SEM
chamber with diffraction camera. The polished surface was tilted to 70° from horizontal
towards the diffraction camera. It was performed using an accelerating voltage of 20
kV and a working distance of 14 mm. The step size of EBSD scan was set to 0.4 um,
and only a-Al phase was selected for identification. OIM TSL software was used for
statistical analysis of grain size. The grain tolerance angle was set to be 5°, the

minimum grain size was set to be 0.8 ym, and the minimum confidence index was 0.3.
3.3.5Focused ion beam (FIB)

The FIB (Fig.3-7) equipped with a field emission source and Gemini were used to
prepare TEM specimen from a specific region in the as-cast sample. The samples for
FIB were starting with a diameter of ®3 mm and 3 mm length, and silver paste was
used for the fixation of the sample onto a low profile pin stub. Initially, a Ga ion beam
and the electron beam were used to deposit a 1.5 um thick Pt protection. Subsequently,
a rectangular strip of 8 um x 8 um x1.5 ym containing the desired region of the as-cast
sample was extracted and attached to a molybdenum/copper grip with Pt deposition.

The extracted sample was milled using Ga + ions operated at a voltage and current
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starting from 30kV and 300pA to 3kV and 20pA until the sample was electron
transparent to 3 kV in SEM imaging.

Fig.3-7 Zeiss Crossbeam Focus lon Beam

3.3.6 Transmission electron microscope (TEM)

A JEOL 2100F transmission electron microscope (Fig.3-8) was used to characterise
the nanoscaled features in the microstructure. The TEM specimens of heat-treated
samples were prepared via Gatan 691 Precision lon Polishing System (PIPS) milling.
The TEM specimens of as-cast samples were prepared by milling the sample to a
thickness of approximately 80 nm and applying the ‘lift-out’ technique in a Zeiss Auriga
cross beam Focused lon Beam (FIB) using a Mo/Cu grid with Pt deposition. The TEM

studies were performed using an accelerating voltage of 200kV.

Fig.3-8 The Jeol 2100F Field Emission Gun Transmission Electron Microscope

3.3.7 Transmission Kikuchi Diffraction (TKD)

A Zeiss Auriga SEM and Oxford Instruments HKL Nordlys EBSD detector were used
for TKD mapping. The accelerating voltage is set to 30 kV, and the high current mode
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is was selected for probe current with a 60 yum aperture at 5.6 mm working distance.
The sample for TKD was prepared by FIB ‘lift-out’ technique. Before putting into the
SEM chamber, the sample was plasma-cleaned for 90 minutes before loading into the
SEM chamber. Fig.3-9 (a,b) shows the geometry of holder, stage and detector inside
the chamber. The stage was titled to 56°, and the sample was put in the 20° pre-titled
holder. Thus, the sample surface was at -14° aligned to the electron beam. The
diffraction patterns were collected at 75 ms exposure time with 4x4 pattern binning.
The step size for acquisition is 14 nm. The TKD data was analysed with OIM TSL

software.

-14° sample tilt (3
Tilt axis in grid B
face plane

EBSD d llects TKD

56° stage tilt

Fig.3-9 (a) TKD setup in SEM chamber (b) holder, sample and detector geometry
in SEM chamber

3.3.8 X-Ray diffraction pattern (XRD)

A Bruker D8 Advanced X-ray diffractometer with Cu X-Ray radiation and Ni filter at a
voltage of 40 kV and a current of 40 mA was performed on each sample to identify
phases present in the samples. A step size of 0.24 degree/min and 2-theta angle

between 20° and 90° were used during XRD studies.
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3.4 Mechanical properties

3.4.1Tensile test

The tensile testing was performed by an Instron 5500 machine according to ASTM
B557 standard. The extensometer with 50mm gauge length was used, and the strain

rate was set at 1 mm/min. Six tensile tests were performed on each alloy composition.
3.4.2Compression test

A specimen of ®3 mm and 6 mm length, with ends ground flat and parallel, was
prepared for compression test. It was carried out at room temperature by Instron 4507
no.K8026 (20 kN load cell), in accordance with ASTM E9-19. The specimen was
loaded at a rate of 0.03 mm/min. The strain measurements were taken from the

corrected crosshead displacement under SEM.
3.4.3Hardness measurement

The hardness measurement was carried out by a Vickers hardness tester (Buehler Ltd,
Lake Bluff, IL) using a 5Kg load for 10 seconds. The hardness was measured on the
cross-section of tensile testing specimens (50 mm gauge length). Five indentations

were performed on each sample.
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Chapter 4 Development of Al-Si-Mg-Mn die-cast

alloys

4.1 Introduction

This chapter is concerned with the design of die-cast Al-Si-Mg-Mn multi-component
alloys by the addition of Mn and Fe into Al-Si-Mg ternary eutectic and hypoeutectic
alloy compositions. The choice of Mn addition is to facilitate the suppression of die
soldering and detrimental B-Fe intermetallic phase formation in Al alloys, while the Fe
addition is to stimulate the impurity level contributed from HPDC process [24]. Three
alloys with a eutectic and two hypoeutectic (30% and 50% eutectic mixture)
compositions were prepared by HPDC, and tensile testing bars were obtained for
microstructure characterisation and mechanical testing. The eutectic structure
formation was studied, and the effect of compositions on the resultant microstructure

and tensile properties for maximum mechanical performance was understood.

4.2 Design of Al-Si-Mg-Mn multi-component alloy

compositions

Pandat 8.5 CALPHAD software was used to predict the eutectic reaction (L—a-
Al+Mg.Si+Si) near the aluminium corner of the Al-Si-Mg ternary system. Fig.4-1 shows
the liquidus projection showing the eutectic reaction occurred at a composition of
Al13.9%Si5.55%Mg (wt%). Based on Al-Si-Mg eutectic composition, two hypoeutectic
Al-Si-Mg alloys with 30% and 50% volume percentages of the eutectic mixture were
determined. Initially, the solidification paths of these Al-Si-Mg-Mn alloys were predicted
based on Scheil description, as shown in Fig. 4-2. 0.5wt%Mn and 0.15wt%Fe were
introduced to these eutectic and hypoeutectic Al-Si-Mg compositions to make up alloys
A, B and C, as shown in Table 4-1. Their effects on microstructure and properties were
determined. After HPDC process, the actual compositions of the alloys were measured

and shown in Table 4-2.
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Fig.4-1 The liquidus projection of Al-Si-Mg

The solid fraction of eutectic mixture changes from ~1 to ~0.3 with different amount of
Si and Mg. All three alloys have the same four-phases eutectic reaction L—a-Al+a-
AlFeMnSi+Mg.Si+Si at the same eutectic temperature of ~554 °C. There are some a-
AlFeMnSi forming in near-eutectic alloy A. L—a-AlFeMnSi with a solid fraction of about
0.011 forms in alloy B prior to the reaction of L—a-AlFeMnSi+a-Al, while only one
reaction (L—a-AlFeMnSi+a-Al) is found before eutectic reaction in alloy C. Both alloy
B and alloy C have same ternary eutectic reaction L—a-Al+a-AlFeMnSi +Si with a solid
fraction of approximate 0.03, followed by the final quaternary eutectic reaction L—a-
Al+a-AlFeMnSi+Si+Mg2Si.

Table 4-1 The calculated content of elements in the Al-Si-Mg-Mn die-cast alloys.

Allo Volume fraction of Alloy composition (wt.%)
y eutectic mixture Al Si Mg Mn Fe
A 1.0 Balance 13.9 5.55 0.5 ~0.15
B 0.5 Balance 7.66 3.05 0.5 ~0.15

C 0.3 Balance 5.16 2.05 0.5 ~0.15
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Fig. 4-2 Solidification path of Al-Si-Mg-Mn alloys calculated by the CALPHAD
software Pandat 8.5

Table 4-2 Measured compositions of Al-Si-Mg-Mn alloys prepared by HPDC

Alloy composition (wt.%)

Alloy Al Si Mg Mn Fe
A Balance 13.17 5.81 0.47 0.20
B Balance 7.48 3.55 0.52 0.18
C Balance 5.22 2.35 0.48 0.16

4.3 Microstructure of as-cast Al-Si-Mg-Mn alloys

4.3.1 XRD analysis

Fig. 4-3 presents XRD patterns of the developed Al-Si-Mg-Mn alloys with the various
volume fraction of eutectic mixtures. The main XRD peaks were identified, and they
corresponded to a-Al, Si, Mg.Si and a-AlFeMnSi phases. However, the small XRD
peaks corresponded to T-AlFeMnMgSi phase, which was not predicted. It is because
of the non-equilibrium solidification in HPDC and the database employed in the

prediction.



70

3000

o Al

ASi
® B Mg:Si
% o-AlFeMnSi
@ -AlFeMnMgSi

2500 |—
2000 |—
1500

1000 |—
Alloy B

Intensity (a.u.)

500

__Alloy Cc

15 20 25 30 35 40 45 50 55 60 65 70 75 80 85 90

2 Theta (Deg.)

Fig. 4-3 The XRD spectrum of the Al-Si-Mg-Mn alloys
4.3.2 Optical microstructure and EBSD analysis

Alloy A exhibits a near-eutectic structure, as shown in Fig. 4-4 (a). Apart from coarse
eutectic and fine eutectic matrix labelled as ‘EU1’ and ‘EU2’, some coarse Mg.Si and
compact a-AlFeMnSi particles, were found with the size of 15-40 ym and 10-30 pm,
respectively. The compositions of these phases measured by SEM-EDX are listed in
Table 4-3. The as-cast microstructure of alloy A is dominated by a eutectic structure,
and some a-Al grains were observed with the volume fraction of ~0.11. The
microstructure of eutectic Al-Si-Mg-Mn alloy has a bimodal morphology that consists
of small rosette-like binary eutectic embedded within the fine quaternary eutectic

matrix.

The microstructure of hypoeutetcic alloy B is shown in Fig. 4-4 (b). From the optical
micrograph, there are two types of eutectic at grain boundaries (further confirmed
under SEM), which are named ‘Eu1’ and ‘Eu2’, and the volume fraction of eutectic
mixture was determined to be 42+7% from the image analysis. The microstructure of
alloy C is similar to alloy B. The volume fraction of eutectic mixture in alloy C is found

to be 24+8%, which is lower than that in alloy B.

Two types of a-Al grains were observed, which are labelled as ‘a1’ and ‘a2’ in Fig. 4-4
(b,c). al-Al phase shows coarse fragmented morphology in both alloy B and alloy C,
separated by fine a2-Al grains. The a-Al grain size distribution of alloy B and alloy C
analysed by the EBSD is shown in Fig. 4-5 (a) and (b), respectively. The comparison
of grain size distribution between alloy B and alloy C is shown in Fig. 4-5 (c). The

average grain size of a2-Al and al-Al are found to be 12+5 ym and 3511 pym in alloy
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C and, 944 ym and 30+12 ym in alloy B, respectively. The alloy B has a little finer grain
size of a2-Al and al-Al.

Table 4-3 Average compositions of intermetallic phases characterised by SEM

EDX analysis.
Alloy Morphology Identified Al Si Mg Mn Fe
name compound at.%

Coarse compact  Alis(Fe,Mn)sSiz  71.5 12 - 12.9 3.6

Alloy A polygon Mg.Si 81.7 5.8 12.5 - -
Fine compact Alis(Fe,Mn)sSi>  71.7  11.7 - 12.9 3.7
Alloy B Fine compact Alys(Fe,Mn)sSi; ~ 73.1 10.9 - 12.3 3.7
Alloy C Fine compact Alis(Fe,Mn)sSi; 726 111 - 13.6 2.7

ORI AR
AT\

Fig.4-4 Optical micrographs showing the microstructure evolution with the
decreased eutectic volume fraction in alloy A (a), alloy B (b) and alloy C (c)
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Fig.4-5 EBSD orientation map of alloy B (a), alloy C (b) and grain size distribution
of alloy B and alloy C (c)

4.3.3DSC results

From DSC curves obtained from a heating cycle, the onset temperature of the melting
peak for each alloy was similar and was found to be 554 °C, which coincides with the
calculated quaternary eutectic reaction temperature. Only one endothermic DSC peak
with a shoulder feature was observed in alloy A. However, there are two main
endothermic DSC peaks for alloy B and alloy C, which correspond to the melting of the
eutectic mixture and a-Al dendrites. The shoulder feature of alloy A is associated with
the multiple eutectic reactions (eg.binary and quaternary eutectic reaction) and the
small volume fraction of a-Al dendrites or intermetallics, which can be inferred from
optical micrographics in Fig.4-4 (a). The DSC results validate the predicted
solidification paths of these alloys with a various volume fraction of eutectic mixture.
From the DSC curves obtained from the cooling cycle, two large exothermic peaks are
found in alloy B and alloy C, which corresponds to the formation of a-Al dendrites and
eutectic mixture. However, there are some additional small exothermic peaks present
in the DSC curves of these alloys as compared with those obtained from the heating
cycle. It is because the cooling rate is very slow, and the solidification occurs at near-
equilibrium condition while the measured composition is slightly different from
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equilibrium composition. Thus some intermetallic compounds or ternary eutectic form
before final eutectic reaction [212]. The alloy C has the highest solidification
temperature of primary a-Al (611 °C), and the lowest temperature was found in alloy
A.
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Fig. 4-6 DSC curves of alloy A, alloy B and Alloy C obtained from both heating
and cooling rates of 10 K/min

4.3.4 Scanning Electron Microscopy results

The microstructure of eutectic mixture and a-AlFeMnSi particles present in these alloys
was further characterised by SEM under backscattered electron imaging and in-lens
mode, as shown in Fig. 4-7 (a,c,e) and (b,d,f), respectively. For near-eutectic alloy
(alloy A), the as-solidified microstructure mainly consists of coarse (EU1) and fine (EU2)
eutectic mixtures, as shown in Fig.4-7 (a,b). Large polygon Mg,Si and compact a-
AIFeMnSi particles with size over 10 um were also observed. The ‘EU1’ eutectic
mixture in alloy A consists of Mg.Si and a-Al. The ‘EU2’ eutectic mixture in alloy A
consisted of four phases which are Si, Mg.Si, and a-Al, together with needle-like Tr-
AlFeMnSiMg phases [213]. The amount of ‘EU2’ eutectic region (~63%) is greater
than that of ‘EU1’ region (~20%). A small amount of fine a-AlFeMnSi particles was

present in the eutectic regions with an average size of 1-2 ym, as shown in Fig. 4-7

(b).
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In terms of hypoeutectic alloys with 50% (alloy B) and 30% (alloy C) eutectic mixtures
shown in Fig.7 (c,d) and (e,f) respectively, the as-solidified microstructure consists of
a-Al grains, a-AlFeMnSi, together with ‘EU1’ and ‘EUZ2’ eutectic regions. The proportion
and size of a-AlFeMnSi changed from 1.4% and 1-2.5 ym for alloy B (50% eutectic
mixture) to 1.2%, and 1-3.5 um for alloy C (30% eutectic mixture). The average
compositions of these intermetallic compounds were analysed and shown in Table 4-
3

Fig. 4-7 (d) and (f) shows the eutectic microstructure in alloy B and alloy C under SEM
in-lens mode taken at the same magnification. The ‘EU1’ and ‘EU2’ regions in alloy C
show a finer microstructure compared with those in alloy B. The ‘EU1’ region (a-
Al+Mg-Si) has an interlamellar spacing of 0.3-0.7 ym in alloy C, while in alloy B, the
interlamellar spacing is 0.5-1.3 ym. The ‘EU2’ eutectic region in alloy C shown in Fig.
4-7 (f) is similar to that of alloy B. The ‘EU2’ eutectic region in alloy C shows a finer
microstructure. It can be noticed in Fig. 4-7 (f) that, apart from three types of phases
(ie. Si, Mg»Si and a-Al), the needle-like T-AlFeMnSiMg phase with higher area fraction
was found in the ultrafine eutectic region in alloy C having a width of 100-400 nm and
length of 2-5 um. Further characterisation of this ultrafine eutectic region with TEM will

be discussed later.

Table 4-4 Aspect ratio and equivalent diameter of Si particles in alloy A, alloy B

and alloy C
Alloy Alloy A Alloy B Alloy C
Si aspect ratio 243159 2.44+1.37 2.55%+2.02

Si average diameter (um) 0.38+0.15 0.42+0.28 0.231+0.14

The aspect ratio and average size of eutectic Si phase in ‘EU2’ are shown in Table 4-
4, which were characterised using in-lens SEM images (not shown here), taken at
higher magnification. It can be found that the Si in these alloys has nearly the same
aspect ratio. In addition, the Si particles present in alloy C has the smallest average
size of 0.231£0.14 ym as compared to those present in alloy B with the largest average
size 0f 0.4210.28 um. Moreover, the finer eutectic Si phase was achieved in the current
Al-Si-Mg-Mn alloys, compared with binary Al-Si eutectic alloys with a similar
solidification condition [136,152,214].
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Fig. 4-7 (a, c, €) Backscattered SEM micrographs showing the microstructure of
alloy A, alloy B alloy C (b, d, f) in-lens SEM micrographs with larger magnification
showing the eutectic region in alloy A, alloy B and alloy C

The size distributions of a-AlFeMnSi particle present in alloy A, alloy B and alloy C are
shown in Fig. 4-8 (a,b,c), respectively. Alloy A and alloy B have finer particles which
have a concentrated size range between 1 and 1.5 ym, while the much broader
distribution of a-AlFeMnSi particles appears in alloy C. There are a few large a-
AlFeMnSi particles (over 10 um) in alloy A with hexagonal morphology. The inserted
images are backscattered electron micrographs taken at low magnification, showing
the size and distribution of a-AlFeMnSi particles. Furthermore, the aspect ratio of a-
AlFeMnSi particles was analysed in Fig. 4-8 (d). The a-Fe particles present in alloy A

and alloy B show a lower aspect ratio.
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Fig. 4-8 The size distribution of a-AlFeMnSi particles present in alloy A (a), alloy
B (b) and alloy C (c) together with insets of SEM micrographs of corresponding
alloys and (d) the frequency of the aspect ratio

4.3.5 Transmission Electron Microscopy results

Fig. 4-9 (a) shows a bright-field TEM micrograph of the quaternary eutectic mixture
present in hypoeutectic alloy C taken at [010] zone axis of T-AlFeMnSiMg phase,
together with corresponding selected area diffraction patterns (SADP), as shown in Fig.
4-9 (d-g). Fig. 4-9 (b) shows BF-STEM image and elemental distributions of ultrafine
eutectic regions. There are four kinds of phases co-existed within the ultrafine eutectic
region of alloy C, which coincide with the microstructure characterised under SEM
(‘EVU2’ in Fig. 4-7 (f)). Mg2Si phase has a size of ~100 nm while 1T-AlFeMnSiMg phase
has ~250 nm width and 2-3 ym length. The Si phase in alloy A exhibits irregular and
spheroidized morphology. Moreover, the high density of twins was observed in some
Si particles, together with the corresponding SADP pattern, as shown in Fig. 4-9 (g). It
is reported that the induced twinning in Si by the additional element or impurities is the
most established growth model [215]. Herein, the high density of twinning Si may result
from the absorption of the additional elements of Mg, Fe or Mn preventing further

growth. The Mg.Si phase has ultrafine particulate morphology with the size of 100-250
nm which is usually observed to be Chinese-script morphology in other solidification

conditions with a lower cooling rate [216]. Fig. 4-9 (c) and (e) show the EDS spectra,

together with an inset of measured composition and SADP of m-AlFeMnSiMg phase,
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respectively. The extra peak was also found in Fig. 4-9 (c), which comes from the
copper FIB sample grip. The substitution of Mn in TT-AlFeMnMgSi phase was found as
well as lower content of Fe and Mn compared with the equilibrium 1-AlFeMnMgSi

phase.

= n-Fe
1y Element Weight% Atom %
e Mg 16.7 19.2
Al 46.5 48.2
Si 284 28.3
Mn 4.0 2.0
Fe 44 2.2
Total 100.0 100.0
——h A A

kev

Fig. 4-9 (a) Bright-field TEM micrograph of the ultrafine eutectic region in alloy C
showing the microstructure of quaternary eutectic (b) the elemental distributions
inside the eutectic region (c) EDS spectra of m-AlFeMnSiMg phase, together with
inset of measured composition and (d-g) SADP pattern of m-AlFeMnSiMg, Si,
Mg.Si and a-Al phases, respectively

4.4 Mechanical properties of as-cast Al-Si-Mg-Mn alloys

Fig. 4-10 (a) shows tensile stress-strain curves of these Al-Si-Mg-Mn alloys prepared
by HPDC. These alloys have a yield strength above 230 MPa. However, the elongation
to fracture increases with decreasing volume fraction of eutectic mixture. Fig. 4-10 (b)
shows the comparison of the tensile properties of these three Al-Si-Mg alloys. Although
alloy A has the highest yield strength of 285 MPa, its elongation to fracture is only
limited to 0.8%. Alloy C has the highest elongation to fracture of 4.3% and yield
strength of 231 MPa. The excellent yield strength of 281 MPa was achieved in alloy B
with reasonable elongation to fracture of 2.3%. The yield strength of current Al-Si-Mg-
Mn alloys is much higher than those of commercially available die-cast aluminium

alloys, while the elongations of alloy B and alloy C are at the acceptable level. It should
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be noticed that no extra elements such as Cu and Zn were added as strengthening
elements to design the alloy with improved high yield strength.
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Fig. 4-10 Mechanical properties of the as-cast Al-Si-Mg-Mn alloys (a) tensile
stress-strain curves, (b) average tensile properties

The cracks were found in large Mg.Si in alloy A shown in Fig. 4-11 (a,b) and it shows
cleavage features. It can be noted that the cracks initiated from large polygon Mg.Si
particles, leading to the low ductility in alloy A. Fig. 4-11 (c,e) shows the fracture
surface of alloy B and alloy C, respectively, which were taken in the middle part of the
sample. The fracture is a combination of eutectic region separation and cleavage
fracture of al-Al grains. It should be noted that the fracture surface was dominated by
the eutectic separation, and only a few fractures of al-Al grains were observed. The
separation of the eutectic regions at grain boundaries of alloy B and alloy C were
shown in Fig. 4-11 (d) and (f), respectively.
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Detector=SE2 Mag=10.00K 2 um

Fig. 4-11 SEM micrographs of specimens after tensile tests, showing the
fractured surface of alloy A (a), alloy B (c) and alloy C (e); and crack propagation
through the eutectic structure of alloy A (b), alloy B (d) and alloy C (f) (note:
loading axes for (b), (d) and (f) are vertical)

Fig. 4-12 shows the dislocation pile-ups at the boundary between eutectic and a-Al
grain after 3% interrupted tensile testing of hypoeutectic alloy C. The strain contrast
inside a-Al grains indicates massive dislocation pile-up at the boundary which results

from plastic deformation. More dislocations were found at the boundary of the ultrafine

guaternary eutectic region shown in Fig. 4-12 (b).
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Fig. 4-12 TEM bright-field micrographs showing dislocations at the binary eutectic
region (a) and the ultrafine quaternary eutectic region (b) of 3%-tensile-strained
alloy C

4.5 Discussion

4.5.1 Microstructure evolution

The HPDC process is a two-stage solidification process, where some phases partially
solidified in the shot sleeve at a very slow cooling rate and rest of liquid solidified in the
die cavity at a very high cooling rate [217]. During the HPDC of hypoeutectic alloys,
two types of a-Al phases were observed in alloy B and alloy C, and a1-Al solidified in
the shot sleeve has a larger size, while much finer a2-Al forms in the die cavity. It can
be found that increasing the volume fraction of the eutectic mixture can contribute to a
decrease of a2-Al and al-Al grains in size. The refined a-Al grain size with the
increasing volume fraction of eutectic is due to the growth restriction mechanism [218].
At certain undercooling, the solid growth rate is affected by liquidus slope and solute
contents at liquid [219]. The more addition of Si and Mg into the alloys increases the
volume fraction of eutectic. In the meantime, more solutes segregate at the solid/liquid
interface and more solutes diffusion in the liquid exists, restricting the growth of
dendrites. Therefore, the finer a-Al grain size was achieved. Moreover, in eutectic alloy
A, large polygon Mg.Si and compact a-AlFeMnSi particles are formed without the
presence of coarse al-Al phase. From Pandat 8.5 prediction, some intermetallic
compounds formed before the eutectic reactions. It should also be noted that alloy A
is close to the ternary eutectic composition, which is reported to be a quasi-binary
reaction and L—a-Al+Mg.Si forms before final eutectic reaction [220]. As a result,
coarse compact a-AlFeMnSi particles Oand some eutectic phase of polygon Mg.Si
formed in the shot sleeve. Some a-Al phases were also found in alloy A with an
average volume fraction of 11% from edge to centre, although the composition in alloy
A (eutectic composition) is close to eutectic composition. It is because HPDC process

is a non-equilibrium process with two-stage solidification. Large Mg.Si and a-AlFeMnSi
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form in the shot sleeve, consuming the solute and the composition on the later
solidification in die cavity is changed. Furthermore, segregation of solute distribution
exists that near the surface or defect band, there is an increase of solute concentration
[193]. Consequently, the composition of alloy A is close to off-eutectic composition and
some a-Al grains form. In addition, the average area fraction of eutectic mixture in
alloy B and alloy C is a little lower than the predicted values. There are several possible
reasons. Firstly, HPDC is a non-equilibrium solidification process with a high cooling
rate. Secondly, the database of AI-Si-Mg-Mn-Fe employed in the CALPHAD
calculation causes somehow deviation. Lastly, the macrosegregation in the defect

band region causes some deviation of volume fraction of eutectic.

The fine eutectic morphology solidified in the die cavity with submicron-scale binary
eutectic and ultrafine quaternary eutectic is achieved in the Al-Si-Mg-Mn eutectic or
hypo-eutectic alloys by HPDC process. The bimodal eutectic microstructure of eutectic
alloys was also found and reported by Kim et al [58]. The typical bimodal eutectic
microstructure in eutectic alloys consists of two types of eutectic with different length
scale and the formation of this unique structure is due to the high cooling rate and
additional elements which can affect the topological and crystallographic anisotropy of
the liquid/solid interface, and destabilise the liquid/solid interface, resulting in shifting
the couple eutectic growth zone under non-equilibrium solidification condition [221].
Thus, the homogeneous distribution of inhomogeneous structure formed in Al-Cu-Si
ternary eutectic alloys. Furthermore, from XRD results, the change of volume fraction
of eutectic mixture has no influence on the types of phases in the as-solidified
microstructure of hypoeutectic Al-Si-Mg-Mn alloys. It should be noted that -
AlFeMnSiMg appeared in these alloys which was not predicted by Pandat 8.5. It is
mainly due to the non-equilibrium solidification under HPDC process and the database
employed in the current study. The binary (EU1) and quaternary (EU2) structures in
alloy C are finest. Especially, the eutectic Si in alloy C is finer than some binary Al-Si
die-cast alloys. It is because the multi-component recipe in the final solidification liquid
can increase the constitutional undercooling and contribute to competitive growth of
multiple phases, resulting in the refinement of the eutectic phases [212,222]. Moreover,
The eutectic Si phase in alloy C is most exceptional among these three alloys. The
alloy C with the lowest amount of quaternary eutectic fraction (alloy C) has the smallest
interdendritic regions (eutectic regions), indicating less remaining liquid prior to final

solidification as compared to eutectic (alloy A) and hypoeutectic (alloy B) Al-Si-Mg-Mn
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compositions. Therefore much fastest heat transfer through a-Al dendrites during final

eutectic solidification was obtained. As a result, ‘EU2’ has the smallest size of Si.

The addition of Mn can suppress the formation of -Fe phase in HPDC, and similar to
the development of a-Al phases, the dual size distributions of a-AlFeMnSi particles are
caused by two-stage solidification as well. It was reported that the coarse a-AlFeMnSi
particles solidified in the shot sleeve are below 10 ym, provided the iron content is less
0.2% [9]. Compared with alloy C, alloy B has the finer a-AlFeMnSi particles with a
lower aspect ratio and the size of a-AlFeMnSi particles is below 5 um in all these three
alloys. According to the solidification sequence predicted by Pandat 8.5 in Fig.4-2, the
majority of a-AlFeMnSi particles formed at a temperature ranging from 617-600 °C
before a-Al formation in alloy B, while in alloy C the formation of a-AlFeMnSi particles
accompanies with a-Al at the temperature ranging from 620 °C to 556 °C. Therefore,
the a-AlFeMnSi particles in alloy B have less solidification time due to increased
undercooling. As a result, a-AlFeMnSi particles in alloy B shows faceted hexagonal
morphology with a lower aspect ratio and finer size distribution. They are distributed
along grain boundaries or inside the eutectic regions. Furthermore, it can be observed
that a large area fraction of large a-AlFeMnSi particles formed in alloy A, and finer a-
AlFeMnSi particles formed at the eutectic regions with lower area fraction. The
solidification path of alloy A involves the formation of a-AlFeMnSi particles from 615 °C
to 554 °C, prior to eutectic reaction, according to Fig. 4-2. Herein, the large a-AlFeMnSi
particles nucleated and grew in the short sleeve. This implies a reduced amount of Fe
present in the remaining liquid, and it solidifies into a few finer a-AlFeMnSi particles

near the final eutectic temperature.

The m-AlFeMnSiMg phase in alloy C is much finer compared with those in A356 and
A357 alloys [223,224]. In alloy C, the formation of final quaternary eutectic reaction
with a high volume fraction of refined m-AlFeMnSiMg phase is attributed to the
partitioning of Fe to the remaining liquid and much faster heat transfer of the last
smaller interdendritic regions under non-equilibrium solidification condition [224].
Lastly, the composition of T-AlFeMnSiMg phase is slightly different from the
equilibrium composition AlgFeMgsSis taking into consideration of substitution of Mn,

and this results from non-equilibrium solidification process.
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4.5.2 Relationship between microstructure and mechanical
properties

The Al-Si-Mg-Mn alloys in the current work showed excellent mechanical properties,
especially having a high vyield strength in excess of 200MPa. The mechanical
properties of the dendrite-ultrafine eutectic composite strongly depend on the phase
selection and volume fraction of strengthening phases [122]. In another word, the
elongation can be tailored by controlling the volume fraction of eutectic mixture, and at
the same time, the strength can be improved via optimisation of eutectic microstructure
from monolithic eutectic structure to multi-modal eutectic structure with multi-
component alloy design approach. The microstructure of currently developed alloys
consists of the soft a-Al primary phase, ultrafine/submicron-scale eutectic mixture, and
small a-AlFeMnSi phases. The soft a-Al primary phase can act as a barrier for the
crack propagation of catastrophic failure. The ultrafine/submicron-scale eutectic
structure and fine iron-contained particles contribute to the high strength for these
alloys. The elongation of the alloys was dominated by the volume fraction of eutectic
mixture present in these alloys. Hence, the highest elongation was achieved in alloy
C. However, the presence of large brittle Mg»Si or large a-AlFeMnSi phases, together
with the highest volume fraction of eutectic mixture present in alloy A is responsible for

the lowest elongation to fracture of ~0.8%.

The coarse Si particles in binary Al-Si die-cast alloys playing an important role in the
strength as they are the main sources of stress concentration and the crack paths
preferentially go through the eutectic region. In the current work, ultrafine Si and Mg.Si
phases together with fine iron-containing multi-component phases inside the eutectic
region can be more effective to suppress the crack development and a-AlFeMnSi
particles formed at the grain boundary further improve the tensile stress. Moreover,
based on Hall-Petch theory, higher yield strength can be achieved with much finer
eutectic structure [225]. In addition, the ultrafine quaternary eutectic with much finer
microstructure is more effective to inhibit the propagation of dislocation, as shown in
Fig. 4-12. Some dislocations were found inside the binary eutectic regions (EU1) as
well, due to the generation of dislocations within the eutectic region. No cracks were
found on the eutectic phases. Therefore, the plastic deformation of ultrafine eutectic
alloys was governed by dislocation slip inside the a-Al grains and the excellent yield
strength is because of the interaction of dislocations between ultrafine eutectic and a-

Al grains leading to better work hardening regime [226]. Hence, the alloys in the current
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study have higher strength than some other die-cast aluminium alloys. It should also
be noted that alloy B has higher strength than alloy C, due to much higher volume
fraction of eutectic mixture. However, the highest volume fraction was obtained in alloy
A, and the yield strength is similar to alloy B. The reasons are as follows. Firstly, in
alloy A, a lot of coarse Mg.Si phases which form from a binary eutectic reaction. This
reduces the contribution of binary eutectic in the strength compared with that in alloy
B and alloy C which have much finer binary eutectic lamellar spacings. Secondly, a
large volume fraction of large compact a-AlFeMnSi phases formed prior to the final
eutectic reaction in alloy A, resulting in a small quantity of fine a-AlFeMnSi phases
forming in the die cavity. Therefore, the strength of alloy A is balanced by the increased
volume fraction of eutectic mixtures and coarsening of a-AlFeMnSi and Mg,Si phases.

Consequently, alloy A exhibits similar yield strength with alloy B.
4.6 Conclusion

(1) High strength die-cast aluminium alloys have been developed based on the
concept of multi-component alloy design approach to introduce ultrafine
secondary phase and refined eutectic microstructure for enhanced strengthening
mechanism. In addition, the presence of soft dendritic a-Al phase improves the
ductility of this alloy system. The as-cast Al-Si-Mg-Mn alloy with 30% eutectic
provides the high yield strength of 231 MPa, ultimate tensile strength of 340 MPa
and elongation of 4.3%. The as-cast Al-Si-Mg-Mn alloy with 50% eutectic exhibits
the super high yield strength of 281 MPa and elongation of 2.3%.

(2) Such high strength die-cast Al-Si-Mg-Mn alloys show bimodal or multi-modal
microstructure, consisting of primary a-Al phase, a-AlFeMnSi, binary eutectic
(Al+Mg2Si) and ultrafine quaternary Al+Mg,Si+Si+1m-AlFeMnSiMg eutectic.

(3) The finest eutectic Si phase with an average size of 230 nm was achieved in the
die-cast hypoeutectic Al-Si-Mg-Mn alloy with 30% eutectic mixture. The fine a-
AlFeMnSi particles in Al-Si-Mg-Mn hypo-eutectic alloys were obtained with an

average size below 2 ym.

(4) The high number density of dislocation and dislocation pile-ups observed at
eutectic boundaries or inside the eutectic mixture is believed to be responsible for

excellent work hardening in these multi-component alloys.
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Chapter 5 Heat treatment of Al-Si-Mg-Mn die-cast

alloys

5.1 Introduction

This chapter is concerned with studies of heat treatment of newly developed Al-Si-Mg-
Mn alloys from Chapter 4 to optimise the solution treatment and artificial ageing
conditions for maximum mechanical performance. The alloy B and alloy C were
selected, due to its good mechanical properties under as-cast state. The effect of heat
treatment conditions on the resultant microstructure and mechanical properties were

characterised using a combination of electron microscopies, hardness and tensile test.

5.2 Microstructure of Al-Si-Mg-Mn alloys after heat

treatment

5.2.1 Solution treatment of Al-Si-Mg-Mn alloys

The solidus temperature of the Al-Si-Mg-Mn alloys was 554 °C based on Pandat 8.2
calculation. A range of solution temperatures varying from 540 °C to 480 °C was
chosen for this study. The composition of alloy B and alloy C can be referred in Table
4-2, which are Al7.48%Si3.55%Mg0.52%Mn0.18%Fe and
Al5.22%Si2.35%Mg0.48%Mn0.16%Fe (wt%), respectively. Fig. 5-1 shows the
microstructure of alloy B (a-d) and alloy C (e-h) after solution treatment at 540 °C for
10, 20, 30 and 60 mins, respectively. The defect band region can be observed from
optical microscope images, which were marked in Fig. 5-1 (a,e). The mechanism of
defect band formation was proposed by Gourlay et al. [227], to be due to the dilatant
shear bands resulting from strain instabilities of initially solidified grains. The pore size
and area percentage for each sample were quantified using ImageJ software. It can
be observed that alloy B and alloy C exhibit a similar area fraction and pore size. The
maximum pore size of a given solution treatment time varying from 10 to 60 minutes
was approximately 47 ym, 90 uym, 102 um and 112 um, respectively. Here, the
maximum size of pores at 540 °C for the various time was used as a measure to access
the influence of solution heat treatment conditions on the quality of the sample. We
introduced pore size level as a factor for the optimisation of solution treatment. It is
excepted that with increasing solution treatment time, pores grow or expand and finally
lead to surface blistering. The surface blisterings were only found at solution times over

30 min at 540 °C (not shown here). It can be noted that the maximum pore size in
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samples with the solution treatment time of 10 min at 540 °C is almost similar to that
under the as-cast state from image analysis. Therefore ‘level 1’ was defined in this
solution treatment condition, representing the best quality. In addition, the ‘level 2’,
‘level 3’ and ‘level 4’ were defined based on the maximum size of pores with solution
times of 20, 30 and 60 min, respectively. The area fractions of pores in different
solution temperature and time are shown in Table 5-1.

Fig. 5-1 The microstructure showing the size and distribution of porosity after
solution heat treatment at 540 °C for 10, 20,30 and 60 mins of alloy B (a-d) and
alloy C (e-h)

From Table 5-1, it can be found that the largest area percentage of porosity was
obtained after solution treatment for 60 min at 540 °C, which is 5.83% and 4.80% for
alloy C and alloy B, respectively. Alternatively, the solution treatment for 10 min at
540 °C resulted in the lowest area percentage of porosity. The decrease in solution

temperature can enable longer solution treatment time without sacrificing the area
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percentage porosity and maximum pore size. The pore size becomes level 2 with
decreased solution treatment temperature and prolonged solution time from 520 °C for
60 min to 480 °C for 120 min, while at 540 °C it takes only 20 min for the quality of
sample to become level 2. Therefore, the relationship between the solution
temperature and solution times needs to be balanced. In other words, although the
prolonged solution time or increased solution temperature is beneficial for the
dissolution of the phases and the homogenisation of eutectic phases, it can cause the
accelerated expansion of the internal pores.

Table 5-1 The area percentage of porosity and pore size level of alloy B and alloy
C under different solution treatment temperature and time

Alloy B Alloy C
. Time
T(°C) . Pore size )
(min) Area % of pores I I Area % of pores Pore size level
eve
As-cast 0 0.23% 1 0.13% 1
30 0.38% 1 0.16% 1
60 0.45% 1 0.18% 1
480
90 1.08% 1 0.80% 1
120 1.82% 2 1.5% 2
30 0.37% 1 0.48% 1
60 0.76% 1 0.74% 1
500
90 1.98% 2 1.74% 2
120 2.5% 2 2.3% 2
10 0.17% 1 0.14% 1
20 0.39% 1 0.15% 1
520
30 0.47% 1 0.42% 1
60 1.02% 2 0.8% 2
10 0.25% 1 0.15% 1
20 0.52% 2 0.82% 2
540
30 2.75% 3 1.05% 3
60 4.80% 4 5.83% 4

Fig.5-2 shows a typical microstructure of alloy C after solution treatment at 480 °C for
10 min (@) and 60 min (b), and 520 °C for 10 min (c) and 30 min (d), respectively. As
discussed in Chapter 4, EUL region is the binary eutectic region (Mg.Si+a-Al), and
EU2 region is quaternary (Si+Mg,Si+a-Al+T-AlFeMnSiMg) eutectic region. As shown
in Fig. 5-2, the Mg.Si phases exhibit black colour and Si phases have light grey colour.
In the current study, solution treatment at 480 °C for 10 min was able to disintegrate
all the eutectic Si, but some of the eutectic Mg»Si remained and connected with high

aspect ratio, as shown in Fig.5-2 (a). Similar results were found by Giulio, who reported
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that solution treatment at 475 °C for 15 min was sufficient to spherodise the eutectic
Si [205]. In Fig.5-2 (b), after 60 min of solution treatment, all the Mg.Si phase was
spheroidised and agglomerated as well as a-Al grains become coarsening. However,
from Fig.5-2 (c), it can be seen that after solution treatment at 520 °C for 10 min,
eutectic Mg,Si and Si phases were spheroidised. However, few Mg»Si and Si could be
found in this sample, indicating the dissolution of more Si and Mg.Si phases into the
matrix. Further solution treatment for 30 min leads to the coarsening of eutectic phases

and a-Al grain growth.
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Fig.5-2 The microstructure of alloy C after solution treatment at 480 °C for 10 min
(a) and 60 min (b), and after solution treatment at 520 °C for 10 min (c) and 30
min (d)

Fig.5-3 shows the microstructure of alloy B (a,b) and alloy C (c,d) after solution
treatment at 540 °C for 10 min. From Fig.5-3 (a,c), it can be found that after 10 min of
solution treatment, there is no obvious change in grain size, as compared to the as-
cast state shown in Fig.4-4 (b,c). The volume fraction of Si and Mg.Si decreased, and
they have both spheroidised. From high magnification SEM images (Fig.5-3 (b,d)), it
can be seen that the a1-AlFeMnSi phase remains unchanged [204], as compared to

the as-cast state. But the agglomeration of Si and Mg»Si was observed in the EU2
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eutectic region. The Mg»Si phase in EU1 region was patrtially dissolved and dispersed.
Moreover, the needle-like T-AlFeMnSiMg (in Fig. 4-7) disappeared. Instead, some
particles below 1 ym were found in EU2 region of alloy A and alloy B. These ultrafine

particles were identified to be a2-AlFeMnSi particles and will be discussed later.

v

Detector= InLens Mag=10.00K __ 5 um
. ——

Fig.5-3 Typical microstructures of alloy B (a,b) and alloy C (c,d) after quenching
from solution treatment at 540°C for 10 min, taken using optical microscope (a,b)
and SEM in-lens imaging mode (c,d)

The image analysis was applied to quantify the size, volume fraction and aspect ratio
of eutectic Si and Mg;Si after solution treatment (540 °C for 10 min) from SEM in-lens
images taken for each sample. From Table 5-2, the size of eutectic Si and Mg.Si
phases in alloy B and C was approximately double as compared with their as-cast
counterparts. The volume fraction of Si and Mg.Si phases in alloy B is higher than that
in alloy C after solution treatment.
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Table 5-2 Average particle size, volume fraction and aspect ratio of Si and Mg.Si
after solution treatment at 540 °C for 10 min

Alloy B Alloy C
Alloy after solution treatment
Si Mg2Si Si MgzSi
Aspect ratio 1.68+0.82 1.9+1.2 1.73+0.58 1.9+1.6
Average diameter (um) 1.12+0.78 1.33+0.8 0.48+0.38 0.92+0.68
Area fraction 10.2% 5.2% 4.5% 5.5%

The detailed analysis of the grain size of alloys A and B before and after quenching is
shown in Fig.5-4. The EBSD evaluations of the grain size were taken at the sample
cores. Fig. 5-4 (a,c) shows the EBSD mappings of a-Al grains under the as-cast state
of alloy B and alloy C, respectively and their corresponding EBSD mappings after shot
solution treatment are shown in Fig. 5-4 (b,e). There is no obvious coarsening of a-Al
grains. The distribution of grains and average diameters are shown in Fig.5-4 (c,f).
After solution treatment, the grain size of the alloys increased according to EBSD
statistical analysis, although it looks similar in an optical microstructure. The average
grain size of a2-Al remains almost the same after quenching, which are from 9.6 ym
to 10.5 umin alloy B and 10.6 ym to 11 um in alloy C. As for a1-Al, there was a slight
increment in both alloy B and alloy C from 30.9 ym to 32.9 ym and from 30.4 ym to
33.1 um, respectively. It is reported that under long term solution treatment, the
decreased hardness of the sample was caused dominantly by coarsening a-Al grain
size and eutectic phases [228]. The highest hardness of A357 alloy was achieved after
540 °C solution treatment for around 10 min. This is because, in the early stages, a-Al
was saturated on Mg and Si rapidly, without serious a-Al coarsening and dissolution
of intermetallics [229]. In the current research, less growth of a-Al grains is beneficial

for the yield strength.
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Fig.5-4 EBSD grain maps of as-cast alloy B (a), as-quenched alloy B after
solution treatment at 540 °C for 10 min (b), and as-cast alloy C (d), as-quenched
alloy C after solution treatment at 540 °C for 10 min (e); the grain size distribution

of as-cast and as-quenched conditions for alloy B (c) and alloy C (f)

Fig.5-5 shows the eutectic region in alloy C with EDX mapping and SADP patterns
after solution treatment at 540 °C for 10 min. From the bright-field images in Fig.5-5
(@), it can be seen that the m-AlFeMnSiMg has totally disappeared and fine a2-
AlFeMnSi phases were found in the regions. The formula of a2-AlFeMnSi was
identified to be Ali7.1Fes2MnosSiie phase from SADP. The a2-AlFeMnSiis considered
as a-AlFeMnSi with BCC structure and script-like and/or polyhedral morphology [230].
Moreover, except for a small number of a2-AlFeMnSi phases, there are some
spheroidised Mg.Si and Si particles inside the eutectic region. The EDX mapping of
the eutectic region (in Fig.5-5 (b)) shows that these non-faceted a2-AlFeMnSi particles
have size 150-700 nm with Al, Mn, Fe and Si four elements. The SADP patterns of
these phases were shown in Fig.5-5 (c-f). This region has four phases, which are a-Al,
Mg.Si, Si and a2-AlFeMnSi.
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Fig.5-5 (a) TEM bright-field images of the eutectic region in alloy C after solution
treatment at 540 °C for 10 min; (b) EDX maps of the selected region from Fig.5-5
(a); (c) corresponding SADP patterns of phases present in the microstructure

Fig.5-6 (a) shows the irregular and polyhedral morphology of a 300nm sized a2-
AlFeMnSiphase under [001] zone axis. The particle has i. HRTEM (Fig.5-6 (b)) was
used to study the crystal structure and lattice parameter of a2-AlFeMnSiphase. The
a2-AlFeMnSiphase shows BCC structure with the spacing of the {110}q2-aFemnsi and
{110}a2-aremnsialong the [001] zone axis, which are both 1.13 nm. From the EDX
analysis (Fig 5-6¢), the Fe/Mn ratio of a2-AlFeMnSiphase was found to be ~0.5, which

is close to the compaosition reported by Dam et al [231].
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Fig.5-6 (a) TEM bright-field image of the a2-AlFeMnSiparticle with inserted SADP
pattern of [001] zone axis (b) HRTEM image from the a2-AlFeMnSiparticle with
corresponding FFT pattern (c) EDX spectrum collected from a2-AlFeMnSiparticle
and its composition shown in the inserted table

5.2.2 Artificial ageing treatment of Al-Si-Mg-Mn
alloys

Fig.5-7 shows the age-hardening curves of alloy B (a) and alloy C (b) heat treated at
170 °C after various solution treatment conditions. The highest hardness (HV) of the
as-quenched sample was achieved after solution treatment at 540 °C for 10 min in
both alloy B and alloy C, which gave HV values of 96 HV and 89 HV, respectively. The
higher temperature can provide higher dissolution of Mg and Si in the a-Al grains prior
to quenching, resulting in a higher hardness [228]. It was also found that the solution
temperature has great influence on the level of hardening after ageing treatment. The
peak ageing time of ~10 hours was found in both alloy B and alloy C for various solution
treatment conditions. There is a slow reduction in hardness with increasing ageing time
for the over-ageing condition. The highest hardness obtained at peak aged condition
was achieved in alloy B and alloy C when these samples were solution treated at
540 °C for 10 min. They were found to be 135 HV and 124 HV, respectively. The
increase in hardness for peak aged sample is similar for both alloys B and C, which

was found to be 39 HV and 36 HV, respectively.
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Fig.5-7 The hardness versus time curves of alloy B (a) and alloy C (b) aged at
170°C after subjected to different solution conditions

Fig. 5-8 (a-b) show the bright-field TEM images of precipitates present in alloys B and
C, after peak ageing treatment at 170 °C for 10 hours, together with inserted SADP
pattern taken along the [001]a zone axis. It can be observed that alloys B and C share
a similar diffraction pattern, which indicates that the types of precipitates are similar in
both alloys. Moreover, the precipitates in alloy B and alloy C are both needle-like or
granulate-shaped, with similar size and distribution. The precipitates have an average
length of 30-60 nm and a diameter less than 7 nm. Fig.5-9 shows typical HRTEM
images of precipitates present in alloy C aged at 170°C for 10 hours and its
corresponding FFT. From Fig.5-9, the fully coherent precipitate was identified to be
monoclinic B’, which has orientation relationship of [001]a//[010]precipitate @and (200)
precipitate//(301)a1 [111,232].

Fig.5-8 Bright-field TEM images of precipitates along [001] zone axis of the matrix
alloy B (a) and alloy C (b) heat-treated at 170°C for 10 hours



95

Fig.5-9 (a) B’ phase in alloy A after peak ageing at 170 °C for 10 hours (b)
corresponding FFT

5.2.3 Mechanical properties of Al-Si-Mg-Mn alloys

after T6 heat treatment

Fig.5-10 (a) shows tensile stress-strain curves of alloy B and alloy C after T6 treatment.
Alloy B has higher yield strength and ultimate tensile stress, which is 349+3 MPa and
4007 MPa, but a lower elongation of 2.6+0.4%. The average yield strength, ultimate
tensile strength and elongation of alloy C after T6 is 33416 MPa, 391+5 MPa and
4.6+0.5%, respectively. The comparison of mechanical properties between current
work and other alloys after T6 heat treatment was shown in Fig.5-10 (b). The
mechanical properties in the current work exhibit better performance with short solution
time during T6 treatment. Especially, alloy C with a combination of good yield strength

and elongation has a great potential for industrial applications.

Fig.5-11 shows fracture surface alloy B (a,b) and alloy C (c,d) after T6 treatment. From
Fig.5-11 (a,c), it can be seen that there are gas pores in both alloys with sizes of ~35
pum, due to the entrapment of gas during the high-speed injection process. Detailed
fracture surfaces are shown in Fig.5-11 (b,c). There is only a small amount of
cleavages of a1-Al and large number of dimples, indicating predominantly ductile
fracture behaviour [175]. The particles at the fracture surface were identified to be
eutectic Si or Mg2Si. These brittle phases are the main source of stress concentration

and have a high possibility of crack initiation [110].
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Fig.5-10 (a) Tensile stress-strain curves for alloy B and alloy C after peak ageing
and (b) a comparison of Al-Si-Mg-Mn alloy with other die-cast alloys after T6 heat
treatment

S8 Detector=SE2 Mag=5.00K 10 um

Fig.5-11 The fracture surface of alloy B (a,b) and alloy C (c,d)

5.3 Discussion

53.1 Microstructure evolution after heat treatment

It is well known that solution treatment at high temperature for a long period of time

can lead to unavoidable surface blistering in die-cast alloys. It is because the softness
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of a-Al heated at high temperature, the entrapment of the gas can expand. In order to
improve the mechanical properties of die-cast alloys, several investigations have been
done to optimise the heat treatment processing conditions. Yan has developed criteria
to assess the quality of samples after solution treatment at various temperatures [209].
Samples with acceptable quality are those without blistering upon inspection by the
naked eye, so as to determine the optimal solution time at a given solution temperature.
However, it should be noted that surface blistering results from the severe growth of
internal pores [199], and the initial state of pore formation and expansion cannot be
seen on the surface of the sample. These pores, especially the large pores, are
detrimental to the elongation of the alloys after T6 heat treatment. Here, in the current
work, the assessment of solution time and temperature was developed via the
combination of maximum size and area fraction of the pores, which were analysed
from OM images at low magnification. From the analysis, it can be concluded that the
prolonged time or increased temperature during solution treatment is detrimental for
mitigating the pore expansion. The optimised solution treatment parameters of Al-Si-
Mg-Mn alloys in the current study were found to be either 480 °C for 60 min or 540 °C

for 10 min.

The solution heat treatment conditions (e.g. time and temperature) also affect the
disintegration of eutectic phases and dissolution of primary eutectic Si and Mg.Si
phases, which is beneficial for good fracture elongation. It is reported that finer eutectic
phases and higher solution temperature can shorten the solution treatment time. The

disintegration time of Si or Mg»Si can be described as [22]

322 KT ,pyg P
g =32m KT Pya.p2 5-1
max 9 Dy (<p) p

where

tmax— disintegration time

Ds — the diffusion coefficient of Si or Mg.Si
y — the interfacial energy

T — the solution treatment temperature

¢ — atomic diameter

p — the diameter of eutectic phases

It can be found that the particle size, solution temperature and diffusion coefficient
have a great influence on the disintegration time. Based on calculations from equation

5-1, the disintegration time of alloys B and C under solution temperature 540 °C was
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estimated to be less than 10 min. Similar results were found by Zhang, who reported
that 540 °C for 1.5 min is able to fragment the Si and 5 min at 540 °C can lead to the
spheriodisation of Si and the growth of Si [201]. Moreover, the solution at 540 °C for
10 min can dissolve a certain amount of Mg.Si into the matrix, leading to a higher
concentration of Mg and Si, which is similar to the results in [233]. Here, Rometsch has
calculated the diffusion and homogenisation time of Mg.Si coefficient of Mg or Si in
A356 [234]. Mg.Si with sizes below 2 ym can be dissolved at 540 °C in 3 min and
homogenised in 5.1 min. Herein, the Mg,Si present in as-cast alloys A and B has an
average size below 1 ym, which was expected to require much shorter time for

complete dissolution and homogenisation.

Alloy C has a finer average size of Si (0.48 um) and Mg»Si(0.92 um) eutectic phases.
The growth of Si or Mg,Si can be described by Lifshitz—Slyozow—Wagner equation
[205]

8 D-CyyV?
R3 —Ro3 =220V ¢ 5-2
9 RgqsT

where

T and t — temperature and time, respectively

R — final radius of the particle

Ro— initial radius of the particle

Rgas — gas content

V — molar volume

Co — equilibrium concentration of structures in the matrix

D — diffusion coefficient

From this equation 5-2, the cube of final particle size (R®) has a linear relationship to
solution treatment time, at a given temperature. The growth of eutectic phases was
dominated by its volume fraction, solution treatment time and temperature. It is found
that the size of Si and Mg.Si phases after solution treatment increased by 113% and
27% respectively in alloy A, while in alloy B it increased by 166% and 30%, respectively.
This was induced by the different volume fraction of eutectic phases in alloy B and

alloy C, and the composition of alloy B have more Si and Mg content.

m-AlFeSiMg phase (AlsMgsFeSis) is usually formed on the surface of B-Fe (AlsFeSi) in
Al-Si-Mg (A356 or A357) alloys and increasing Mg leads to the formation of more 17-
AlFeSiMg phase, due to the peritectic reaction [235]. Moreover, the 1T-AlFeSiMg phase
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is unstable, and after solution treatment at 540 °C, the Mg and Si in 1T-AlFeSiMg
phases are dissolved and B-Fe (AlsFeSi) forms [233]. It was also reported that in Al-
Si-Mg alloys, m-AlFeSiMg and B-Fe remain unchanged after solution treatment at
540 °C for 5 min, and further 15 min solution treatment can lead to an overall reduction
of volume fraction m-AlFeSiMg phase [228]. However, as discussed in Chapter 4, the
iron-containing intermetallics in the alloys under as-cast state are a1-AlFeMnSi and 11-
AlFeMnSiMg, which forms before initial eutectic and at the final quaternary eutectic
reaction, respectively. All the T-AlFeMnSiMg phase transforms into a2-AlFeMnSi
under solution treatment at 540 °C for 10 min. The reason for this is that the HPDC
process is a hon-equilibrium solidification process [236] with a fast cooling rate of 500-
1000 K/s. Therefore T-AlFeMnSiMg forms during the final quaternary eutectic reaction,
which occurs in the small interdendritic regions with high thermal and constitutional
undercooling [193]. Thus, the 1-AlFeMnSiMg is the metastable phase with a
composition different from the equilibrium state. After solution treatment at high
temperature, the Mg and Si were easily dissolved into the matrix, and because Mn or
Fe have very low solubility in aluminium, the Fe and Mn remain in the intermetallics.
As a result, it transforms into nano-scale a2-AlFeMnSi phase, which consisted of only

four elements including Al, Mn, Fe and Si.

It is commonly known that the precipitation sequence in Al-Si-Mg alloys is
SSS—-GP—-B’—B'—B-Mg2Si [237]. The peak ageing time of 10 hours at 170 °C was
found in alloy B, and alloy C. Similar results were found by Sjdlander et al. [238] that
The peak ageing time of Al-Si-Mg alloys is 10 hours at 170 °C and 0.3 hours at 210 °C.
In the first 20 min, the increment of hardness is very slow, because of the poor
hardening effect of GP zones [110]. After that, there is a dramatic increase of hardness,
due to the nucleation and rapid growth of coherent B” [239]. Further ageing treatment
(>10 hours) leads to the dissolution of small precipitates and the transformation of 3”
to semi-coherent ' or even B-Mg.Si precipitates which make a lower contribution of
strength [110,240].

5.3.2 Relationship between the microstructure and

mechanical properties

The mechanical properties of the alloys were mainly influenced by the grain size of a-
Al, volume fraction and size distribution of eutectic phases, casting defects and
precipitates. The yield stress can be described as [241]

Ovs =AO0i+AO0Ge+ACeutectic +ATss +ACppt 5-3
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where

Aci— intrinsic strength

Aogs — grain boundary strengthening

ACeutecic — eutectic phases (volume fraction, morphology and size distribution)
Aoss — solute solution strengthening

ACppt— precipitation hardening

In the current work, the solidification condition of the alloys is similar, having high
cooling rate. The fine a-Al grains (Aoge) and less coarsening eutectic phases (Si or
Mg.Si) (ACeutectic) that forms during the short solution treatment is beneficial for the yield
strength of the alloys, based on Hall-Petch mechanism [242] and Orowan dislocation
bowing mechanism [243]. The smaller Si particles or Mg.Si associated with decreased
particle spacing, lead to higher yield strength. Moreover, the yield strength of alloy B
is 15 MPa higher than that of alloy C. The precipitation hardening (Ao of these two
alloys are similar, which can be identified from TEM images and increment of ageing
hardness. The main microstructure difference between the two alloys is the volume
fraction of eutectic Si and Mg2Si (AGeuteciic), and similar results were found by Lados et
al [244]. The T6 with short solution treatment can provide high number density of
coherent needle-like B” (Aopp), Which has a higher resistance to dislocation movement
than semi-coherent ' or non-coherent B, as suggested by Ahmadi et al [245]. The
casting defects have little influence on the yield stress, but they affect the elongation
significantly [223]. The elongation of the alloys after T6 is slightly higher than that of
as-cast state and there are several factors influencing the elongation. Firstly, the short
solution treatment can minimise porosity expansion and dimension stability. Secondly,
the eutectic phases Si and Mg.Si were spheroidized after the short solution treatment.
Especially, the large needle-like T-AlFeMnMgSi phase, which is brittle and acts as
crack initiation in the as-cast state [17], transform into nano-scale a2-AlFeMnSi
particles. Lastly, the coherent smaller 3, which is usually achieved at a relatively lower
ageing temperature and shorter time (below 12 hours), lead to the less sacrificing of

elongation [112].
5.4 Conclusion

(1) The new T6 heat treatment (short solution treatment at 540 °C for 10 min and
ageing at 170 °C for 10 hours) has been developed for the Al-Si-Mg-Mn alloys.
The high yield strength of 3346 MPa and ultimate tensile stress of 3915 MPa
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were achieved in the AI5Si2Mg0.5Mn0.5Fe(wt%) alloy with the good elongation of
4.610.5%.

No apparent porosity expansion was found under the solution treatment at 540 °C
for 10 min or at 480 °C for 90 min. But the prolonged solution time and increased

solution temperature can cause porosity expansion.

The m-AlFeMnSiMg phase transformed completely into the nanoscale a2-
AlFeMnSiphase with a BCC crystal structure at 540 °C for 10 min, although it was
reported that it transforms to B-Fe with longer solution treatment time in some

other commerical Al-Si-Mg alloys.

Solution temperature has significant effects on peak ageing hardening; the highest
peak ageing hardness can be obtained when the samples were solution treated
at 540 °C for 10 min.

After peak ageing treatment, a large number of coherent B precipitates were
formed in the Al matrix with needle-like morphology and a size of 30-60 nm. They

are responsible for excellent strength enhancement in this alloy.
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Chapter 6 Development of Al-Cu-Si-Mg die-cast

alloys

6.1 Introduction

This chapter is concerned with the studies of the as-solidified microstructure and
properties of Al-Cu-Si-Mg quaternary eutectic and hypoeutectic alloys produced by
suction casting and HPDC processes respectively using a combination of SEM, TEM,
XRD, DSC, compression and tensile testing methods. SEM-EBSD/TKD methods were
used to determine the orientation relationship between eutectic phases derived from
the inverse pole figures (IPF) analysis. The effect of copper content on the
microstructure and mechanical properties of hypoeutectic quaternary alloys was

studied to establish the optimum strength and ductility properties.
6.2 CALPHAD modelling of quaternary Al-Cu-Si-Mg alloys

The initial experiment is focused on the understanding of the as-solidified
microstructure of AI-Cu-Si-Mg quaternary eutectic system. The equilibrium phase
diagrams of quaternary Al-Cu-Si-Mg are referred in [246]. From the phase diagrams,
it can be seen that there are three quaternary eutectic reactions, as shown in Fig. 6-1.
They are L—Al+AlsMgs+Mg.Si+AlICuMg. (E1), L—AI+Al,CuMg+Mg,Si+Al,Cu (E2) and
L—AI+Si+Al,Cu+Q(AlsCu:MgsSiz) (E3). The compositions of E1, E2 and E3 are Al-
2.15Cu-0.07Si-33.11Mg  (wt%), AI-31.6Cu-0.9Si-7.2Mg(wt%) and Al-28Cu-6Si-
2.2Mg(wt%), respectively [246,247]. E3 eutectic reaction was chosen for this study

because of the ease of castability by avoiding an excessive amount of Mg.

i
= ~

AlsCuMggSig © =~ Mg,Si

(Si)

Fig. 6-1 Liquidus projection of Al-Cu-Mg-Si alloy system [248]
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Fig. 6-2 Simulated solidification path of die-cast quaternary Al-Cu-Si-Mg alloys
predicted by Pandat 8.5

Table 6-1 The predicted compositions of hypoeutectic alloys in the current study

Alloy Compositions (wt%)
Al Cu Mg Si
AI5Cu Balance 5 11 22
Al6.6Cu Balance 6.6 1.1 2.2
Al10.6Cu Balance 106 1.1 2.2

Alloy Name

Three quaternary hypoeutectic alloys were then designed for high pressure die casting
process based on quaternary Al-Cu-Si-Mg eutectic composition (E3). Fig.6-2 shows
the simulated solidification path of quaternary Al-Cu-Si-Mg hypoeutectic alloys with
20%, 25% and 30% eutectic mixture based on Scheil solidification description. The
predicted compositions of the alloys with various eutectic solid fractions are shown in
Table 6-1, and the three alloys were named AI5Cu, Al6.6Cu and Al10.6Cu, respectively.
There are only three reactions in Al10.6Cu alloy, which are Liquid—a-Al, minor
Liquid—a-Al+Si+Al,Cu, and final Liquid—a-Al+Si+Al,Cu+AlsCu;MgsSis(Q) at 510.6 °C.
In terms of AI5Cu and Al6.6Cu alloys, the binary and ternary eutectic reactions were
observed (Liquid—a-Al+Si and Liquid—a-Al+Si+AlsCu;MgsSi7), following the reaction
(Liguid—a-Al). The three alloys have all the same final quaternary reaction at 510.6 °C.
The fraction of each eutectic reaction and their reaction temperature are summarised
in Table 6-2. Because of die soldering during HPDC process and the formation of
needle-like B-AlsFeSi, minor Mn (0.5 wt%) and Fe (0.1 wt%) were added into the alloys

[24,166]. The measured compositions of the three alloys are shown in Table 6-3.
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Table 6-2 Simulated results showing temperature of formation and fraction of
solid for each eutectic reaction

Fraction of Temp.
Solid (°C) Phase
0 627.66 Liquid+a-Al
0.79 530.24 Liquid+a-Al+Si
Al5Cu 0.81 526.29 Liquid+a-Al+Si+AlsCu,MgsSis
0.89 510.57 Liquid+a-Al+Si+AlsCu,MgsSis+Al,Cu
1 510.57 a-Al+Si+AlsCu;MgsSis+Al,Cu
0 623 Liquid+a-Al
0.76 524.5 Liquid+a-Al+Si
Al6.6Cu 0.78 520.56 Liquid+a-Al+Si+AlsCu,MgsSis
0.84 510.57 Liquid+a-Al+Si+AlsCu,MgsSis+Al,Cu
1 510.57 a-Al+Si+AlsCu;MgsSis+Al,Cu
0 610.97 Liquid+a-Al
AI10.6CU 0.701 511.66 Liquid+a-Al+Si+Al,Cu
0.719 510.57 Liquid+a-Al+Si+AlsCu,MgsSis+Al,Cu
1 510.57 a-Al+Si+AlsCu;MgsSis+Al,Cu

Table 6-3 The measured compositions of the Al-Cu-Si-Mg die-cast alloys

Alloy Solid fraction of Alloy composition (wt.%)

Name eutectic mixture Al Cu Si Mg Mn Fe

AI5Cu ~0.2 Balance 4.90 2.43 1.13 0.45 0.16
Al6.6Cu ~0.25 Balance 6.73 2.35 1.14 0.44 0.14
Al10.6Cu ~0.3 Balance 10.75 2.32 1.15 0.48 0.15

6.3 Microstructure of as-cast quaternary Al-Cu-Si-Mg

alloys

6.3.1 Microstructure of quaternary AI-Cu-Si-Mg eutectic

alloy

Fig.6-3(a) shows the XRD spectrum of as-cast sample. The quaternary eutectic alloy
consisted of four crystalline phases, which corresponded to a-Al, Si, ALCu and
Al,CuzMgsSiy (Q). The XRD result agreed with phases observed in the quaternary Al-
Cu-Si-Mg eutectic alloy processed by directional solidification method [246]. Fig.6-3 (b)
shows a DSC trace of quaternary alloy obtained after the heating cycle. Only one
endothermic DSC peak was observed, and the onset and peak temperature were

found to be 509 °C and 553 °C, respectively. This corresponds to a quaternary eutectic
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reaction, which is close to the eutectic melting temperature of quaternary Al-Cu-Si-Mg
eutectic, according to the equilibrium phase diagram [249]. The enthalpy of fusion(AH)
was determined to be 209 J/g. This low melting point is favourable for the castability.
Fig.6-3 (c) shows the microstructure of quaternary Al-Cu-Si-Mg alloy, which was taken
from transverse section of the 3mm diameter suction cast rod at half-length. It can be
seen that the quaternary eutectic alloy consisted of a bimodal microstructure,
composing of lamellar eutectic cellular colonies with sizes of 5-10 ym and a fine
anomalous eutectic mixture within the intercellular region. An inset in Fig.6-3 (c) shows
anomalous eutectic mixture within the intercellular region taken at high magnification.
It can be found that the anomalous eutectic region consisted of several eutectic phases
but was devoid of any lamellar or fibrous eutectic structure. This suggests a decoupled
growth of eutectic phases towards the end of the solidification process. Moreover, the
sizes of Al,Cu and a-Al phases increased from 90-150 nm in the centre of the cell to
500-800 nm at the edge of the cell. Fig.6-3 (d) shows SEM micrograph of the cellular
eutectic structure, together with a composition profile taken from the centre of a cell to
the intercellular region, as indicated by the black line. There was a build-up of Si
content and a drop in Cu content within the anomalous eutectic region, as compared

to those in the centre of the cell.

Fig.6-4 (a) shows bright-field TEM image of both cell boundary and intercellular regions
of quaternary eutectic alloy taken at low magnification. It can be seen that cell
boundaries are separated by a fine anomalous eutectic region. The size of Al.Cu
lamella at the cell boundary had a range of 300nm to 800 nm, which is comparable to
size derived from SEM image in Fig.6-3 (c). Fig 6-4(b) shows a bright-field TEM image
taken from the cell boundary at high magnification. Four phases (e.g. a-Al, Si, Al,Cu
and Q) were found to co-exist together, where a-Al and Al,Cu phases show irregular
lamellae together with fibrous Q phase and a small fraction of Si phase. The fibrous Q
phase with dimensions of 100nm-150nm width and 300-500 nm length attached to
the AlCu lamella. Only a few Si phases exist in the cell boundary, which are trapped
between Q and Al,Cu phases. Fig.6-4 (c) shows the SADPs of a-Al, Si, Q and Al.Cu,

corresponded to<100>,<00 1>, <11 2 9> and <1 1 0> zone axes, respectively.
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Fig.6-3 (a) XRD spectrum of quaternary eutectic alloy (b) DSC curve of
quaternary eutectic alloy with a heating rate of 20 k/min (c) Secondary electron
SEM images showing bimodal eutectic microstructure and inserted SEM
backscattered image of anomalous eutectic region under larger magnification and
(d) the eutectic cellular structure with EDX line scan from the centre of cell to
intercellular region

Fig.6-4 (d) and (e) display bright-field TEM image and EELS maps of the anomalous
eutectic region, respectively. Four phases (a-Al, Si, Al.Cu and Q) also co-existed
together within the anomalous eutectic region. The a-Al, Si and Al.Cu phases exhibit
an equiaxed morphology, while the Q phase has a platelet appearance. The size of Si
and Al.Cu were found to be 40-90 nm, 50-100 nm, respectively. However, the width of

the Q phase was less than 100 nm, and its length was found to be 100-250 nm.
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Fig.6-4 (a) TEM bright-field image taken at a low magnification showing cell
boundary and intercellular regions, (b) magnified TEM bright-field image of
eutectic cell boundary region and (c) corresponding SADPs, (d) magnified TEM
bright-field image of the intercellular region and (e) STEM-HAADF image with
EELS maps of Cu, Mg and Si

Fig.6-5 (a) shows a typical eutectic colony, which was taken from the sample prepared
by FIB. Fig.6-5 (b) shows the inverse pole figure (IPF) taken from the centre of a
cellular colony. The average confidence index (Cl) of each point for building up the IPF
figure is above 0.5. It is reported that the above Cl is sufficient to index an orientation
95% of the time [250]. The identified phases from TKD include Al.Cu, a-Al and Q
phases, corresponding to previous TEM results. The average diameter of Q phases
was found to be ~100 nm. In addition, the a-Al and Al.Cu lamellar structure appeared
more regular in the centre of the colony with an interlamellar spacing of 160 nm. The
identified common planes and directions are shown in Fig.6-5 (c). The common
directions of Al,Cu, a-Al and Q phases were found to be [120]aizcu, [110]a and [0001]o.
The common planes were found to be (121) acy, (111) a4 and (3140)c.

The inverse pole figure (IPF) taken from the cell boundary are shown in Fig.6-6 (b).
The same types of phases, including Al.Cu, a-Al and Q were identified at the cell
boundary. The sizes of Q increased to ~200 nm in the cell boundary. The lamellar a-
Al and Al,Cu structure appeared irregular as compared with those at the centre of the
cell. The pole figures of Al,Cu, a-Al and Q phases in the cell boundary are shown in
Fig.6-6 (c). The common planes of Al and Al.Cu phases were found to be the same
as those in the centre of the cell without any misorientation. However, the Q phase has

a large deviation from {0001} and {3140} planes, indicating the Q phases at cellular
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boundary exhibited different orientations. No orientation relationships between Q and
Al,Cu, or Q and a-Al were found in the cell boundary.
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Fig.6-5 (a) SEM BSD image of the eutectic colony (b) IPF map of a-Al, Al,Cu and
Q phases from the centre of the cellular colony (c) pole figures for identification of
the orientation relationship between the three phases including a-Al, Al,Cu and Q

Q A1 {0001}

Fig.6-6 (a) SEM BSD image of the eutectic colony (b) IPF map of a-Al, Al,Cu and
Q phases at cell boundary (c) pole figures for identification of the orientation
relationship between the three phases including a-Al, Al,Cu and Q
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6.3.2 Microstructure of hypoeutectic Al-Cu-Si-Mg alloys

6.3.2.1 X-Ray Diffractometry (XRD) and Differential
Scanning Calorimetry (DSC) studies

Fig.6-7 (a) shows XRD spectra of these three alloys which corresponded to the
equilibrium phases predicted by thermodynamic calculations. Apart from eutectic
phases (a-Al, Si, Al,Cu and AlsCu;MgsSis), a-AlFeMnSi phase was found, due to the
addition of Mn and Fe. The heating curves of these three alloys obtained by DSC are
shown in Fig.6-7 (b). From the heating curves in Fig.6-7 (b), there are only two
endothermic peaks in Al10.6Cu, which coincides with the melting of the quaternary
eutectic mixture and primary a-Al phase. Another endothermic peaks appear in AI5Cu
and Al6.6Cu following the quaternary eutectic melting peak. From the prediction in
Fig.6-2, these peaks correspond to the melting of binary or ternary eutectic mixture.
The temperatures at which the quaternary eutectic mixture melts for the three alloys
are quite similar, at ~508 °C, as shown in the magnified inserted image in Fig.6-7 (b).
The alloy is fully liquid at a temperature of Al10.6Cu is 620 °C, and in AI5Cu and
Al6.6Cu, they are 629 °C and 636 °C, respectively. The experimentally determined
eutectic temperatures, as well as the fully liquid temperatures, show a trend similar to

that observed for the Scheil simulation result in Fig.6-2.
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Fig.6-7 (a) XRD spectra (b) DSC heating curves of the die-cast hypoeutectic Al-
Cu-Si-Mg alloys with a heating rate of 5 K/min

6.3.2.2 Scanning electron microscopy (SEM) results

Fig.6-8 (a) shows the typical microstructure of AI5Cu from the centre region of the
sample. There are two types of a-Al grains labelled a1-Al and a2-Al. The a1-Al grain

has a coarser size, which solidified in the shot sleeve, and finer a2-Al grain formed in
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the die cavity with a much higher cooling rate [251]. Apart from Al>Cu intermetallics at
grain boundaries, there are mainly three types of eutectic structure in AI5Cu alloy
shown in Fig.6-8 (a), which are called ‘EU1’, ‘EU2’ and ‘EU3’ regions, respectively.
The microstructures of these three eutectic regions are shown in Fig.6-8 (b,c,d) taken
at high magnification. From SEM image, the eutectic structure (labelled as ‘Eu1’) was
characterised mainly to have a-Al and Al,Cu with a lamellar spacing of 200-400nm.
Another coarse eutectic structure (labelled as ‘Eu2’) is shown in Fig.6-8 (c), and the
grey phase was identified to be AlsCu,MgsSiz(Q) phase with a lamellar spacing of 250-
400nm. Fig.6-8 (d) shows the finest eutectic morphology (labelled as ‘Eu3’) compared
with ‘Eu1’ and ‘Eu2’, indicating final quaternary eutectic reaction. The fine a-AlFeMnSi
phases having a size of 0.5-3 ym were also observed at grain boundaries shown in

Fig.6-8 (e). The microstructure of Al6.6Cu alloy is similar to AI5Cu, shown in Fig.6-9.

Detector=BSD EHT=15KV Detector=BSD  EHT=15KV

Detector=BSD EHT=15KV 1um Detector=BSD  EHT=15KV

Fig.6-8 SEM Backscattered images showing (a) typical microstructure of AI5Cu
taken at a low magnification (b) the microstructure of ‘EU1’, (c) ‘EU2’ and (d)
‘EU3’ (e) the fine compact a-AlFeMnSi intermetallics with high magnification
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Fig.6-9 SEM Backscattered images showing (a) typical microstructure of Al6.6Cu
taken at low magnification (b) the microstructure of ‘EU1’, (c) ‘EU2’ and (d) ‘EU3’
(e) the fine compact a-AlFeMnSi intermetallics with high magnification

Fig.6-10 (a) shows the typical microstructure of Al10.6Cu in the centre region of the
sample. It can be found that the eutectic structure is more uniform. It composes of dual
size of a-Al grains and ultrafine eutectic structure. The magnified image in Fig.6-10 (b)
shows the structure of fine eutectic. The lamellar eutectic of a-Al-Al.Cu was observed
with an interlamellar spacing of 150-300 nm. The a-AlFeMnSi particles were observed
at the boundary between the eutectic mixture and a-Al dendrites. Further
characterisation with TEM of the ultrafine eutectic regions in Al10.6Cu and AI5Cu will

be discussed below.

Fig.6-10 SEM Backscattered micrographs showing (a) typical microstructure of
Al10.6Cu (b) the morphology of fine eutectic mixture
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6.3.2.3 Electron backscatter diffraction (EBSD)
studies

The grain structures of a-Al in these three alloys were obtained from EBSD analysis,
in the centre region of each sample. Fig.6-11 (a-c) shows the EBSD grain-orientation
in AI5Cu, Al6.6Cu and Al10.6Cu. The corresponding statistical analysis of grain size
distribution and average grain size were shown in Fig.6-11 (d). The dual size
distributions of a1-Al and a2-Al grain are displayed in the EBSD images. The a-Al
grains show an equiaxed structure without a preferred orientation. Al10.6Cu has the
finest a1 and a2 grains with an average size of 33.0 um and 9.8 um, respectively. The
average grain sizes of a1 and a2 in Al6.6Cu are slightly finer than that of AI5Cu, which
are 10.8 ym and 35.7 pm, respectively. In AI5Cu alloy, the largest sizes of a1 and a2

grains are found to be 38.8 ym and 11.0 ym.
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Fig.6-11 EBSD orientation map of a-Al grains in AlI5Cu (a), Al6.6Cu (b), Al10.6Cu
(c) and corresponding grain size distribution (d)

6.3.2.4 Transmission electron microscope (TEM)

studies

Fig.6-12 shows the microstructure of the ultrafine quaternary eutectic region from
AI5Cu. The ultrafine quaternary eutectic region in Al6.6Cu alloy characterised by TEM
is similar to that in AI5Cu, which is not shown here. From the TEM bright-field image
in Fig.6-12 (a), there are four types of phases (Al.Cu, Si, Q and a-Al) co-existed inside
this region with corresponding SADP patterns, as shown in Fig.6-12 (c-f). The HADDF-
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STEM image of the region is shown in Fig.6-12 (b). It can be observed that Al,Cu and
a-Al show a lamellar structure, with a lamellar spacing of 100-250 nm, which is slightly
finer than that in Al10.6Cu. Q phase (eg. what is the size) shows irregular morphology
without the entrapment of Al,Cu lamellas. Fine Si particles (eg. what is the size) were
found in the ultrafine eutectic region as well, and there are no orientation relationships
among these phases.

Fig.6-12 (a) TEM bright-field image (b) HAADF-STEM image showing ultrafine
eutectic region in AI5Cu (c-f) SADP patterns of Al2Cu, Q, a-Al and Si

Fig.6-13 shows a TEM micrograph of Al10.6Cu taken from the ultrafine eutectic region.
The TEM bright-field image shown in Fig.6-13 (a) is taken along the [110]azcu ZOne
axis, and the fine eutectic mixture consists of four phases (Al.Cu, Si, Q and a-Al). The
Al;Cu and eutectic a-Al exhibits lamellar structure with a lamellar spacing between 150
to 300 nm and all Q phases attach to the lamellar Al,Cu. There is only one patrticle of
Si phase observed in this quaternary eutectic region, which is marked in Fig.6-13 (a).
The EDX mapping of Area 1 in Fig.6-13 (a) is shown in Fig.6-13 (b). All spherical
particles in Fig.6-13 (a) correspond to Q phases, and the size is in the range of 50-100
nm. The SADP patterns of Q, Al.Cu, Si and a-Al are shown in Fig.6-13 (c-f). The 3D
analysis of the morphology of eutectic phases was carried out with FIB-SEM
tomography slides, as shown in the Appendix. From the images, the Q phase shows
a fibrous morphology attaching to the Al,Cu lamellae, while the Si phase exhibits

irregular morphology with a small area fraction entrapped between the Al,Cu lamellas.
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Fig.6-13 (a) TEM bright-field image with an inset of highly magnified image
showing the ultrafine eutectic region in Al10.6Cu (b) corresponding EDX mapping
obtained from the rectangular ‘Area 1’ (c-f) SADP patterns of Al.Cu, Q, a-Al and
Si phases

The orientation relationships between each of Al.Cu, Q and a-Al phases in Al10.6Cu
are determined from HRTEM images. The HRTEM images were obtained from the
regions, as shown in Fig.6-13 (a). Fig.6-14 shows HRTEM images and corresponding
Fast Fourier Transform (FFT), as well as one-dimensional Fourier-filtered- images of
interfaces between the eutectic phases. Fig.6-14 (a) shows the interface structure
between Al,Cu and a-Al. From the corresponding FFT image in Fig.6-14 (b), the
orientation relationship is (220)4;~3° from (002) 4;2c,. @and [110],;//[110] gj2cu- The
HRTEM image and FFT of the interface structure between Q and a-Al are shown in
Fig.6-14 (d,e), respectively. The parallel planes of Q and a-Al were identified as (113)a
and (1010)o from FFT pattern. The orientation relationship of [110],4,//[0001], and

(113)4,//(1010) owas identified. The orientation relationship of ALCu and Q was

determined from Fig.6-14 (g) and (h). The angle between (002)azcu and (1100)o planes
were found to be ~3° when [110] 4;5¢,//[0001],. Hence, the orientation relationship of
Al>Cu, Q and a-Al was established to be:

{(220)A1~3° from (002) a;zcu, (113)4,/(1010) 0’ (002) g12¢0~3° from (1100),
[110]4;//[110] g12¢u//[0001],
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Fig.6-14 HRTEM images of Al10.6Cu showing the interface of Al and Al.Cu, Q
(a, d, g) and corresponding FFT of Al, Al,Cu and Q (b, e, h), respectively,
Fourier filtered images of the interfaces between the eutectic phases(c, f, i)

Fig.6-14 (c,f,i) shows the one-dimensional Fourier-filtered images of boundaries
between the eutectic phases. The presence of dislocations on the interfaces among
these three phases were observed. Only a few dislocations were found between a-Al
and Al:Cu interface, which indicates a coherent interface. Such interfaces are very
stable and cannot be modified easily. However, more distortions between Q and Al.Cu,
a-Al and Q interfaces were observed, giving more edge and screw dislocations co-

exist.
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6.4 Mechanical properties of quaternary Al-Cu-Si-Mg

alloys

6.4.1 Compression properties of quaternary Al-Cu-Si-Mg

eutectic alloy

Fig.6-15 shows the typical compressive stress-strain curve of the quaternary alloy with
a strain rate of 1x102 s. The alloy exhibits excellent compressive properties. The
fracture stress, yield stress and compressive strain were found to be ~1036 MPa, ~900
MPa and ~4.7%, respectively. An inset in Fig.6-15 shows the fractured sample after
compression test. It can be seen that the maximum shear plane is inclined to the load

direction by approximately 45°.
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Fig.6-15 Compressive stress and strain of quaternary eutectic alloy

The fracture surface of quaternary alloy taken at low magnification is shown in Fig.6-
16 (a). The shear band direction is indicated by the blue arrow. It can be seen that the
fracture surface mainly comprises of flat and bumpy features, which are marked in
Fig.6-16 (a). The representative regions of these two features are labelled as A and B
in Fig.6-16 (a), respectively. Moreover, there are many wavy cracks which form
between the two features. The magnified SEM micrographs taken from regions A and
B are shown in Fig.6-16 (b,c). Fig.6-16 (b) reveals the regions of ‘cup-like’ concave
contour with an average size of 5-10 ym that is similar to the size of eutectic cells

determined from Fig.6-3 (c). It is proposed that these features are formed by the
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rotational motion of the cellular colonies [128]. The microstructure of region B (Fig.6-
16 (c)) contains a few wavy cracks along the boundaries of cellular colonies, indicating
that the majority of the cracks in Fig.6-16 (a) are separated by the boundaries of
cellular colonies. In addition, coarse Al,Cu phase was found to fracture at the
boundaries of cellular colonies, as shown in Fig.6-16 (c). This reflects that the coarse
Al,Cu phase is vulnerable to crack initiation. Meanwhile, it is clearly shown that the

rotation of eutectic colonies occurs after compression deformation.
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Fig.6-16 SEM backscattered images of fracture surface taken at low
magnification (a), and high magnification (b,c) from regions (A, B)
marked by yellow circles in (a)

To further understand the deformation of quaternary eutectic alloy, the interrupted
compression with a strain of 4% was performed and the microstructure was
characterised under TEM. Fig.6-17 (a) shows TEM bright-field image along [110]a

zone axis of a-Al lamella within one eutectic cellular colony taken at low magnification.
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It can be noted from strain contrast that the orientation of a-Al is same from the centre
to the boundary of the cell. A large number density of dislocation can be seen either in
the eutectic cell or at the intercellular region. The nanoscale anomalous eutectic was
found near cell boundaries. Fig.6-17 (b) shows the dislocations inside the cell. The
dislocations were trapped inside the eutectic phases. The high magnification BF image
of dislocations present in a-Al phase from anomalous eutectic and cellular eutectic
regions is shown in Fig.6-17 (c). There are more dislocations present in a-Al inside the
cell than a-Al inside the anomalous eutectic region. During deformation, these

dislocations cannot propagate into the anomalous eutectic.
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Fig.6-17 Bright-field TEM image of quaternary eutectic alloy after interrupted
compression test (a) together with magnified images of cellular and intercellular
regions(b,c), respectively

6.4.2Hardness and tensile properties of hypoeutectic Al-
Cu-Si-Mg alloys

Fig.6-18 shows the average hardness and area percentage of the eutectic mixture in
these three alloys, measured from the edge to the centre of the mid-section of HPDC
tensile sample. The area percentage of the eutectic mixture was analysed from the
backscattered SEM images using ImageJ software. The centre region in each alloy
has the lowest volume fraction of eutectic mixture, while the defect band region has
the highest volume fraction of eutectic mixture. The cross-section of the sample with
the defect band region of Al10.6Cu alloy is shown in Fig 6-18 (d). The change of the
hardness with position within the cross-section in these three alloys resembles to the
change in the area percentage of the eutectic mixture from the centre to the edge

region. The highest average hardness in Al10.6Cu was measured to be 147 HV in the
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defect band region, and the average hardness in the centre region was determined to
be about 120 HV. AI5Cu alloy has the lowest average hardness of 101 HV in the centre
region with the lowest area percentage of eutectic mixture of 8.9%.
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Fig.6-18 The average hardness and area percentage of eutectic mixtures from
the edge to the centre of the tensile sample in: (a) AI5Cu (b) Al6.6Cu and (c)
Al10.6Cu alloys; (d) cross-section of Al10.6Cu alloy showing defect band region

Fig.6-19 (a) shows tensile stress-strain curves of these three alloys with an inset
showing dimensions of a standard tensile test specimen. The average tensile
properties of these alloys together with some other die-cast alloys developed in recent
years are shown in Table 6-4. The alloys in the current work show excellent mechanical
properties. Al10.6Cu alloy has the highest yield strength of 267+5 MPa and ultimate
tensile strength of 395+16 MPa, but the lowest elongation of 3.4+0.5%. Highest
elongation of 7.72+1.4% was found in AI5Cu with a good yield strength of 219+3.1
MPa and ultimate tensile strength of 344.7+6.5 MPa. From Table 3, it can be found
that the yield strength of most reported Al-Si and Al-Mg based die-cast alloys is below
200 MPa with elongation over 6%. Although some Al-based die-cast alloys have yield
strength over 200 MPa, the elongation is near/below 2%. The mechanical properties
of currently studied Al-Cu-Si-Mg based die casting alloys have yield strength over 200
MPa and good elongation which can be tailored by modification of volume fraction of

eutectic mixture. Especially, the ultimate tensile strength of the reported alloys is less
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than 350 MPa, while in the current alloy (Al10.6Cu) it is 395+16 MPa. The elongation
as a function of yield strength is plotted in Fig.6-19 (b). The average total volume
fractions of the eutectic mixture from the edge to centre in AI5Cu, Al6.6Cu and
Al10.6Cu are 17.1%, 21.4% and 26.6%, respectively. It can be found that the increase
of volume fraction of eutectic mixture from 21.4% in Al6.6Cu alloy to 26.6% in Al10.6Cu
leads to a dramatic increase in yield strength.

Table 6-4 The mechanical properties of the recently developed die-cast alloys
and the alloys in the current work

Alloy composition(wt%) Temper Str::;tsrill:nPa Yield":tpr:ngth EIonlij/oation
Al10Si1.2Cu0.8Mn [181] As-cast 308 190 6.6
Al1 OSi0.4Mg([)‘i5854l]:eO.2-0.85Mn As-cast ~225 ~150 8-12
AI7Si0.7Mn0.3Mg [205] As-cast ~260 ~125 ~10
AI9Si3Cu [197] As-cast ~330 ~140 ~6
Al5.5Mg2Si0.57Mn [143] As-cast ~320 ~180 ~8
Al10Mg2.8Si3.5Zn0.5Mn [192] As-cast ~350 ~250 ~2.0
Al8Si3Cu1.8Zn0.86Fe [252] As-cast ~339 ~147 ~5.2
Al10Si1.6Cu0.68Fe [138] As-cast ~300 ~213 ~1.8
AI5Cu As-cast 344.7+6.5 219+3.1 7.72+1.4
Current Work Al6.6Cu As-cast 365+4.5 231+5.2 6.2+0.8
Al10.6Cu As-cast 395116 267+5 3.410.5

The fracture surfaces of these three alloys are shown in Fig.6-20. From Fig.6-20, a
combination of eutectic separation and cleavage fracture of large a1-Al grains as well
as some porosities can be found. More eutectic separation appeared in Al10.6Cu
(Fig.6-20 (c)), corresponding to the highest volume fraction of eutectic mixture. A few
dimple ruptures were found in a2-Al regions in AI5Cu and Al6.6Cu, indicating the

higher ductility.
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Fig.6-19 The tensile stress-strain curves of die-cast Al-Cu-Si-Mg alloys

Fig.6-20 SEM micrographs showing fracture surfaces of AI5Cu (a), Al6.6Cu (b)
and Al10.6Cu (¢)

6.5 Discussion

6.5.1 Microstructure evolution in quaternary eutectic alloy

The solidification of eutectic alloy involves the redistribution of solute across and along
the liquid/solid interface. This results in the formation of a diffusion layer ahead of solid-
liquid front [88]. A short-range diffusion occurs in the highly undercooled metal-
intermetallic compound eutectic system, resulting from limited diffusion under rapid
solidification [253]. The lamellar eutectic growth depends on the interplay between

solute diffusion and free energy. It is reported that under similar rapid solidification
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condition, binary Al-Cu eutectic alloy has an interlamellar spacing of 200-300 nm,
which is coarser than that of current quaternary eutectic alloy [121]. The favourable
morphology of quaternary eutectic alloy is reached when each phase is in contact with
other two/three phases so as to provide efficient diffusion paths in the liquid, leading
to high growth rate [55,254]. Meanwhile, the a-Al and Al.Cu lamellae in quaternary
eutectic alloy both segregate Mg and Si solutes into the liquid together with the minor
impurities, while they exchange Al and Cu atomic species by interlamellar diffusion.
The solute rich liquid ahead of eutectic/liquid interface can lead to constitutionally
undercooling [255]. The increased undercooling in the liquid ahead of solid/liquid
interface affects the growth of the lamellae according to Hunt and Chilton equation,
ATNO® = constant, where AT is undercooling, v is growth velocity. The growth rate is
related to interlamellar spacing, based on Zener relationship that A%v = constant
[52,256], where A is interlamellar spacing. Herein, increasing undercooling leads to

increasing growth velocity, thereby resulting in the refinement of interlamellar spacing.

Itis should be noted that the quaternary eutectic growth front can transform from planar
to cellular morphology. Such a transformation can be explained by the solid-liquid
interface stability theory [257]. The unstable eutectic growth front can lead to the
development of a cellular structure, due to the presence of impurities or additional
elements which change the interfacial undercooling, destabilising the solid-liquid front,
resulting in the formation of cells [79,258]. Moreover, the Al,Cu phase at the cell
boundaries is much coarse. It is because the long-range solute segregation ahead of
the growing solid/liquid interface can lower the solidification rate and adjust the volume
fraction of the eutectic phases, leading to the development of a coarse lamellar
structure on the boundaries of eutectic cells. The solutal diffusion is significantly
smaller than the thermal diffusion length. Therefore, the spacing between eutectic cells

is considerably larger than the lamellar spacing in the cells.

The orientation relationship is usually observed in the eutectic solidification. The
orientation relationship of Al and Al.Cu has been reported by Cantor et al. [259] to be
{211} arzcu/ /{1113 gy and < 120 >pp5¢u//< 110 >4
This orientation is usually observed in the Al-Cu alloys with various cooling rate, which
is similar to those observed in the current work. The difference is that there are a lot of
nanoscale Q phases adjacent to the a-Al-Al,Cu lamellae. The orientation relationship

of Al,Cu, Q and a-Al is
{211} apacu/ /{1113, //{3140}y and < 120 >0, //< 110 >4,//< 0001 >,
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The lattice parameters of tetragonal Al,Cu, hexagonal Q and cubic a-Al phases are
a=b=0.60671 nm and ¢=0.48771 nm, a=b=1.03933 nm and ¢=0.401736 nm, and
a=b=c=0.404975 nm, respectively. The lattice parameters of Q is considerably
different from Al,Cu and a-Al. The lattice disregistries of a-Al/Q, Q/Al,Cu and Al,Cu/a-
Al can be calculated by the method proposed by Nabarro [260], based on the TKD

results in the current study. The formula can be written as follows

__ 2(nydx—mydy)

Fxpy = 6.5.1-1

Ny dyt+myd,

Where,

Fy, — disregistry

d, and d,, — d-spacing of each two eutectic phases

n, and m, — integers

The d-spacings of {211} 455y, {111}, and {3140}, are 1.44164 nm, 0.701437 nm,
and 0.31849 nm, respectively. It can be found that the double d-spacings of
{111} 4, match one d-spacing of {211} 4;2¢,. Therefore, Nazcy and ma are 1 and 2,
respectively. The calculated Fyj;cy 41 IS 2.7%, meaning that the interface of a-Al and
AlCu is the coherent interface [261]. Similarly, the disregistry of Q and a-Al, Q and
Al,Cu were calculated to be 9.9% and 9.6%, respectively. The interfaces between Q
and a-Al, Q and Al,Cu are semicoherent interfaces [261]. The disregistries of Q and a-
Al, Q and Al;Cu are larger compared with a-Al and Al.Cu. It should be noted that during
multi-phase eutectic solidification, more interfaces generate, and the interface of each
eutectic phase have different interfacial energies, following the rules that minimising
the total lattice disregistry [262]. Thus, compared with binary Al-Cu eutectic alloys, the
orientation remains the same in the quaternary eutectic alloy. In addition, the Q phase
shows rod-like morphology between the Al.Cu and a-Al, which has fewer interfaces, in

comparison with other morphologies with similar volume fraction.

The a-Al and Al.Cu eutectic phases continue with coupled growth from the centre to
the edge of the cell. However, Q-phase initially grows in a coupled manner within the
cell but changed to decoupled manner towards the cell boundary. The eutectic liquid
can facilitate the coupled growth of multiple phases with various orientations at
different solidification condition [263], such as additional elements or cooling rate,
which affect the undercooling of the solidification. It can be observed that at the cellular
boundaries, the Al,Cu shows much coarser interlamellar spacing, indicating much

lower undercooling at lateral solidification [264]. Moreover, interfaces of Q and a-Al, Q
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and Al,Cu have much higher interfacial energy. As a result, the decoupled growth
occurs near the cell boundary as compared to initial coupled growth within the cell.

Lastly, the smallest solute atom in this quaternary eutectic alloy is Si, which has a very
limited solid solubility in Al and dominates in the chemical segregation at the
intercellular regions as compared to other solute elements. Therefore, a constitutional
undercooling is expected in the intercellular region. Moreover, the regions are last
solidification regions which have a higher cooling rate, owing to the positive
temperature that heat can transfer through high volume fraction of lamellar structures.
Therefore, high undercooling can be achieved, and the recalescence is delayed [31].
As a result, the nanoscale anomalous eutectic microstructure formed in the

intercellular regions [20].

6.5.2 Microstructure evolution in quaternary hypoeutectic

alloy

Solidification during HPDC process is a two-stage solidification process, which
commences when the melt is poured into the shot sleeve. The relatively low
temperature of the shot sleeve (250 °C) is able to cool the melt below the liquidus
temperature [193]. Heterogeneous nucleation occurs in the melt and a1-Al grains
formed. After passing through the narrow ingate, the fragmented or rosette a1-Al
grains form. During the filling process in the die cavity, much finer a2-Al grains form,
due to the high cooling rate ~1000 K/s [265]. With increase Cu content in the alloy
composition, both a1-Al and a2-Al grains becomes finer. Al10.6Cu has the finest grain
size, owing to the growth restriction factor that more solute in the solid/liquid front

mitigates the dendritic growth as discussed in Section 4.5.1.

A defect band due to macrosegregation of alloying additions can be observed in these
die-cast alloys at the location of a high area percentage of eutectic mixture. The
mechanism of defect band formation was proposed by Gourlay et al. It is due to the
dilatant shear bands resulting from strain instabilities of initially solidified grains [227].
In addition, the accompanied macrosegregation in the defect band region is due to the
inverse segregation or exudation [266]. Thus, the highest area percentage of eutectic
mixture is found in this region. The average area fraction of eutectic mixture in each
alloy is a little lower than the predicted values. Apart from some reasons discussed in

Section 4.5.1, the addition of minor Mn and Fe in these quaternary Al-Cu-Si-Mg alloys
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can slightly affect the solid fraction of eutectic mixture, which was not considered in
CALPHAD modelling.

Furthermore, the addition of Mn can suppress the formation of needle-like B-AlFeSi
phase, and the small addition of Fe and high cooling rates contribute to the fine a-
AlFeMnSi particles, which form prior to eutectic reactions. Most of the a-AlFeMnSi
particles are distributed at the grain boundaries. The minor addition of Mn and Fe have

no effects on the types of phases forming in the eutectic mixtures.

The formation of ultrafine quaternary eutectic in AI5Cu, Al6.6Cu and Al10.6Cu makes
the completion of solidification in HPDC process. Al10.6Cu alloy, which was designed
with quaternary hypoeutectic composition, has uniform eutectic microstructure. The
decrease of Cu content can decrease the total volume fraction of eutectic mixture, and
some binary or ternary eutectic structures form at high temperature with coarse
morphology. The final quaternary eutectic mixture in these three alloys shows very fine
microstructure. The solidification of a multi-phase quaternary eutectic mixture occurs
via competitive growth and coupled/decoupled growth of eutectic phases [267]. Thus,
compared with binary or ternary eutectic reactions, the diffusion in front of solid/liquid
of quaternary eutectic is more complex, accompanied by high constitutional
undercooling. Therefore, the lamellar thickness or spacing of multi-component eutectic

alloys is usually finer than their binary counterparts.

Moreover, the coupled growth of a-Al, Q and Al.Cu in final quaternary eutectic were
found in Al10.6Cu, while in AI5Cu and Al6.6Cu, it shows different morphology without
coupled growth of Q phase attached to the lamellae. There is a large variation of
interfacial energy for Q/Al,Cu and Q/a-Al interfaces, whereas the coupled growth of
these three phases is very difficult and only occurs at certain undercooling. Meanwhile,
the smaller interdendritic regions in AI5Cu and Al6.6Cu can lead to much higher
cooling rate, which was indicated by finer lamellar spacing. It should be noted that the
lamellar spacing in AI5Cu and Al6.6Cu (Fig.6-12) is finer than that in quaternary Al-
Cu-Si-Mg alloy (Fig. 6-5), indicating the higher cooling rate of eutectic reaction in AI5Cu
and Al6.6Cu. Consequently, the coupled growth of Q phase with a-Al and Al,Cu
disappeared from the early stage in AI5Cu and Al6.6Cu alloys.

The interfaces among a-Al, Q and AlL.Cu phases were well defined from HRTEM in
Al10.6Cu. Bramfitt [261] calculated the misfit of the interfaces where lattice mismatch

(6) can be expressed as:
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Where [uvw]i, is low-index direction of one phase, [uvw] is low-index direction of

another phase, d[ww]g is d-spacing along [uvw]} direction and d[uvw]% is d-spacing

along [uvwl]}, direction. The mismatch between the interfaces was reconstructed and
simulated based on Bramfitt method. Fig.6-21 shows the atomic matching of the
common planes among Al,Cu, Q and a-Al phases. The selections of common planes
and zone axis directions are based on results shown in Fig.6-14. The calculation

parameters are listed in Table 6-5.

The interface between Q and Al.Cu has the highest § value of 7.3%, while the § value
of interface between a-Al and Al;Cu is smallest (2.3%). Based on the authors’
knowledge, this is a new orientation relationship of a-Al-Al,Cu reported to have a
coherent interface during solidification, which is different from that in binary Al-Cu or
ternary Al-Cu-Ag systems [268,269]. The interfaces of Q and Al.Cu, as well as Q and
a-Al, are semi-coherent. The common interfaces usually found in the eutectic
solidification, which enables to minimise the total energy of the system. The majority
of interfaces are those between a-Al and Al,Cu. The interfacial energy of Q/Al,Cu and
Q/a-Al is higher than a-Al/Al,Cu. Firstly, the mismatch between a-Al and Al,Cu needs
to be the lowest value. The interfacial strain between Q/Al.Cu and Q/a-Al interfaces
needs to be minimised, and the orientation relationship among three phases formed
based on the factors above. As a result, this unique structure formed. However, the
nucleation and coupled eutectic growth mechanism of this quaternary eutectic system

still need to be further systematically studied.
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Fig.6-21 Schematic illustration of interface matching of (220)a /(002)ai2cu (8),
(113)a/(1010)q (b) and (002)ai2cu/(1100)q (C) respectively
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Table 6-5 Bramfitt planar disregistry & of Al, Al,Cu and Q along various ORs

OR Match [uvw] [uvw] [uvtiw]Q 6, d[uvw]Al, d[uvw]AI2Cu, d[uvtw]Q, ]
planes Al Al2Cu ) nm nm nm (%)
_ [110] [110] / 0 3x0.286 2x0.429 /
(220)Al -
- [001] [110] / 0 0.405 0.429 / 2.3
/(002)AI2Cu
[332] [310] / 1.5 0.950 0.959 /
_ [110] / [000 1] 0 3x0.286 / 2x0.402
(113)Al _ _
- 332 / 0110 0 0.950 / 1.039 5.8
/(1010)Q — =
[I27] / [07T11] 7 0.496 / 0.508
_ / [110] [000 1] 0 / 0.429 0.402
(002)Al2Cu / 10l 120 O / 2x0.429 0789 7.3
/(1100)Q _
[310] [3364] 3 / 0.959 0.885

6.5.3Relationship between the microstructure and the

mechanical properties

6.5.3.1 The quaternary eutectic alloy

The quaternary alloy in the current study has higher compressive vyield strength than
some other ternary, binary alloys [58,59,121]. According to Hall-Petch equation, a fine
grain size can lead to high yield strength [270]. Herein, the lamellar spacing of primary
a-Al-Al,Cu eutectic in quaternary is finer than that in Al-Cu binary or Al-Cu-Si ternary
eutectic alloy [58,59]. Apart from a-Al-Al,Cu lamellae in quaternary eutectic alloy, the
presence of fine fibrous Q phases can provide additional strengthening. Thus, higher

yield strength was achieved in the quaternary eutectic alloy.

It is reported that structure heterogeneity such as bimodal or multimodal eutectic is an
effective approach to dissipate excessive stress via the rotation of cellular colonies
[271,272]. The quaternary eutectic has a bimodal eutectic structure. At the early stage
of deformation, massive dislocations were accumulated inside a-Al lamella within the
cellular colonies or within the intercellular regions. Herein, the nanoscale anomalous
eutectic is beneficial for the work hardening, because it can prevent the propagation of
dislocation from cellular colonies into the anomalous eutectic region [58]. After further
deformation, the dislocation pile-ups cause stress concentration, resulting in the
generation of shear bands [127]. In the meantime, the rotational motion of cellular
colonies accommodates complex plastic flows, dissipating the localisation of the shear
stress [273]. Thus, a higher compressive strain can be achieved in quaternary eutectic
alloy than that in Al-Cu binary eutectic alloy [121]. At the last stage of deformation, the

cracks are easily initiated on the brittle coarse Al,Cu lamella near the boundaries of
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cellular colonies. Therefore, a large number of wavy cracks are observed at cellular
boundaries, resulting catastrophic failure.

Although the quaternary eutectic alloy has high compressive strength, the plasticity is
relatively low compared with some ternary eutectic alloys [58,59]. Further work is
needed to improve its plasticity. The introduction of ductile a-Al phases and
modification of nanoscale eutectic matrix such as its size, volume fraction and
distribution are two effective methods to improve ductility [58,272]. Thus, the multi-

component alloy concept can be tailor-made for industrial application.

6.5.3.2 The quaternary hypoeutectic alloy

The microstructure of Al-Cu-Si-Mg based hypoeutectic alloys consists of r ultrafine
eutectic mixture, compact a-AlFeMnSi particles and fine a-Al grains. The fine size and
morphology of a-AlFeMnSi phases with considerably low volume fraction have limited
negative impact on crack initiation [184]. Moreover, the Al,Cu phase, which is the
majority intermetallic phase inside the eutectic regions, has high elasticity modulus
[264] and fine lamellar spacing. Thus, a large interaction force is required for
dislocation generation in the adjacent interfaces of eutectic phases [264]. In addition,
some other strengthening eutectic phases such as fibrous Q and irregular Si phases
with very fine morphology also contribute to the high strength of the alloys.
Consequently, the alloys in the current work show more favourable mechanical

properties than some other Al-based die-cast alloys.

The volume fraction of eutectic mixture plays a vital role in the elongation and strength
of the alloys [274]. Okulov et al. reported that from deformation to the failure of ultrafine
hypoeutectic eutectic alloys, the microstructure undergoes three stages [275]. The
wave slip bands form, which is caused by dislocation pile-ups, and it is usually
observed along a closed packed plane. After that, the slip bands increases and
penetrate into ultrafine regions. With further deformation, some cracks form in the
eutectic regions and propagate along the slip planes, resulting in final failure. With the
increment of the volume fraction of eutectic mixtures, more interconnected ultrafine
eutectic mixture in the alloy is able to retard the deformation of soft a-Al dendrites.
Consequently, it results in excellent yield and ultimate tensile strengths, but lower
elongation. Moreover, with further deformation, the dendrites cannot accommodate the
stress, resulting in fast propagation of cracks along grain boundaries. The failure is

through the interdendritic eutectic region.
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Lastly, it can be found that the relationship between yield strength and elongation are
no-linear. As shown in Fig.10 (b), the interval of volume fraction of eutectic mixture is
almost the same from AI5Cu to Al10.6Cu. The increase of yield strength is much higher
with a further increase in volume fraction of eutectic mixture, while the elongation is
levelled over 3%. Compared with AI5Cu and Al6.6Cu, Al10.6Cu has more uniform
ultrafine eutectic structure without coarse binary or ternary eutectic mixture. In the
meantime, this quaternary ultrafine eutectics with fine lamellae can effectively dissipate
the excessive strain in the form of multi-cracks [276]. In addition, the interfaces
between a-Al and Al,Cu are coherent, which is favourable for dislocation transmission
[124]. To summerise, the approach of designing alloys with multi-phase and multi-
component eutectic structures is potential for alloy development with exceptional

strength.
6.6 Conclusion

(1) Quaternary Al-Cu-Si-Mg eutectic alloy was prepared by suction casting with water-
cooled copper mould. The hypoeutectic Al-Cu-Si-Mg alloys with a various volume
fraction of eutectic mixtures were prepared by HPDC process.

(2) The single endothermic peaks were found from DSC in quaternary eutectic alloys,
and DSC curves of hypoeutectic alloys show multi-peaks, corresponding to the

prediction of eutectic and hypoeutectic reactions.

(3) The microstructure of quaternary eutectic alloy shows bimodal microstructure,
consisting of ultrafine cellular eutectic and nanoscaled anomalous eutectic mixture
within the intercellular regions. Both cellular structure and anomalous eutectic

have four types of phases, which are a-Al, Si, Al.Cu and Q.

(4) Apart from a-Al phase, the microstructures of hypoeutectic alloys (AI5Cu and
Al6.6Cu) have three types of eutectic mixtures, while Al10.6Cu hypoeutectic alloy

shows almost one type of fine eutectic mixture.

(5) The coupled growth of quaternary eutectic alloy involving a-Al, Al.Cu and Q-phase
in centre of the cellular region, is found to have an orientation relationship
of {3140}, /i {111} 4,
I1{211} g2cy @Nd < 120 >pp5¢,,// < 110 >,,//< 0001 >,. However, the decoupled

growth of Q phase is observed at the cellular boundaries.
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The coupled growth of quaternary hypoeutectic alloy was studied via TEM analysis.
The orientation relationship among a-Al, Al,Cu and AlsCu,MgsSiz (Q) phases is
[110]4 // [110]a;2c / [0001], and (220)4,~2° , from (002)42cu -
(113),4,/(1010) 0’ (002) g12¢,~3° from (1100),. The orientation is different from

that in the quaternary eutectic alloy.

The excellent room temperature compressive strength and good plasticity have
been achieved in quaternary Al-Cu-Si-Mg alloy, due to structural heterogeneity
that contributes to strengthening via refined microstructure and the presence of

multiple hard phases.

The multi-component Al-Cu-Si-Mg die casting alloys with designed 20-30%
ultrafine eutectic mixture show excellent yield strength of 219-267 MPa, ultimate
tensile strength 344.7-395 MPa and elongation of 3.4-7.72 %.

The a1-Al and a2-Al grain sizes in HPDC Al-Cu-Si-Mg alloys decreases with

increasing Cu content.

The defect band region has the highest volume fraction of eutectic mixtures as

well as the highest hardness for a given alloy.

The coupled growth of Al,Cu, a-Al and Al.Cu:MgsSiz phases in Al10.6Cu alloy,
generates coherent a-Al/Al,Cu interface, semicoherent a-Al/Q and Al,Cu/Q
interfaces. This orientation relationship can not be found in the quaternary eutectic

regions in AI5Cu and Al6.6Cu, due to different solidification condition.



131

Chapter 7 Heat treatment of Al-Cu-Si-Mg die-cast

alloys

7.1 Introduction

This chapter is concerned with the optimisation of the solution treatment condition and
the artificial ageing behaviour of quarternary Al-Cu-Si-Mg alloys. The first part is
focussed on the study of heat-treated microstructure and percentage of porosity in
alloys after subjected to the solution treatment at 500 °C for various holding time. The
second part is concerned with the study of precipitation behaviour of the Al-Cu-Si-Mg
alloys at peak ageing conditions of T5 and T6, in order to establish an understanding

of the relationship between the microstructure and mechanical properties.

7.2 Effect of solution heat treatment of Al-Cu-Si-Mg die-

cast alloys

The prolonged solution treatment time at a high temperature can cause unacceptable
surface blistering, as discussed in Chapter 5. The increased solution temperature
enables a higher peak-ageing hardness after artificial ageing. The DSC melting
temperature for quaternary eutectic mixture of the Al-Cu-Mg-Si alloys is similar, which
is ~508 °C, as shown in Fig. 6-7. Thus, the solution temperature of 500 °C was selected,
aiming for the sufficient dissolution of Cu, Si and Mg solute elements into the matrix.
All solution treated samples were quenched in water to freeze the microstructure prior
to materials characterisation. Fig. 7-1 shows the microstructure of AI5Cu alloy after
solution treatment at 500 °C for different holding times. Although the solution
temperature is close to the quaternary eutectic temperature, no surface blistering was
observed after 60 min of solution treatment. From the OM images, no apparent pore
expansion was found in samples after 20 min solution treatment. After 30 min of
solution treatment, some expansion of the pores appeared. The maximum size of the
pore was found to be 38 um using image analysis. Further solution treatment for 60
min, the maximum size of porosity was determined as 60 um, and more pores were
found inside the sample. After 70 min of solution treatment, large pores with a
maximum size of 104 uym was found, and the surface blistering was observed (not

shown here).



132

Fig.7-1 Microstructure of AI5Cu after solution treatment at 500 °C (a) as-cast/O
min (b) 10 min (c) 20 min (d) 30 min (e) 60 min (f) 70 min

Fig.7-2 OM images showing the microstructure from as-cast sample to solution
treatment at 500 °C for 60 min in AI5Cu (a-d), Al6.6Cu (e-h) and Al10.6Cu (i-l)
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Table 7-1 Area percentage of porosity after solution-treatment at 500 °C for
various holding times

_ Area percentage of porosity
Solution treatment at 500 °C

AI5Cu Al6.6Cu Al10.6Cu
As-cast/0 min 0.43% 0.42% 0.52%
10 min 0.5% 0.59% 0.62%
20 min 0.86% 0.82% 0.88%
30 min 1.14% 1.06% 0.98%
60 min 1.29% 1.16% 1.12%
70 min 1.83% 1.93% 2.03%

Fig. 7-1 presents the area percentages of porosity for each alloy determined from OM
images. In the as-cast state, the area percentage of porosity ranges from 0.43% to
0.52% in these three alloys. A slight increase in the area percentage of porosity was
found in samples heat-treated from 10 min to 60 min, while a significant increase in
area percentage of porosity in samples heat-treated from 60 min to 70 min. Beyond 70
min of solution treatment, the area percentages of porosity in the alloys were found to

be close or above 2%.

Fig.7-2 shows typical microstructures of these three alloys from as-cast state to
solution treatment for holding time up to 60 min. For all these alloys, a similar trend in
microstructural development during the solution treatment with increasing time, as
observed. After 20 min of solution treatment, the microstructure consisted of a-Al
grains, a-AlFeMnSi patrticles with slightly connected eutectic structure, and the area
percentage of eutectic mixture decreased quickly as compared with that of as-cast
state. No apparent coarsening of a-Al grains was found after solution treatment. After
30 min, the microstructure consisted of coarse a-Al grains with fragmented eutectic
structure and spheriodised intermetallic particles. After 60 min, further coarsening of
a-Al grains and intermetallic particles occurred together with a reduction in the volume

fraction of intermetallic particles.
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Table 7-2 SEM EDX analysis of the average chemical composition of a-Al in
these alloys with various solution treatment time

Element/ AI5Cu / Solution at 500 °C
(wt.%) As-cast/0 min 10 min 20 min 30 min 60 min
Cu 0.48 1.45 243 2.59 2.75
Mg 1.02 0.96 0.96 0.87 0.85
Si 0.31 0.60 0.73 0.73 0.73
Element/ Al6.6Cu / Solution at 500 °C
(wt.%) As-cast/0 min 10 min 20 min 30 min 60 min
Cu 0.86 1.59 2.74 2.85 3.01
Mg 0.99 0.92 0.91 0.90 0.87
Si 0.30 0.59 0.70 0.70 0.73
Element/ Al10.6Cu / Solution at 500 °C
(wt.%) As-cast/0 min 10 min 20 min 30 min 60 min
Cu 141 1.88 2.97 2.99 3.21
Mg 1.10 1.07 0.87 0.88 0.86
Si 0.36 0.56 0.81 0.82 0.85

The SEM EDX analysis was used to quantify the chemical composition of the primary
a-Al in these alloys. The point analysis was conducted in the centre region of each
sample and (at least 30 points were measured in each alloy). Table 7-2 shows the
chemical composition after solution treatment for different holding times. There was a
dramatic increase in Cu and Si contents after 20 min, while the Mg content decreased
slightly after solution treatment for holding time up to 60 min. The Cu and Si increased
very slowly after solution treatment for holding time ranging from 20 min to 60 min in
these alloys. It can be noted that in the as-cast state, the primary a-Al phase in AI5Cu
and Al10.6Cu alloys contained the lowest Cu content of 0.48 wt.% and the highest Cu
content of 1.41 wt.%, respectively. The Cu content of primary a-Al in Al10.6Cu was
found to be the highest after solution treatment for 60 min, and the lowest content of
Cu after 30 min solution treatment was found in AI5Cu alloy. There was no change in
size and morphology of a-AlFeMnSi particles in these Al-Cu-Si-Mg alloys after solution

treatment.
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Fig.7-3 (a) Area percentage of the eutectic mixture and (b) hardness versus
holding time curves of the Al-Cu-Si-Mg alloys after solution treatment at 500 °C

The image analysis was used to determine the area percentage of eutectic in these
alloys. Fig. 7-3 (a) shows the area percentage of eutectic mixtures after solution
treatment for various holding time. The eutectic mixture in all these alloys decreased
rapidly during the first 20 min and then followed by gradual reduction with increasing
time of solution treatment. The hardness of these alloys after solution treatment at
500 °C from 0 min to 60 min is shown in Fig. 7-3 (b). For the first 10 min of solution
treatment at 500 °C, the hardness of AI10Cu and Al6.6Cu decreased slightly while the
hardness of AI5Cu increased slightly. Further solution treatment for holding time upto

30 min, the hardness of each alloy increased with time but levelled off at 60 min.

Based on the analysis above, the solution treatment time for AI5Cu was selected to be
30 min at 500 °C, and solution treatment time for Al6.6Cu and AI10.6Cu alloys was
chosen to be 60 min at 500 °C, in order to maintain a similar level of area percentage
of porosity of around 1%. Thus, solution treatment of 30 min and 60 min at 500 °C was
adopted, prior to subsequent artificial ageing treatment to study the age-hardening

response and mechanical properties of AI5Cu, Al6.6Cu and Al10.6Cu, respectively.
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Fig.7-4 SEM back-scattered images showing the microstructure after solution
treatment at 500 °C: (a) AI5Cu for 30 min; (b) Al6.6Cu for 60 min; (c) Al10.6Cu for
60 min; (d) EDX analysis of Spot 1 and (e) EDX analysis of Spot 2

Fig. 7-4 (a) shows back-scatter electron (BSE) images of the microstructure in AI5Cu
alloy after solution treatment for 30 min. The images were taken from the centre of the
sample. The bright and light grey phases were identified to be Al,Cu and Q,
respectively. This was confirmed by EDX analysis of Spot 1 and Spot 2 in Al10.6Cu,
as shown in Fig 7-4 (d,e). The coarse Q phase distributed at the grain boundaries. The
spheriodised Al.Cu phase was observed. The microstructure of Al6.6Cu after 60 min
of solution treatment is shown in Fig.7-4 (b). The Al,Cu phase distributed at grain
boundaries. The Al,Cu patrticles had a size range of 1.6 um to 0.3 um, and Q phase is
approximately 0.7-2 um. In Al10.6Cu after 60 min solution treatment, the Q phase had
a size range of 0.6 ym to 2 ym, as shown in Fig.7-4 (c). The solution treatment on
these alloys led to coarsening and reduction of area percentage of Al,Cu phase as
compared with their as-cast counterparts. Apparent coarsening of a-Al primary phase
in these solution treated samples were also observed. Moreover, the Q-phase was
found to be embedded in the Al.Cu lamellae, and they exhibited a size range of 300
nm to 500 nm. The morphology of Q-phase remained similar to that found in the as-

cast state.
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7.2.1T5 heat treatment of Al-Cu-Si-Mg die-cast alloys

The comparison of the hardness versus time curves of hypo-eutectic Al-Cu-Si-Mg
alloys after ageing treatment at 170 °C is shown in Fig. 7-5 (a). During the first 2 h, the
hardness of each alloy increased significantly with time. For a longer ageing time, the
hardness increased slowly and reached to a peak hardness with time. The peak-
ageing time of Al10.6Cu alloy was about 10 h, but for AI5Cu and Al6.6Cu alloys, the
peak-ageing time increased to 14 h. Beyond the peak-ageing time, the hardness of
each alloy decreased with increasing time and reached to value of 128 HV in AI5Cu,
112 HV in Al6.6Cu and 110 HV in Al10.6Cu, respectively, after 48h ageing treatment.
Fig. 7-5 (b) shows the hardness versus time curves of these three alloys aged at
210 °C. The peak-ageing times for AI5Cu and Al10.6Cu were found to be about 1.5 h
and 1 h, respectively. However, the peak-ageing time for Al6.6Cu was slightly longer
(about 2 h). The hardness of these alloys increased rapidly after ageing for upto 0.5 h.
However, the hardness values of AI5Cu, Al6.6Cu and Al10.6Cu decreased to 110 HV,
113 HV and 120 HV, respectively after ageing for 24 h. The low ageing temperature
(170 °C) condition produced higher peak hardness than the high ageing temperature
(210°C) condition.
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Fig.7-5 Hardness vs time curves of AlI5Cu, Al6.6Cu and Al10.6Cu alloys aged at
170 °C (a) and 210 °C (b)

The TEM bright-field images and corresponding SADPs of AI5Cu, Al6.6Cu and
Al10.6Cu alloys which were taken along [001] after peak ageing at 170 °C are shown
in Fig. 7-6 (a,b,c), respectively. It can be seen that in AI5Cu (Fig. 7-6 (a)), there are a
large number of granular-like precipitates. From the selected area electron diffraction
pattern, the cruciform diffraction spots in the central positions between (000)a and

(202)a, were observed, as shown in Fig 7-6(a), indicating the existence of §” [232].
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Moreover, these rod-like precipitates with size below 5 nm were confirmed to be "
phase by HRTEM image and its FFT, as shown in Fig.7-7 (a,b). Fig. 7-6 (b) shows
precipitates in Al6.6Cu alloy heat-treated at the peak-ageing condition. Apart from
some granular precipitates, more plate-like precipitates were found inside the a-Al
matrix. From the HRTEM and FFT in Fig.7-7 (c,d), these plate-like precipitates
corresponded to 8’ phase, giving additional sets of spots in the diffraction pattern, as
shown in Fig. 7-6 (b). It is reported that 6’ precipitates are distributed along (200)a
planes [277]. The lattice parameters of the precipitates were determined as ag=0.404
nm and cg=0.58 nm, and they exhibited an orientation relationship with the a-Al
according to (200)al] (002)¢ and [010]al| [010] ¢, similar to those reported in the
published literature [113,277,278]. Fig.7-7 (e) shows the HADDF image of the
precipitates in Al6.6Cu alloy. The needle-like B” precipitates and a few plate-like 6’ are
believed to be the main strengthening phases in Al6.6Cu alloy. These long and thick

plate-like 8 precipitates were found with a width of ~3ce nm and length of ~40 nm.

The TEM bright-field image of Al10.6Cu alloy heat-treated at the peak-ageing condition
was shown in Fig. 7-6 (c). The peak-aged microstructure mainly consisted of granular
precipitates, and plate-like phases, similar to Al6.6Cu alloy. However, the area fraction
of plate-like phases was much higher than that in Al6.6Cu alloy. From the additional
set of spots in the diffraction pattern, as shown in Fig. 7-6 (c) and HADDF image in
Fig. 7-7 (f), these plate-like phases were identified as 6’ with an average length of ~35
nm and thickness of ~3.5 ce. In addition, a bright layer on granular precipitates was
observed from HADDF image (Fig. 7-7 (f)), and the precipitates were identified as Q”

with an average size of ~2 nm [117,279].
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Fig. 7-6 TEM bright-field images and corresponding SADPs of Al5Cu (a), Al6.6Cu
(b) and Al10.6Cu (c) after peak-ageing treatment at 170 °C
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Fig. 7-7 (a) HRTEM image of B” preciptates in AI5Cu after peak-ageing treatment
at 170 °C (b) corresponding FFT; (¢) HRTEM image of 6’ precipitates in Al6.6Cu
(d) corresponding FFT and (e) HADDF image of Al6.6Cu showing 8’ and p”
precipitates after peak-ageing treatment at 170 °C; (f) HADDF image of Al10.6Cu
showing coexisting of Q” and 6’ precipitates after peak-ageing treatment at
170 °C

7.2.2T6 heat treatment of Al-Cu-Si-Mg die-cast alloys

Fig.7-8 shows the hardness versus time curves of AI5Cu, Al6.6Cu and Al10.6Cu alloys
after T6 heat treatment (500 °C for 30/60 min and artificial ageing at 170 °C). The
hardness of each alloy increased rapidly with increasing ageing time upto 4 h. After
that, the hardness increased slightly, reaching to the peak hardness after 10h for AI5Cu
12h for Al6.6Cu and 14h for AlI10.6Cu. The highest peak hardness of 155 HV was
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found in Al10.6Cu. Conversely, the lowest hardness value of 143 HV was found in
AlI5Cu. After peak hardness was reached, the hardness decreased slowly with ageing
time upto 48 h.
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Fig. 7-8 Hardness vs time curves of AlI5Cu, Al6.6Cu and Al10.6Cu alloys after
solution treatment at 500 °C for 30 min (AI5Cu) or 60 min (Al6.6Cu and Al10.6Cu)
followed by an artificial ageing treatment at 170 °C

Fig. 7-9 (a,c,e) show TEM bright-field images of precipitates with insets of SADPs in
AI5Cu, Al6.6Cu and Al10.6Cu alloys after T6 heat treatment, respectively. The
corresponding HADDF images of AlI5Cu, Al6.6Cu and Al10.6Cu are shown in Fig.7-9
(b,d,f), respectively. The precipitates present in these three alloys were found to be
similar. They comprised of granular Q” and plate-like 8 densely and uniformly
distributed within the a-Al matrix. From HAADF images, these 8’ precipitates consisted
of variable thickness, and some Q” phase was attached to the plate-like 8’ phase,
thereby giving thinner and shorter morphology. The Q” phase formed after T6 heat

treatment was found to be about 1.5 nm finer than that found in T5 treatment (Fig.7-7

(f)).

The analysis of HADDF images was used to determine the area fraction and size of 6’
phase. The results are shown in Table 7-3. The average thickness (i.e. 2-4.5nm) and

length (i.e. 20-50nm) of ©’ precipitates present in these three alloys were found to be
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similar. However, the area percentage of 8’ in Al6.6Cu and Al10.6Cu was higher than
that in AI5Cu.

Table 7-3 The average thickness, length and area percentage of 0’ precipitates

Thickness of 8’ in the Length of 8 Area percentage of 6’

number of Cg

AlI5Cu 3.40+1.4 Co 31+12.6 nm 5.93+1.6%
Al6.6Cu 3.34+1 Cq 35+14 nm 7.02+1.4%
Al10.6Cu 3.23+1.2 C¢ 33.4+10 nm 7.12+1.2%

Ce=0.58 nm
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Fig. 7-9 TEM bright-field images with insets of SADPs taken from AI5Cu (a),
Al6.6Cu (c) and Al10.6Cu (e) after T6 heat treatment; HADDF images show the
coexistence of Q” and 8’ phases in AI5Cu (b), Al6.6Cu (d) and Al10.6Cu (f) after

T6 heat treatment
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7.3 Mechanical properties of Al-Cu-Si-Mg die-cast alloys

7.3.1T5 heat treatment

The mechanical properties of the AI5Cu, Al6.6Cu and Al10.6Cu alloys after TS heat
treatment are shown in Fig. 7-10. The Al10.6Cu alloy exhibited the highest yield
strength of 395+5 MPa and ultimate tensile strength of 4808 MPa with the lowest
elongation of about 1.9+0.15% as compared with other alloy compositions. The yield
strength and ultimate tensile strength of AI5SCu and Al6.6Cu were determined as
351+1.5 MPa and 405+7 MPa, 36213 MPa and 426+7 MPa, respectively. The average
elongation of AI5Cu and AI6.6Cu were measured as 2.410.4% and 2.010.3%,

respectively.
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Fig. 7-10 Typical tensile stress-strain curves of AlI5Cu, Al6.6Cu and Al10.6Cu
alloys after T5 heat treatment (a) and bar charts of tensile mechanical properties

(b)
7.3.2T6 heat treatment

The AI5Cu, Al6.6Cu and Al10.6Cu alloys show excellent mechanical properties after
T6 heat treatment. The mechanical properties of the AlI5Cu, Al6.6Cu and Al10.6Cu
alloys are shown in Fig. 7-11. The highest yield strength of 453+1.5 MPa was found in
Al10.6Cu, with the lowest elongation of 1.32+0.15%. The AI5Cu alloy exhibited the
lowest vyield strength of 427+10 MPa with the highest elongation of 4.4+0.9%. The
Al6.6Cu alloy showed excellent mechanical properties, with the elongation of about
4.1+1.1% and high yield strength of 444+3.4 MPa.
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The fracture surfaces of these three alloys are shown in Fig. 7-12. The fracture

samples from these three alloys consisted of pores, dimples and flat surfaces. The

pore size was found to be in the range of 5 ym to10 ym. The pores were developed

after solution treatment, and they act as crack initiation points. With the increased

addition of Cu to the alloy composition, more Cu containing intermetallic phase with a

coarse morphology was found in the sample after solution treatment, as shown in

Fig.7-4 (c). Thus, an increased proportion of flat surface was found in the fracture

surface of Al10.6Cu. The flat surface is believed to be caused by the brittle fracture of

hard phases, such as Al,Cu and Q. Meanwhile, fewer dimples were found in fracture

surface of Al10.6Cu, indicating a poor ductility property.
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Fig. 7-12 Fracture surface of AI5Cu (a), Al6.6Cu (b) and AlI10.6Cu (c) alloys after
T6 heat treatment

7.4 Discussion

7.4.1 Microstructural evolution after solution treatment

Shrinkage, gas porosity and oxide inclusions are common defects present in HPDC
parts. Among all the defects, porosity is the most detrimental defect to mechanical
properties, especially elongation [204]. The porosity level in the as-cast state depends
on the alloy composition, casting processing conditions (e.g. temperature, cooling rate
etc.). The porosity level of the Al-Cu-Si-Mg alloys in the as-cast state is higher than
that of Al-Si-Mg-Mn alloys which were shown in Chapter 4. The conditions (e.g.
injection temperature of about 680 °C, mould temperature of 250 °C and pressure of
350 bar) used in the HPDC processing of the Al-Si-Mg-Mn and Al-Cu-Si-Mg alloy
systems were similar. However, Al-Cu-Si-Mg alloys have a wider freezing range
between solidus and liquidus temperatures (over 100 °C) [14], as shown in Fig 6.2.
Thus, after pushing the liquid metal into the die cavity, the lack of feeding of liquid into
the skeleton occurs during solidification. Consequently, there is more shrinkage than
Al-Si-Mg-Mn alloys in the as-cast state. The centre of the tensile sample corresponds
to the last solidification region, resulting in more porosity. The entrapment of gas
resulting from the turbulence of the melt flow during the injection is the main reason
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that most of the die-cast alloys are not heat treatable. In the current study, it can be
noted that the surface blistering can be observed after 70 min solution treatment in the
Al-Cu-Si-Mg- alloys, but in Al-Si-Mg-Mn alloys, it takes 30 min for surface blistering to
occur. This is greatly affected by the solution treatment temperature. The solution
temperature in Al-Cu-Si-Mg alloys is much lower (500 °C) compared with solution
temperature (540 °C) used in Al-Si-Mg-Mn alloys. In addition, the area percentage of
porosity in Al-Cu-Si-Mg alloys is maintained close to less than 1% after 30/60 min

solution treatment, giving a maximum pore size below 40 pm.

The solution treatment plays a vital role in dissolving and spheroidising the eutectic
phases. Compared with Si and Mg-Si, the dissolution of Al,Cu and AlsCu.MgsSi is
much slower [280]. The dissolution of eutectic Al.Cu and the concentration of Cu in the
a-Al matrix can be described by a numerical model developed by Sjélander et al [281].
In the model, Al,Cu spherical particle is assumed, and it predicts Cu concentration
which agrees well with experimental results obtained by Sadeghi et al. [282]. From the
model, the dissolution speed and increase in Cu content are related to solution
treatment temperature/ time, the grain size of a-Al and Al,Cu particle size. The finer
grain size of a-Al and particle size of Al,Cu can contribute to shorter solution treatment
time [281]. In current work, the Cu concentration shows a similar trend that in the first
20 min, there is a sharp increase in Cu concentration in the a-Al matrix, while it
increases very slowly after 20 min solution treatment. The reason is as follows. At the
beginning of solution treatment, there are a large amount of Al,Cu interfaces because
of fine lamellar spacing of eutectic structure. As a result, those Al,Cu phases dissolve
very fast in the form of fragmentation, and the Cu content is approaching to the
equilibrium state. The dissolving of the blocky Al.Cu phase in the alloys is much slower.
The further solution treatment led to a slower increment of Cu concentration, due to

the coarsening of the Al,Cu phases and decreased diffusion kinetics [173,281].

The Q phase is reported to be insoluble in the matrix with various Cu and Mg
concentrations [283—-285]. However, there are fine Si particles present inside the 4-
phase eutectic mixture in the as-cast Al-Cu-Si-Mg alloys, which can be dissolved.
Consequently, the Cu and Si contents in the a-Al matrix increase after solution
treatment.

Lastly, it is found that Mg content in the a-Al matrix decreases slightly after solution
treatment. This similar phenomenon has been observed by Long et al [286]. Firstly,

HPDC process has a fast cooling rate, and the a-Al matrix is supersaturated with Mg.
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The Q phase, which is the only magnesium-containing phase in these alloys, is not
able to be dissolved into the matrix. Thus, there is no increase in Mg after solution
treatment at 500 °C. Secondly, these samples contain more pores after solution
treatment. It is also known that Al>Os film can usually form in the internal surface of
these pores [287]. Due to the strong affinity of magnesium to oxygen atoms, leading
to the driving force for Mg diffusion into the oxide film at these micro-voids [286]. The
Mg content in these regions will decrease. Consequently, Mg content in the a-Al grains

is slightly lower than that in the as-cast state.

The hardness of each Al-Cu-Si-Mg alloy depends on the coarsening of eutectic phases
and a-Al, together with the dissolution of intermetallic compounds, as well as the
expansion of pores [199,228]. The hardness for samples after the first 10 min solution
treatment change slightly, which is mainly because of the dissolution the eutectic
phases and increase of solute content in the matrix (shown in Fig.7-3 (a)). Further
solution treatment leads to a rapid increase of solute inside the matrix. Although the
microstructure is coarsening, the solution strengthening makes a great contribution to
the hardness. Overall, the hardness increased. There is almost no change of hardness
in samples after solution treatment for time between 30 and 60 min. The reason is that
the solution strengthening is offset by the strength reduction caused by an increased

area percentage of porosity and coarsen a-Al or intermetallics phases.

7.4.2 Microstructure and precipitation hardening behaviour

after ageing

7.4.2.1 T5 heat treatment
Due to the high cooling rate of HPDC process, the a-Al phase is saturated with Cu, Mg

and Si alloying elements. Thus, the hardness is expected to increase after artificial
ageing treatment, due to the formation of precipitates. It is reported that in Al-Si-Mg
alloys, the precipitation sequence follows supersaturated solid solution — atomic
clusters — GP zones (pre ) — B” — B’ [112]. The B” precipitate plays a key role in
the peak hardness. Moreover, it is well known that Al-Cu alloys have excellent
toughness [288] after T6 heat treatment, due to the plate-like precipitates of 8'. The
precipitate sequence in Al-Cu alloy follows solid solution —-GP zones —6"—08'—8
[289]. However, the precipitates become more complex when the a-Al matrix contains
Si, Mg and Cu alloying elements together. Although there are still some other minor

precipitates such as Q’, Q” or 8’ after peak ageing treatment [232], the hardness of the
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matrix is dominated by the major precipitates. In this study, the major precipitates are
discussed. From SEM EDX analysis Table 7-2, the Si and Mg contents in the a-Al
matrix, are similar in these three AI-Cu-Si-Mg alloys, and AI5Cu alloy has the lowest
Cu content. As a result, after peaking ageing, the peak hardness in AI5Cu alloy is
contributed by the presence of a high number density of B” [286], as shown in Fig 7-6
(a). The prolonged ageing treatment causes coarsening of ” or formation of semi-
coherent 8, resulting in a decrease in hardness. More Cu content in the matrix triggers
the formation of 6’ phase. Thus, in Al6.6Cu alloy, the coexisting of 8’ and 3” were found,
as shown in Fig 7-6 (b). In Al10.6Cu alloy which has highest Cu content under as-cast
state, the B” phase is replaced by Q”, and more 8’ phase is formed, as shown in Fig
7-6 (c). It is reported that Q”-type phase is transformed from B” phase incorporating
with Cu atoms, and an outer layer of bright Cu atoms is usually observed from HADDF
images [115]. Saito et al. proposed that the formation mechanism is because Cu atoms

can suppress the misfit dislocations at 3”/Al interface [290].

7.4.2.2 T6 heat treatment

After T6 heat treatment, precipitates observed in these three alloys are similar, which
correspond to © and Q”. The composition of the matrix after solution treatment
comprises of increased Si and Cu, as shown in Table 7-2. It is reported that the Q”
and 0 phase usually form together in the high Cu content alloys with Si and Mg
[291,292]. It can be noted that 8’ phase with attachment of Q” phase is slightly thinner
and shorter than those without attachment of Q” phase. It is reported that The Q”
phase can trigger the heterogeneous nucleation of ©’, due to the fact that the outer
layer of Cu on Q” phase is able to reduce the strain and interface energy [117,293].
Therefore, the growth and dimension of 6’ precipitates are restricted [186,293]. The Cu
content of the Al matrix in AI5Cu alloy is slightly lower than those in Al6.6Cu or
Al10.6Cu alloys after solution treatment. Hence, the area fraction of 8’ is slightly lower,
as shown in Table 7-3, but the types of precipitates remain similar to the other two

alloys after T6 heat treatment.

7.4.3Relationship between the microstructure and

mechanical properties

7.4.3.1 T5 heat treatment

The microstructure of Al-Cu-Si-Mg alloys after T5 heat treatment consists of a eutectic

mixture and a-Al, which is strengthened by precipitates. The increase of yield strength
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is induced by precipitation hardening (Aopu) in the a-Al phases. The ” with needle-
like morphology, exhibits a coherent interface with a-Al as shown in Fig. 7-6 (a). The
increased vyield strength of Al-Cu-Si-Mg alloys after artificial ageing is due to the high
density of B” precipitates, which are very effective at inhibiting the mobility of gliding
dislocations [294]. Moreover, the plate-like 8 phase also has excellent shear
resistance [295]. Consequently, there is a significant improvement of strength in these
three Al-Cu-Si-Mg alloys.

However, it should be noted that the large increase in yield strength (~130 MPa) of
the three alloys after T5 heat treatment, as compared to as-cast state, are similar,
although the precipitation behaviour of these three alloys is different. The reasons are
as follows. Firstly, it is reported by Nie that plate-like precipitates are the most effective
for dispersion strengthening, based on Orowan theory [119]. The similar phenomenon
was found by Xiao et al. [232] that the Al-Mg-Si-Cu alloys with a higher Cu content
(e.g. 0.5-4.5 wt%) have a higher hardness after peak ageing, which has more plate-
like ©’ precipitates and fewer needle-like B” precipitates. The contribution of different
precipitates to give similar strength increment after ageing is due to the volume fraction
of the precipitates within the Al matrix. Al10.6Cu alloy has the lowest fraction of a-Al
(73.4%), with a large number of 8’ precipitates, as shown in Fig.6-10 and Fig.7-6 (c).
The limited number of 8’ phases is observed in Al6.6Cu alloy with an area percentage
of a-Al of 78.6%. In AlI5Cu alloy, there are almost no ©’ precipitates, and instead, the
high number density of B” precipitates present in the Al matrix having an area
percentage of 82.9%. Finally, the increased strength of AI5Cu and Al6.6Cu is almost
the same as that of Al10.6Cu, which is balanced by type and proportion of precipitates.
The elongation to fracture is dominated by the area fraction of Al matrix, and the lowest

elongation was found in Al10.6Cu alloy.

7.4.3.2 T6 heat treatment

After T6 heat treatment of these three alloys, the yield strength of all three alloys
exceeds 420 MPa. This is due to the presence of 6’ and Q” precipitates. Generally, a
high number density of 8’ can lead to a high yield strength as compared with that
caused by B” precipitate because of the coherent interface and morphological nature
[296,297]. The precipitates observed in these three alloys are similar, but AI5Cu has
the lowest area fraction of 8’ precipitates, as shown in Table 7-3. It is seen that the
area fraction of intermetallics in AI5Cu at solution treatment for 30 min is almost the

same as that in Al6.6Cu alloy solution treated for 60 min (shown in Fig. 7-3 (a)). Thus,
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the contribution of the intermetallic phase in the eutectic mixture (Aceytectic) tO the
strength in AI5Cu and Al6.6Cu alloys are similar. Therefore, it is believed that the
higher strength in Al6.6Cu compared with AI5Cu is caused by the presence of more 6’
precipitates (Ag,,:). However, the area fractions of 0’ precipitates in Al6.6Cu and
Al10.6Cu are similar, but the proportion of eutectic phases in Al10.6Cu is much higher,
as shown in Fig. 7-3 (a). As a result, the contribution of an increased amount of
intermetallics (Ao.ytectic) CAUSES highest yield strength in Al10.6Cu.

However, Al10.6Cu has the lowest elongation. This is believed to be the responsibility
of very large amount of hard/brittle intermetallic eutectic phases in Al10.6Cu alloy (Fig.
7-4 (c)) which is the source of fast fracture upon tensile loading, as shown in Fig.7-12.
Although the area fractions of intermetallic phase in the eutectic region between AI5Cu
and Al6.6Cu alloys are similar, the Al matrix of AI5Cu has fewer 8’ precipitates, leading
to the highest elongation. Finally, in Al-Cu-Si-Mg alloys, although high Cu content can
achieve higher strength, after solution treatment all the intermetallic phases can not be

completely dissolved in the matrix, which have a negative effect on the ductility.
7.5 Conclusions

(1) The solution treatment was optimised for AI5Cu (30 min/500 °C), Al6.6Cu/
Al10.6Cu (60 min/500 °C) to maintain a low porosity level around 1% and to

avoid surface blistering.

(2) The solution treatment leads to the spheriodisation of eutectic phases (Al.Cu and
Q) and break up of the intermetallic compound network. It allows a large amount
of Cu and Si to be dissolved into the a-Al matrix and the coarsening of the

eutectic phases (Q and Al.Cu).

(3) After T5 heat treatment at peak-ageing condition, the precipitates in AI5Cu
changes from mainly f” to ” and 6’ in Al6.6Cu and then to 6’ and Q” in Al10.6Cu.
The highest yield strength of 395+5 MPa and good elongation of 1.9+£0.15% have
been achieved in Al10.6Cu after peak-aged T5 condition as compared to other

Al-Cu-Si-Mg alloy compositions.

(4) After T6 heat treatment at peak-ageing condition, all three Al-Cu-Si-Mg alloys
produce similar Q” and ©’ precipitates at different proportions depending on the

alloy composition. The lowest area fraction of 8’ precipitate is found in AI5Cu.
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Al10.6Cu exhibits a superior yield strength of 453+1.5 MPa, which is

outperformed existing die-cast aluminium alloys.
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Chapter 8 Conclusions and further work

8.1 Conclusions

1. Two multi-component systems (i.e. Al-Si-Mg-Mn and (Al-Cu-Si-Mg) have been
developed for die-cast alloys with excellent tensile properties. Depending on the
alloy composition, the yield strength and tensile strength of these newly developed

alloys are comparable to those existing Al-based die cast alloys.

2. The as-cast microstructure of eutectic Al-Si-Mg-Mn alloy consisted of binary
eutectic (a-Al+Mg.Si) and quaternary eutectic (a-Al+Mg,Si+Si+1T-AlFeMnMgSi).
However, the hypoeutectic Al-Si-Mg-Mn alloys contain additional primary a-Al
phase while retaining the eutectic mixture with different proportions depending on

the alloy composition.

3. The as-cast microstructure of eutectic Al-Cu-Si-Mg alloy consisted of lamellar
eutectic cells with the ultrafine anomalous eutectic mixture in the intercellular
region. Solidification of quaternary Al-Cu-Si-Mg alloy leads to coupled growth of
eutectic phases (e.g. a-Al, Alb,Cu and Q-phase) with specific orientation
relationships and non-cooperative growth of Si eutectic phase. The hypoeutectic
Al-Cu-Si-Mg alloys contain additional primary a-Al phase while retaining the

eutectic mixture.

4. Solution treatment for both alloy systems has been optimised for minimal porosity
level, prior to artificial ageing treatment for peak strength performance. In Al-Si-
Mg-Mn alloys, no apparent porosity expansion was found under the solution
treatment at 540 °C for 10 min or at 480 °C for 90 min. But the prolonged solution

time and increased solution temperature can cause porosity expansion.

5. After solution treatment at 540 °C for 10 min, the eutectic Si and Mg.Si were
spheriodized and the m-AlFeMnSiMg phase transformed completely into the

nanoscale a2-AlFeMnSiphase with a BCC crystal structure.

6. Solution temperature has significant effects on peak ageing hardening; the highest
peak ageing hardness can be obtained when the samples were solution treated
at 540 °C for 10 min. The precipitates in Al-Si-Mg-Mn hypoeutectic alloys after T6

treatment are ” which are responsible for the strengthening.
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7. In Al-Cu-Si-Mg alloys, the solution treatment causes spheriodisation and
dissolution of eutectic phases into a-Al matrix. The Cu content in the matrix is
close to 3wt.% after solution treatment for at least 30 min at 500 °C.

8. After T5 heat treatment at peak-ageing condition, the precipitates in AlI5Cu
changes from mainly B” to ” and €’ in Al6.6Cu and then to 8 and Q” in Al10.6Cu.
The highest yield strength of 395+5 MPa and good elongation of 1.9+0.15% have
been achieved in Al10.6Cu after peak-aged T5 condition as compared to other Al-
Cu-Si-Mg alloy compositions.

9. The coexist of Q” and 8’ were found in Al-Cu-Si-Mg hypoeutectic alloys after T6
treatment at peak ageing condition. The lowest area fraction of 8’ precipitate is
found in AI5Cu. Al10.6Cu exhibits a superior yield strength of 453+1.5 MPa, which

is outperformed existing die-cast aluminium alloys.

10. The exploitation of multi-component eutectic alloy system together with the
introduction of ductile primary a-Al phase for the development of high strength Al

die-cast alloys, has successfully demonstrated in this project.

8.2 Further work

8.2.1 The modification of Si eutectic phase in the Al-Si-Mg-

Mn alloys to improve the strength and elongation

It is well known that the addition of suitable minor elements enables the modification
of morphology of Si eutectic phase in the solidified microstructure. In the current work,
the modification of Si eutectic phase to small size with a low aspect ratio can further

improve mechanical performance (especially ductility) of the Al-Si-Mg-Mg alloys.

8.2.2Vacuum assistant HPDC for increasing the solution

treatment time

Although the shot solution treatment is approved that it can dissolve and sopherodize
the eutectic phase, the prolonged solution treatment can maximise the dissolution and
homogenisation of the alloys. It would be better to apply vacuum-assisted HPDC for
these multi-component alloys to reduce the porosity level after heat treatment even

further in the as-solidified microstructure. Hence, longer solution treatment time can be
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applied to enhance the solute content in the a-Al grains, prior to artificial ageing
treatment to maximise the precipitation-enhanced mechanical properties in these alloy
systems.

8.2.3 Fatigue testing of multi-component alloys

Although the newly developed Al-Si-Mg-Mn and Al-Cu-Si-Mg multi-component alloys
have excellent tensile properties, it is unclear how they perform under cyclic loading
conditions. Therefore, the fatigue testing of these multi-component Al-Si-Mg-Mn and
Al-Cu-Si-Mg alloys is essential to understand the fatigue behaviour of this material for

future engineering applications in automotive industries.

8.2.4 Searching of the alternative quaternary eutectic alloy

system

So far, this work has only focussed on a limited number of alloy systems. There are
lots of unexplored Al-based quaternary alloy systems (e.g. Al-Cu-Si-Fe, Al-Cu-Si-Ni,
Al-Cu-Si-Mn, Al-Ca-Mg-Si and Al-Cu-Si-Ag etc.) to be discovered. It is essential to
understand the eutectic solidification behaviour of these less well-studied quarternary
eutectic systems. This involves a combination of CALPHAD modelling of the phase
constitution using Pandat/Thermocalc software and experimental studies using suction

casting and materials characterisation.

8.2.5Extend the application of hypoeutectic concept to

other Al-based quarternary eutectic alloy system

The current work has demonstrated the mechanical properties of the newly developed
Al die-cast alloys can be tailored for required specifications by controlling the amounts
of primary a-Al and eutectic mixture in the microstructure. Hence, the application of
the hypoeutectic alloy design concept can be extended to other Al-based quaternary
eutectic alloys stated above to investigate their precipitation behaviour and mechanical
properties in order to search for Al-based multi-component alloys with superior

mechanical performance.
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Appendix

The 3D morphology of ultrafine Al-Cu-Si-Mg eutectic region in Al10.6Cu alloy was
obtained via FIB-SEM tomography slices, which are provided as images numbered
from 1 to 8 below. The 50% mixed backscattered and secondary electron mode was

used to get the most information from each image.
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