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A B S T R A C T

Aluminium alloys are cost-effective and lightweight materials that are widely used in the transport industry, 
where cost and weight are key considerations for material selection. Operating at elevated temperatures (T ≥
0.5Tm, where Tm is the absolute melting temperature of Al) is known to be a weakness of these alloys. A new 
methodology is proposed to design Al alloys with improved thermal stability and reduced cracking susceptibility 
using both theoretical and experimental techniques. In this work, two new alloys based on the Al-Ce-Fe-Mn-Ni 
system were developed. To minimise hot tearing, compositions with a narrow freezing range during the final 
stage of solidification were selected. Thermal contraction upon solidification was then experimentally deter
mined as a measure of hot tearing susceptibility, and compositions with low thermal strain accumulation were 
identified. Following exhaustive screening, the solidification behaviour was further investigated by examining 
the microstructural morphologies under different cooling rates, followed by mechanical testing. Results showed 
that a high proportion of the strength (75 to 80 %) was retained after tensile testing at 300 ◦C. The methodology 
can be applied to designing Al alloys for both casting and additive manufacturing applications.

1. Introduction

Aluminium alloys are extensively used in a wide range of applica
tions where high strength and low density are desired properties to 
improve energy efficiency and reduce carbon footprint, such as in the 
transportation and aerospace industries [1–3]. There has been constant 
demand for new alloys that are lighter, stronger, and more heat- 
resistant.

The most used Al casting alloys are based on the Al-Si-(Mg, Cu) 
system due to the low cracking susceptibility and good castability, in 
addition to the adequate mechanical and corrosion properties [4]. Hot 
tearing, being one of the major concerns for developing new Al alloys, is 
an inherent problem for Al alloys due to their large solidification 
shrinkage and thermal contraction. It is mainly caused by a lack of liquid 
feeding between dendrites at the final stage of the solidification [5]. The 
addition of Si in the Al alloys lowers the cracking tendency by increasing 
the amount of eutectics and decreasing the solidification shrinkage and 
contraction [6].

During solidification, the alloy reaches coherency temperature when 
the grains in the liquid impinge and form a continuous network. Below 
the coherency temperature, the network starts to become rigid (rigidity 
point), and thermal stresses subsequently accumulate due to solidifica
tion shrinkage and thermal contraction while being compensated by 
liquid feeding. The liquid feeding becomes restricted with increasing 
solid fraction, leading to a reduced permeability of the solid network for 
the liquid to flow through. When the stresses and strains cannot be 
accommodated by the semi-solid network, hot rearing occurs [7]. The 
key is to keep the liquid feeding adequate. A small freezing range pro
motes good liquid feeding and thus a low cracking susceptibility. The 
Scheil solidification path calculation can be used for the design of alloys 
with a nonequilibrium solidification range, typically for those that are 
close to the eutectic compositions. The cracking susceptibility in those 
alloys is lower because the liquid feeding due to the sufficient amount of 
low-melting eutectics is adequate to compensate for the solidification 
shrinkage [7]. The hot tearing occurs in an “effective” or “vulnerable“ 
solidification range, i.e. the temperature range between the coherency 
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point and the solidus (equilibrium or nonequilibrium). Above the co
herency point, the grains move freely in the liquid, and the alloy cannot 
retain its shape. The contraction is only detectable when the rigid 
skeleton develops. It was identified that the critical range of solid frac
tion for hot tearing to happen is from 0.90 to 0.99 [7,8], before the very 
end of solidification where a strong solid network becomes able to 
endure the accumulated stresses and imposed thermal strains [9]. The 
contraction in the effective solidification range, also known as linear 
solidification contraction, can be used as an indicator of cracking sus
ceptibility [8], and it can be evaluated experimentally [10,11]. The 
cracking susceptibility is lower if the compositions have narrow freezing 
ranges and small thermal contraction.

In commercial Al-Si-(Mg, Cu, Ni, Fe) alloys, the Si addition also 
improves the strength by forming a reinforcing network of Si and 
intermetallic particles in the microstructure [12]. The strength, how
ever, deteriorates at the operating temperature over 200 ◦C due to the 
particle coarsening and partial dissolution of the microstructural con
stituents [13]. To fulfil the demand for using lightweight and cost- 
effective alloys at elevated temperatures, i.e. temperatures around or 
higher than 0.5 Tm, where Tm is the melting temperature (in K) of the 
alloys. It is necessary to design a new category of thermally stable Al 
alloys, which retain their microstructure and most of their strength at 
the intended service temperatures.

Intermetallic coarsening, where eutectic grains or intermetallic 
particles grow at the expense of smaller ones, is mainly controlled by the 
diffusion of alloying elements and their solubility in the Al matrix. 
During this process, the solute atoms move through the matrix from 
finer to larger particles, causing overall coarsening. The movement of 
solute atoms in the matrix is slower when their diffusivity and solubility 
are small, thus retarding the coarsening process [14]. In Al alloys, the 
most used alloying elements that meet the requirement of slow diffusion 
are mainly of two categories, namely transition metals (TM) and rare 
earth (RE) elements [15]. They are typically added to improve the sta
bility of the microstructure in Al alloys at elevated temperatures.

Cerium, Ce, is abundant in Earth’s crust (about two times the amount 
of Cu), has drawn attention to the development of thermally stable Al 
alloys [16]. Al-Ce alloys have the potential to be a base system for high- 
temperature engineering applications [17,18]. The diffusion rate of Ce 
in Al is five orders of magnitude lower than Si at 500 ◦C [19,20]. Its 
solubility in Al is relatively low [17]. Weiss [21] reports that a cast Al- 
10 Mg-8Ce (wt%) alloy retained 75 % of the strength (97 MPa) after 336 
h of heating at 260 ◦C, being better than AA2618-T61. The yield strength 
of the alloy was more than twice that of AA2618-T61 (131 MPa vs 62 
MPa) which is an Al-Cu-Mg-Ni-Fe alloy commonly used for pistons and 
rotating aircraft parts with working temperatures over 200 ◦C. The 
excellent thermal stability was attributed to the extremely low solubility 
of Ce and the stable Ce-containing intermetallics, which prevented grain 
coarsening. The properties of Al-Ce-Mg alloy may be further strength
ened by adding Sc or Zr [22]. Moreover, Ce addition improves melt 
fluidity and permeability through eutectic formation, resulting in a 
lower cracking susceptibility [16].

Various manufacturing methods, e.g. conventional casting or addi
tive manufacturing (AM), have been used to study properties at elevated 
temperatures for several ternary Al-Ce-TM systems, such as Al-Ce-Cu 
[23], Al-Ce-Fe [24], Al-Ce-Ni [25,26], and Al-Ce-Mn [27,28]. Those 
alloys showed promising thermal stability for high-temperature appli
cations because of the stable intermetallic phases formed in the micro
structure and/or the low solubility/diffusivity of the alloying elements 
that resist structure coarsening. High-temperature properties were also 
investigated in Al-Ce-TM alloys with more than one TMs [29–33]. 
However, the comprehensive alloy design that combines low hot-tearing 
susceptibility and thermal stability has not been done yet, although the 
combination of these properties is crucial for a wide range of applica
tions, from automotive to electronic and aerospace; as well as for 
manufacturing these alloys through a variety of technologies, from die 
casting to additive manufacturing.

Here, we propose a methodology for searching thermally stable 
compositions with low cracking tendency. The first step is to select 
alloying elements. Two criteria should be considered: low diffusivity in 
pure Al and the formation of intermetallics with Al near the melting 
point of Al (above 600 ◦C). Generally, transition metals or rare-earth 
elements meet the criteria. The selection of alloying elements is fol
lowed by the search for compositions close to the eutectic to minimise 
the freezing range. After the freezing ranges of the selected compositions 
are calculated, e.g. using Thermo-Calc, their solidification contraction is 
experimentally evaluated. Those compositions with a small freezing 
range and low solidification contraction are favoured for further char
acterisation. The alloys can be heat-treatable upon annealing if Zr is 
added to form stable Al3Zr dispersoids. For specific applications with 
preferred microstructures, the microstructural morphologies at various 
cooling rates were examined by casting in a wedge mould. This meth
odology can be applied to conventional manufacturing methods, such as 
casting, and advanced manufacturing, like AM, where rapid cooling 
often causes hot tearing in Al alloys due to the high thermal gradients, 
leading to high thermal strain and stress.

In this study, the methodology was applied to the development of 
two alloys with high thermal stability and low cracking susceptibility. 
Being a common impurity in Al alloys, Fe was considered here to be the 
third alloying element in addition to Al and Ce, enabling the potential 
use of recycled feedstock. Two other low-cost alloying elements, Ni and 
Mn, which improve the mechanical and thermal properties of Al alloys, 
were also added.

2. Methods and materials

To cost-effectively select alloy compositions with a narrow freezing 
range, computer coupling of phase diagrams and thermochemistry 
(CALPHAD) was employed. Thermo-calc 2024a with TCAl8 database 
was used in this study [34].

For experimental trials, the alloys were prepared with commercially 
pure 99.9 % Al, Al-10Ce, Al-10Fe, Al-20Mn, Al-20Ni, and Al-10Zr (wt%) 
master alloys. 0.7 kg of each alloy was placed in a clay-graphite crucible 
and melted in an electric resistance furnace at 810 ◦C. The melt was 
poured at 760 ◦C into a wedge mould, which was pre-heated to 150 ◦C 
before casting. At different heights in the mould, various cooling rates 
were achieved during the solidification. The microstructures at three 
positions, 20 mm, 50 mm, and 80 mm from the top, were characterised 
for each composition. The range of cooling rate was between 78 ◦C/s and 
0.33 ◦C/s from the top to the bottom of the mould. The dimensions of the 
wedge mould and the positions of samples for microstructural charac
terisations are shown in Fig. 1.

The linear solidification contraction was measured in a device shown 
in Fig. 2. The setup was similar to the technique introduced in [10,11]. 

Fig. 1. Dimension and geometry of the wedge mould used in the experiment. 
The microstructures at the three positions were characterised. The corre
sponding cooling rates for positions 1 and 3 are 78 ◦C/s and 0.33 ◦C/s, 
respectively.
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On top of a water-cooled copper base was a T-shaped graphite mould 
(100 mm long and 25 × 25 mm in cross section) with a moving block 
near its left end. The moving block also had a T-shaped cavity for the 
solidified sample to pull toward the other end during cooling. A laser 
sensor (optoNCDT IDL 1402-50) recorded its travelling distance, which 
was used to calculate the expansion, shrinkage and contraction of the 
alloy. A K-type thermocouple was placed in the centre of the graphite 
mould at 1 mm from its bottom to record the temperature that was then 
related to the measured displacement. The data were recorded using a 
National Instruments DAQ with an acquisition rate of 50 Hz. At least 
three measurements were performed for each alloy.

The phase composition of the cast samples was identified using a 
Brucker D500 X-Ray Diffractometer (XRD). The measurements were 
performed using CuKα radiation with a wavelength of 1.5406 Å. A 2θ 
range of 20–90◦ was used with an interval step of 0.02◦. The specimens 
were prepared from the samples produced as a result of the linear so
lidification contraction measurements. The microstructure and fracture 
surfaces were analysed using a TESCAN MAGNA Scanning Electron 
Microscope (SEM) equipped with a backscattered electron (BSE) de
tector. The elemental distribution was mapped in the SEM equipped 
with an Oxford ULTIM MAX 65 Energy Dispersive X-ray Spectroscopy 
(EDS) Detector. Prior to the SEM examination, the samples were cut, 
ground and polished using the standard techniques. AZtech software 
was used to process and analyse the mapping data.

The mechanical properties of the two alloys were evaluated by a 
profilometry-based indentation plastometry (PIP) [35] and tensile test 
in compliance with ASTM standard E8/E8M-24 [36]. In the PIP test, an 
indenter made of WC-Co cermet of a radius of 1 mm was pushed into the 
sample with a known force, followed by a mapping of the indent profile. 
An iterative finite element analysis (FEM) embedded into the PIP soft
ware [35] was performed to fit the indent profile. When a best-fit set of 
plasticity parameter values was obtained, it led to the true stress–strain 
relationship. Note that the tensile properties are estimated based on a 
constitutive model in software [35]. As the real experiment is done 
under compressive conditions, the tensile properties show the potential 
properties of a defect-free sample while the elongation is defined as a 
uniform deformation (prior to necking in tensile tests). The PIP test was 
conducted under two conditions: room temperature and at 300 ◦C after 
holding for 10 min at this temperature. Two tests were carried out for 
each condition. Uniaxial tensile tests were conducted on as-cast cylin
drical samples. The length of the reduced section was 30 mm, with 5 mm 
diameter. Testing was performed on an Instron 5892 tensile tester. Two 
conditions were tested: room temperature and 300 ◦C after 10 min of 
heating. Three tests were carried out for each condition.

3. Results

3.1. Composition selection using CALPHAD

Fe is known to be an inevitable impurity in Al. It can also contribute 
to the alloy’s strength if its concentration is carefully selected [37]. It is 
better to utilise Fe as an alloying element reinforcing the microstructure 
rather than trying to reduce its amount by using ever purer feedstock. A 
minor content of Fe, 0.3 wt%, was, therefore, added to the alloy. Ce was 
selected because it improves melt fluidity and permeability through 
eutectic formation while forming phases that resist grain coarsening at 
elevated temperatures [16–18]. Mn and Ni were considered as the 
additional alloying elements because they possess the potential to 
improve the strength in an Al-RE system [25,28]. Designing aluminium 
alloys for applications used above 300 ◦C remains challenging. There is 
still a knowledge gap, despite previous works to search for alloys that 
can work at elevated temperatures. When selecting alloying elements 
and designing alloys, the requirements of targeted applications need to 
be defined. Other TMs may also improve the properties or even be more 
suitable for particular applications. However, to systematically select 
alloying elements and develop alloys for those purposes, further 
research is required to bridge the knowledge gap on how the TMs and RE 
elements influence the microstructures and properties in unconven
tional aluminium alloys.

In this work, the design was based on Al-Ce-0.3Fe-Mn-Ni system. The 
eutectic composition in the Al-Ce binary system is near 12 wt% Ce. The 
Al alloys with Ce concentrations from 8 wt% to 12 wt% have been 
studied substantially and those alloys showed promising thermal sta
bility for high-temperature applications. Ce concentrations below 8 wt% 
were explored in this work to achieve a lower density in the Al alloy 
while maintaining thermal stability and lower cracking susceptibility. 
The Scheil equations for three different Ce concentrations, 4.0, 6.0, and 
8.0 wt%, are shown in Fig. 3(a), (b), and (c), respectively. Al31Mn6Ni2, 
Al4Mn, Al6Mn, and Al12Mn phases were restricted in the calculations as 
they were not experimentally observed in similar alloy systems 
[32,38,39]. The Mn and Ni concentrations were determined according 
to the eutectic composition of the corresponding alloys. They are Al-4Ce- 
0.3Fe-1.43Mn-3.85Ni, Al-6Ce-0.3Fe-1.12Mn-2.88Ni, and Al-8Ce-0.3Fe- 
0.89Mn-2Ni. The freezing ranges of eutectic reactions for all three al
loys were relatively low, less than 3.7 ◦C. In terms of phases formed by 
the end of solidification, the difference between these alloys was in the 
formation of Al13Fe4, which is hard and brittle. It formed in the alloys 
with 6 wt% and 8 wt% Ce. Stresses can easily be concentrated on the tips 
of the needle-shaped and flake-shaped Al13Fe4, resulting in crack 
nucleation and low ductility [40]. To avoid Al13Fe4, Ce concentration 
below 6 wt% was considered. In the range of 4 wt% and 6 wt%, it was 
found that the alloy Al-4.6Ce-0.3Fe-1.3Mn-3.77Ni had the lowest 
freezing range of 1.12 ◦C, as shown in Supplementary Materials (Fig. S1
and Table S1). The volume fraction of the solidification in the third step 
was over 96 % (the third stage of solidification in Fig. 3d). This gives 
better control of the phase formation upon the solidification, even in 
rapid cooling, as the four intermetallic phases form simultaneously.

With increasing cooling rate, the eutectic equilibria frequently shift, 
making hypereutectic alloys closer to the eutectic or even hypoeutectic 
alloys in structure. With this in mind, we investigated the phase for
mation of hypereutectic alloys of Al-4.6Ce-0.3Fe-Mn-Ni system. The 
projection of the liquidus surface is presented in Fig. 4. The liquidus 
surface is for the equilibrium conditions, which may be different from 
the solidification conditions in the Scheil approximation, although the 
liquidus temperature is typically not much affected by the cooling rate. 
For hypereutectic compositions in the alloy system, the possible primary 
phases are Al8M4Ce (M represents Fe, Mn, or/and Ni), Al23Ni6Ce4, or 
Al3Ni, depending on Mn and Ni concentrations. As can be seen, Al8M4Ce 
is stabilised with the increasing Mn concentration while the increase in 
Ni promotes primary phase Al3Ni first, and Al23Ni6Ce4 upon further 
addition.

Fig. 2. An experimental setup for measuring the solidification contraction.
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The first selected composition (Alloy A) was Al-4.6Ce-0.3Fe-1.84Mn- 
5.5Ni, which sits in the valley between Al8M4Ce and Al23Ni6Ce4. Hence, 
there were two types of intermetallic forming at the beginning of the 
solidification. The other composition (Alloy B) was Al-4.6Ce-0.3Fe- 
2.3Mn-3.84Ni, whose solidification path in equilibrium condition 
(after formation of the primary Al8Mn4Ce phase) goes straight to the 
eutectic point near 1.84Mn-5.5Ni. The Scheil curves of the two alloys are 
shown in Fig. 5(a) and (b), respectively. The volume fraction of in
termetallics for Alloy A and Alloy B is 14.7 vol% and 12.41 vol%, 
respectively. It is noteworthy that the increase in Mn concentration and 
decrease in Ni concentration make the cost of the alloys potentially 
lower.

3.2. Experimental results

The BSE images for each alloy at three different positions in the 
wedge mould are shown in Fig. 6. The microstructure became finer as 
the position changed from position 1 to position 3, i.e. with the increase 
in cooling rate.

As can be seen from Fig. 6(a) and Fig. 6(b), the bright coarse faceted 
particles and plate-like grey intermetallics in Alloy A were surrounded 
by eutectic colonies. In Fig. 6(d), the microstructure was considerably 
finer, with the largest particles at the scale of about 10 µm. Primary 
faceted particles were not observed anymore, suggesting a shift in the 
equilibrium towards eutectic solidification. Two distinctive contrasts 
were observed in eutectic areas: grey and bright.

In Alloy B (Fig. 6e), slower cooling led to a microstructure consisting 
of a mixture of fine eutectic colonies (bright areas) and the needle-like 
grey intermetallics between them, with dispersed bright particles. 
With increasing cooling rate (Fig. 6f), the needle-like grey phases 
became much finer, forming a typical eutectic structure. The dispersed 
bright particles became finer. In Fig. 6(g), the microstructure was 
further refined with a higher cooling rate. More distinct areas of the Al 
solid solution dendrites appeared while bright particles were not 
observed anymore, suggesting a shift of the equilibrium towards hypo
eutectic solidification.

The XRD patterns of Alloy A and Alloy B of slow cooling (at position 
1) presented in Fig. 7 helped decipher the phase composition and the 
nature of the particles observed in Fig. 6. The selection of phases was the 
same in both alloys. They are α-Al, Al9M2 (M represents Ni and Fe), 
Al23Ni6Ce4, and Al20Mn2Ce. Significant presence of peaks corresponding 
to phases Al9M2 (blue circles) and Al23Ni6Ce4 (green triangles) indicated 
their widespread formation within the microstructure.

EDS map analysis of Alloy A and Alloy B after slow cooling (position 
1) and fast cooling (position 3) is shown in Fig. 8. At position 1, the 
eutectic phases in Alloy A consisted mainly of Ni, Ce, Mn, and Fe. A 
similar elemental distribution was also found in the large bright particle. 

Fig. 3. Scheil solidification paths of the near eutectic alloys based on Al-Ce-0.3Fe-Mn-Ni system with (a) 4.0Ce, (b) 6.0Ce, (c) 8.0Ce, and (d) 4.6Ce, respectively; the 
concentrations of Mn and Ni were determined from the eutectic compositions. The compositions are (a) Al-4Ce-0.3Fe-1.43Mn-3.85Ni, (b) Al-6Ce-0.3Fe-1.12Mn- 
2.88Ni, (c) Al-8Ce-0.3Fe-0.89Mn-2Ni, and (d) Al-4.6Ce-0.3Fe-1.3Mn-3.77Ni, respectively.

Fig. 4. The liquidus projection of the Al-4.6Ce-0.3Fe-Mn-Ni system. The iso
therms (grey lines) indicate the temperatures at an increment of 10 ◦C.
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Ni, Fe, and Mn were observed in the plate-like intermetallics, while the 
black areas in the BSE image showed a high concentration of Al. With 
fast cooling (position 3), the two distinctive areas in the eutectic phases 
(grey and bright) observed in the BSE image contained different element 
distributions: the grey eutectic area showed a strong contrast of Ni and 
Fe, while the bright eutectic area showed a strong contrast of Ni and Ce. 
The globular particles contained Mn and Ce.

In Alloy B, the microstructure formed under slow cooling showed a 
high contrast of Ni, Ce, and Fe in the fine eutectic phases. The needle- 
like grey particles contained Ni, Fe, and Mn. The dispersed bright par
ticles consisted of Mn, Ce, and Fe. Faster cooling at position 3 in the alloy 
produced dispersed bright particles with similar elemental distributions 
to those at position 1, but at a finer scale. The bright and grey flake-like 
intermetallics in the microstructure showed the same elemental distri
butions as the fine eutectic phases and the needle-like grey phases at 
position 1, respectively. Phase identification is discussed in the next 
section.

There was an inconsistency in phase formation between the predic
tion from the Scheil solidification path in Fig. 5 and the XRD patterns in 
Fig. 7. The Al3Ni was not experimentally observed. To study the solid
ification sequence of the two alloys without Al3Ni, the Scheil solidifi
cation paths for the two alloys were re-calculated with Al3Ni restricted, 
as shown in Fig. 9.

The phase Al20Mn2Ce observed in the experiment was not in the 
TCAL8 database. This may affect the phase prediction in the Scheil 
equation. However, the results were still indicative as there are four 
phases in the calculations with Al8M4Ce apparently representing 
Al20Mn2Ce. In Fig. 9, the freezing ranges of the eutectic reactions in the 
two alloys were small, 2.8 ◦C and 3.8 ◦C, for Alloy A and Alloy B, 
respectively.

The horizontal expansion and contraction as a function of tempera
ture for the two alloys are shown in Fig. 10. During cooling, the alloys 
expanded first, followed by contraction. The information extracted from 
the curves included the linear pre-shrinkage expansion, linear solidifi
cation contraction, and linear contraction onset, which was the tem
perature at which the alloy started to contract. The definitions and the 
calculation of the linear solidification contraction can be found else
where [7,11]. It is the change in linear dimensions of the alloy from the 

linear contraction onset to the temperature at the end of solidification 
(thermal strain accumulated in the solidification range), which de
termines the hot tearing susceptibility of an alloy.

These properties of Alloy A, Alloy B, and three reference alloys are 
shown in Table 1. The differences between the linear contraction onset 
and nonequilibrium solidus (NES) for Alloys A and Alloy B were small, 
less than 30 ◦C. Compared with three other alloys, the linear pre- 
shrinkage expansion of the alloys in this work was larger while their 
overall linear solidification contraction was one order of magnitude 
smaller.

The mechanical properties from the Plastometer (PIP) test and ten
sile test are shown in Table 2. The mechanical properties were obtained 
by fitting the indentation profile using the constitutive law corre
sponding to the PIP tests where the material was subject to tensile force 
in the uniaxial tensile test [43]. The ultimate tensile strength (UTS) of 
Alloy A and Alloy B at room temperature (RT) was about two and half 
times larger than their yield strengths, which were 108 MPa and 103 
MPa, respectively. The uniform elongation evaluated by the test was 
above 20 % for the two alloys. For the test at a high temperature (HT), 
the UTS and elongation retained more than 55 % of the values compared 
with those properties at RT.

In the tensile tests, the UTS at RT were 137 MPa and 166 MPa for 
Alloy A and Alloy B, respectively, and dropped at HT to 128 MPa and 
137 MPa, respectively. The retention rates for the UTS were 93.4 % and 
82.5 % for the two alloys, while the elongation increased with increasing 
temperature. The RT yield strengths (YS) were 109 MPa and 89 MPa for 
Alloy A and Alloy B, respectively.

In contrast to UTS and elongation, the YS of each alloy evaluated in 
different tests was close for the same testing conditions. The YS retention 
rates for each alloy in the tensile tests and PIP tests, 75 % to 74.3 % for 
Alloy A, and 93 % to 80 % for Alloy B.

The fractography of the two alloys at RT and HT is shown in Fig. 11. 
The fracture surfaces were perpendicular to the tensile axis. Fractures in 
the alloys were initiated from the intermetallic phases formed upon 
solidification reactions at the beginning of solidification (see Figs. 6 and 
9). There were limited changes in the fracture surfaces between RT 
(Fig. 11 a and e, for Alloy A and Alloy B, respectively) and HT (Fig. 11 c 
and g, for Alloy A and Alloy B, respectively), indicating both alloys 

Fig. 5. Solidification paths of (a) Al-4.6Ce-0.3Fe-1.84Mn-5.5Ni and (b) Al-4.6Ce-0.3Fe-2.3Mn-3.84Ni alloys calculated using the Scheil approximation.
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exhibited thermal stability at elevated temperatures.
Two types of fracture surfaces were observed in both alloys: (1) 

cleavage planes with flat facets typical of brittle fracture (blue arrows in 
Fig. 11), and (2) dimples and torn edges typical of ductile fracture 
located between the cleavage planes (yellow arrows in Fig. 11).

4. Discussion

4.1. Solidification path and solidification contraction in Alloy A and 
Alloy B

Fig. 10 shows that the alloys expanded at the beginning of the so
lidification. It was due to the hydrogen dissolved in the melt escaping as 
the solubility of hydrogen dropped when the temperature decreased, 
leading to the pre-shrinkage expansion. The expansion depends on 
composition, melt and solidification conditions [11]. It is noteworthy 

Fig. 6. SEM micrographs (BSE contrast) of Alloy A and Alloy B with different cooling conditions. The positions in the wedge mould are shown in Fig. 1. The cooling 
speeds were lowest at position 1 (0.33 ◦C/s) and highest at position 3 (78 ◦C/s). A higher magnification image for each alloy at position 3 is shown in (d) and (h), 
respectively.
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that the expansion compensated for the overall thermal contraction 
(thermal strain), reducing further hot tearing susceptibility.

The linear contraction onsets in Alloy A and Alloy B were 649 ◦C and 
662 ◦C, respectively. They were significantly higher than those in the 
reference alloys (Table 1). This can be attributed to the compositions 
with TM and Ce additions. With those additions, the beginning of the 
solidification and the eutectic reactions in Alloy A and Alloy B occurred 
at a higher temperature than the reference alloys, where the primary 
α-Al and intermetallics containing Mg, Cu, Si formed at a lower tem
perature. While the alloy’s thermal stability may benefit from the phases 
formed at higher temperatures, the parameter critical to the cracking 
susceptibility is the temperature difference between linear contraction 
onset and NES, i.e., the vulnerable solidification range. According to 
Fig. 9, the NES of Alloy A and Alloy B were significantly higher than the 
solidus of reference alloys. Consequently, the vulnerable solidification 
ranges in Alloy A and Alloy B were 17.7 ◦C and 30.4 ◦C, respectively, 
significantly smaller than that of the reference alloys (149 ◦C and 77 ◦C 
for Al-2 Mg and Al-0.4Cu, respectively). The low linear solidification 

contraction associated with a small vulnerable solidification range, 
which indicated good liquid feeding during solidification, demonstrated 
very small thermal strain accumulated upon solidification and, hence, 
small hot tearing susceptibility in Alloys A and Alloy B is expected.

The solidification contraction is experimentally measurable only 
when dendritic networks are formed and strength is developed in the 
mushy zone, where the material can retain its shape. The linear 
contraction onset is the temperature at which the alloys start to contract 
uniformly, as shown in Fig. 10. Generally, the volume fraction of the 
solid phase corresponding to the linear contraction onset is between 85 
% and 95 % in hypoeutectic alloys. In contrast, the volume fractions of 
solid corresponding to the linear contraction onset in the hypereutectic 
alloys A and B were 1.79 % and 1.05 %, respectively, as most of the 
solidification happened within a very narrow temperature range 
through eutectic reactions. This illustrated a very different contraction 
development in the tested near-eutectic alloys, making them hot-tearing 
resistant. Although the hot tearing was not explicitly studied in this 
work, the unambiguous correlation between the contraction behaviour 
and hot tearing susceptibility has been established on many occasions 
before, as in this review [7].

4.2. Phase formation and microstructural evolution at different cooling 
rates

Both alloys were hypereutectic with intermetallic phase(s) formed 
first at the beginning of the solidification (Fig. 6 and Fig. 9), respec
tively. The only difference between the Thermal-calc prediction (Fig. 9) 
and phase identification in XRD (Fig. 7) was which intermetallic phase 
containing Mn and Ce was forming, Al8M4Ce or Al20Mn2Ce, respec
tively. Other than this discrepancy, the theoretical calculation was in 
agreement with the experimental observation: there were three types of 
intermetallics in the microstructure in addition to the α-Al matrix.

In Alloy A − position 1, where the cooling rate was relatively low 
(~0.33 ◦C/s), the grey, plate-like intermetallic (labelled in Fig. S5a) was 
the only phase exhibiting low contrast of Ce (Fig. 8). Based on the XRD 
patterns and EDS mapping (Fig. 7 and Fig. 8), this intermetallic was 
identified as Al9M2, see Fig. S3 and Table S3. Given that all three tran
sition metals were detected within the phase, we hypothesise that the 

Fig. 7. XRD patterns for Alloy A and Alloy B. The relative intensity shown here 
was the square root of the measured intensity values in order to reduce the 
difference in peak heights between Al and other intermetallic phases. M in 
Al9M2 represents Ni and Fe. The PDF numbers for the phase α-Al, Al9M2 
(Al9Ni1.3Fe0.7), and Al23Ni6Ce4, are 00-004-0787, 01-076-2701, and 01-072- 
3474, respectively. The crystal structure information of Al20Mn2Ce was 
extracted from [41,42].

Fig. 8. EDS map analysis showing the elemental distribution of Alloy A and Alloy B at position 1 (slow cooling) and position 3 (fast cooling).
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intermetallic is Al9(Ni,Fe,Mn)2. Additionally, EDS point analysis of the 
bright coarse particle (Fig. 6 and Fig. S5a) revealed a composition of 
72.5 at.% Al, 16.2 at.% Ni, 0.5 at.% Fe, 8.4 at.% Ce, and 2.2 at. % Mn. 
This was consistent with the stoichiometry of Al23Ni6Ce4 [33]. The 
intermetallic phase observed in the eutectic structure appeared to be of 
the same type as its elemental profile closely resembled that of the 

coarse particle (Fig. 8), this is supported by the Scheil calculation 
(Fig. 9a). The dispersed fine particles (Fig. S5) were identified as 
Al20(Mn,Fe,Ni)2Ce, see Fig. S3 and Table S3.

In Alloy B, slow cooling at position 1 in the wedge mould produced a 
microstructure (Fig. 6e) containing a greater number of dispersed par
ticles. The EDS point analysis showed that they were Al20Mn2Ce (Fig. S4
and Table S4). The eutectic structure consisted of α-Al and Al23(Ni, 
Fe)6(Ce,Mn)4 according to Figs. 7–9. There were also needle-like in
termetallics (Fig. S5) between the eutectic colonies. Their chemical 
compositions were consistent with that of Al9M2, as shown in Fig. S4 and 
Table S4. The Al9M2 was finer than the plate-like Al9(Ni,Fe,Mn)2 in 
Alloy A because of the lower Ni concentration in Alloy B.

Microstructures at position 3 were finer due to a higher cooling rate 
(~78 ◦C/s). In both alloys, there were two types of eutectic structures: 
α-Al with the phase of bright contrast and α-Al with the phase of grey 
contrast. From XRD and EDS analysis (Fig. 7 and Fig. 8), they were 

Fig. 9. Solidification paths of (a) Alloy A and (b) Alloy B. The calculations were in the same conditions as those in Fig. 5 with Al3Ni restricted.

Fig. 10. Horizontal expansion and contraction as a function of temperature for 
(a) Alloy A and (b) Alloy B.

Table 1 
Linear pre-shrinkage expansion ( + Δl), linear solidification contraction (εc), 
linear contraction onset (tco) and nonequilibrium solidus (NES).

Alloy + Δl(%) εc(%) tco(◦C) NES Source

Alloy A 0.066 0.028 649 631.3 This work
Alloy B 0.133 0.025 662 631.6 This work
Al-2 Mg 0.04 0.40 600 451 [11]
6061 Al Alloy 0.02 0.23 599 580 [11]
Al-0.4Cu − 0.33 638 561 [11]

Table 2 
Mechanical properties of Alloy A and Alloy B in plastometer test and tensile test. 
RT: room temperature; HT: high temperature (300 ◦C for 10 min before test); 
UTS: ultimate tensile strength; YS: yield strength. YS retention is the ratio of the 
YS at RT to that at HT.

UTS 
(MPa)

YS 
(MPa)

Elongation 
(%)*

YS 
retention 
rate

Plastometer Alloy 
A

RT 248 ±
14.5

108 ±
16

21.2 ± 1.6 ​

HT 142 ±
5

81 ±
6.5

13.2 ± 0.3 75 %

Alloy 
B

RT 263 ±
16.5

103 ±
20

20 ± 0 ​

HT 160 ±
7

96 ± 8 14.2 ± 0.8 93 %

Tensile test Alloy 
A

RT 137 ±
16

109 ±
12

0.7 ± 0.2 ​

HT 128 ±
11

81 ± 3 1.4 ± 0.4 74.3 %

Alloy 
B

RT 166 ±
21

89 ± 7 1.6 ± 0.3 ​

HT 137 ±
3

71.2 ±
1.9

4.8 ± 1.3 80 %

* Elongation in the Plastometer experiment is an estimated value of uniform 
elongation, see [35] for details.
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identified as Al23(Ni,Fe)6(Ce,Mn)4 and Al9(Ni,Fe,Mn)2 for the bright 
phase and grey phase, respectively. The bright particles distributed in 
the microstructure were Al20Mn2Ce.

4.3. Mechanical properties at different temperatures

While the YSs obtained from both test methods were similar, there 
were significant differences in UTS and elongation, as shown in Table 2. 
In a tensile test, the elongation corresponds to the strain at fracture, 
whereas fracture characteristics cannot be reliably accessed in a PIP test 
because the compressive indentation force constrains crack propagation, 
leading to significantly higher estimated values, which may indicate a 
defect-lean alloy. The UTS in a tensile test is defined as the maximum 
stress value in the nominal stress–strain curve, typically corresponding 
to the onset of necking. While the UTS in the PIP test was also obtained 
from the nominal stress–strain curve, the curve is actually converted 
from a true stress-true strain relationship based on the constitutive law, 
either the Ludwik-Hollomon equation or the Voce equation [43,44]. The 
two equations are empirical and do not account for the relationship 

between the onset of necking and the microstructure, which contributes 
to the discrepancy in the measured UTS. The YS from PIP and tensile 
tests were in good agreement for Alloy A, though some differences were 
observed for Alloy B at both RT and HT. This indicated that the PIP test 
effectively evaluated the onset of plastic deformation.

From Table 2, Alloy A and B showed significantly higher YS retention 
rates, compared with the as-cast A319 (below 50 %) [13]. In a typical 
eutectic structure, the deterioration of strength in Al alloys at high 
temperature is mainly due to grain/particle coarsening or dissolution of 
precipitates. Earlier research showed that the constitutive phases in the 
microstructure, Al9M2, Al23(Ni,Fe)6(Ce,Mn)4, and Al20Mn2Ce were 
thermally stable and resistant to coarsening even at temperatures above 
300 ◦C for hundreds of hours [28,33]. It was attributed to the low sol
ubility and low diffusivity of the alloying elements that prevented the 
particles from coarsening or dissolution in the matrix. This was further 
confirmed by the analysis of the fracture surfaces of the two alloys at HT 
(Fig. 11c and g), as they were similar to those at RT (Fig. 11a and e).

From the fracture morphology in Fig. 11, it seemed the cracking 
initiated from larger intermetallics by their either brittle facture or 
separation from the matrix. The presence of cleavage facets (for 
example, blue arrows in Fig. 11) suggests that brittle fracture modes 
occur in the two alloys at RT and HT. These flat areas indicate that low- 
energy fracture paths, along the coarse intermetallics, such as Al9M2 and 
Al20Mn2Ce, were preferred. In contrast, the areas exhibiting dimples and 
torn edges reflect ductile fracture behaviour. These are eutectic regions 
consisting of α-Al and Al23(Ni,Fe)6(Ce,Mn)4, and finely dispersed 
Al20Mn2Ce particles.

The combination of the two types of fracture surfaces suggests a 
mixed-mode fracture mechanism, with localised plasticity interrupting 
the propagation of brittle cracks. Given the thermal stability of the in
termetallics and the strength in the two alloys, the ductility can be 
improved by modifying the morphology of these phases without 
significantly compromising the strength at RT and HT.

4.4. Designing alloys with low cracking and high thermal stability

The proposed alloy design methodology is not limited to conven
tional casting, as demonstrated with Alloys A and B. It can also be used 
for developing crack resistant alloys for advanced manufacturing pro
cesses, such as AM, where rapid cooling rates often lead to high cracking 
susceptibility in Al alloys. It is concluded that Alloys A and B are highly 
suitable for AM. Therefore, and as a proof of concept, the two alloys 
were additively manufactured using a laser directed energy deposition 
(DED), in a device known as the Blown Powder Additive Manufacturing 
Process Replicator, 2nd Generation (BAMPRII) [45]. The deposit of 
Alloy A was free from cracking [46]. Specific conditions of AM, as well 
as detailed analysis of the structure and phase composition, can be found 
elsewhere [47]. For illustration, the as-built microstructures in AM and 
the phases formed are shown in Fig. 12. Compared with the micro
structures in Alloy A and Alloy B in the wedge mould, the AM micro
structures were much finer due to the higher cooling rate: the largest 
particles were at scales of micrometres (Fig. 12) instead of tens of 
micrometres (Fig. 6).

Changes in cooling rate can alter the microstructure’s morphology. 
In the wedge mould, the Al9(Ni,Fe,Mn)2, which was plate-like in Alloy A 
and needle-like in Alloy B (Fig. 6), disappeared and became part of the 
eutectic structure as the cooling rate increased. It seems that the 
microstructural morphology of both alloys, being hypereutectic, shifted 
towards eutectic when the cooling rate increased. It is easy to spot such 
morphology shift (e.g. from hypereutectic to hypoeutectic) in a binary 
system, such as Al-Ce [47], when the processing parameters change. For 
a multi-component system like Alloy A and Alloy B, an understanding of 
how the morphology shifts toward the eutectic structure with different 
cooling rates needs further investigation. The predication of the 
microstructure becomes even more complicated when the cooling rate 
increases further, such in AM, because metastable phases may form and 

Fig. 11. Fractography of Alloy A and Alloy B at room temperature and high 
temperature. The fracture surfaces were perpendicular to the tensile axis. (a) 
and (b) fracture surface of Alloy A at room temperature (c) and (d) fracture 
surface of Alloy A at high temperature; (e) and (f) fracture surface of Alloy B at 
room temperature; (g) and (h) fracture surface of Alloy B at high temperature.
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equilibrium phases may be suppressed. For Alloy A and Alloy B, a new 
phase, Al11Ce3, which was not observed in the cast alloys, formed in AM.

The yield strength of AM Alloy A was 70 % higher than that of 
AlSi10Mg in the same fabrication condition [46]. With alloying ele
ments having low solubility and diffusivity in the Al matrix, the me
chanical properties are more stable at elevated temperatures (Table 2), 
and the yield strength retention rates of both alloys in AM are expected 
to be higher than AlSi10Mg (commonly used in AM). The experimental 
results showed that our proposed alloy design method can be applied to 
various manufacturing methods, including conventional casting and 
AM.

5. Conclusions

Two new Al alloys containing TMs (Al-4.6Ce-0.3Fe-1.84Mn-5.5Ni 
and Al-4.6Ce-0.3Fe-2.3Mn-3.84Ni, wt%) were designed using the CAL
PHAD approach, cast in a wedge mould (cooling rates from 0.3 ◦C/s to 
78 ◦C/s) and thoroughly characterised. Their thermal contraction during 
solidification was measured. Mechanical testing confirmed excellent 
thermal stability at 300 ◦C for both alloys. This study validates the 
proposed methodology for designing alloys with enhanced thermal 
stability and low cracking susceptibility. The main conclusions are 
shown below: 

1. Two compositions of Al alloys with a low freezing range, 2.8 ◦C/s and 
3.8 ◦C/s for Alloy A and Alloy B, respectively. Both showed low so
lidification contraction, an order of magnitude lower than that of an 
AA6061 Al alloy indicating low hot cracking susceptibility.

2. Microstructural analysis revealed three types of constitutive parti
cles: Al9M2, Al23(Ni,Fe)6(Ce,Mn)4, and Al20Mn2Ce. Phases predicted 
by Thermo-calc, such as Al8M4Ce and Al3Ni, were not observed upon 
solidification across the tested cooling rates.

3. Mechanical properties were evaluated using PIP and tensile testing 
with consistent YS values. Both alloys retained over 74 % of their YS 
at 300 ◦C, exhibited excellent thermal stability attributed to the 
coarsening-resistant phases in the microstructure.

4. The testing and characterisation results confirmed the effectiveness 
of the proposed methodology for designing thermally stable and 
crack-free Al alloys suitable for AM.
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