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A B S T R A C T

The microstructural evolution and hardness behavior of an Mg–1Zn–0.2Ca alloy processed by high-pressure 
torsion (HPT) and subsequent annealing were systematically investigated. The initial grain size of ~105 μm 
was refined to the ultrafine regime after HPT processing and subsequent annealing, with average grain sizes of 
1.62–1.97 μm depending on annealing time. Post-deformation annealing at 300–400 ◦C revealed an unusual non- 
monotonic hardness response characterized by an initial decrease followed by a pronounced increase with 
increasing annealing time. Quantitative optical microscopy confirmed progressive grain coarsening during 
annealing, indicating that the secondary hardening cannot be attributed to further grain refinement. Electron 
backscatter diffraction (EBSD) analysis revealed a reduction in local misorientation and grain orientation spread 
at intermediate annealing times, indicating heterogeneous recovery rate within the ultrafine-grained structure. 
With increasing annealing time, a decrease in basal texture intensity was observed, accompanied by crystallo
graphic reorientation. These microstructural and textural changes modify the deformation geometry under 
indentation and are responsible for the abnormal hardness increase observed during annealing. These findings 
highlight the critical role of microstructural recovery and crystallographic orientation in governing the post- 
annealing mechanical response of HPT-processed Mg alloys.

1. Introduction

Magnesium (Mg) alloys have attracted significant attention in 
various engineering applications due to their low density, high specific 
strength, and excellent biocompatibility [1]. Among these, Mg–Zn–Ca 
alloys stand out as promising materials due to their favorable combi
nation of mechanical properties, corrosion resistance, and biocompati
bility [2]. Zinc (Zn) refines the grain structure and enhances strength, 
while calcium (Ca) improves biodegradability [3]. However, despite 
these advantages, refining the grain structure of Mg–Zn–Ca alloys and 
enhancing their performance in biological applications requires 
advanced processing techniques to improve their structural integrity 
and functional capabilities.

Severe plastic deformation (SPD) techniques have been widely 
employed to enhance the mechanical properties of Mg alloys by intro
ducing ultrafine-grained (UFG) microstructures [4,5] for biomedical 

applications [6]. Since Mg alloys are difficult to deform, the SPD pro
cessing of these alloys is carried out at temperatures higher than room 
temperature [7–9]. However, the effectiveness of SPD at high temper
atures is often constrained by grain growth and dynamic recrystalliza
tion. Therefore, it is desirable to process Mg alloys via SPD at lower 
temperatures. High-pressure torsion (HPT) is a promising SPD technique 
that enables grain refinement and improved mechanical properties by 
applying high pressure and shear deformation between rotating anvils 
[10,11]. Since its first application to Mg alloys in the early 1990s [12,
13], HPT has been extensively studied for processing various Mg-based 
alloys, including Mg–Zn–Ca systems.

Several studies have explored the impact of HPT on the micro
structure, mechanical properties and particularly corrosion behavior of 
Mg–Zn–Ca alloys. Zhang et al. [14] revealed that after five revolutions of 
HPT, the grain size was significantly refined to 130–150 nm, and the 
second phases were uniformly distributed. This structural refinement led 
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to a more homogeneous corrosion process, where the entire alloy surface 
corroded at a nearly uniform rate. Gao et al. [15] demonstrated that HPT 
processing resulted in the transformation of the second-phase particles 
into nanoscale features, which were uniformly dispersed within the 
grain interiors rather than accumulating along grain boundaries. As a 
result, the corrosion behavior of the HPT-treated sample was more ho
mogeneous compared to its as-cast counterpart. Further research by 
Zhang et al. [16] indicated that in solution-treated Mg–Zn–Ca alloys, the 
second-phase particles dispersed more uniformly after HPT, whereas in 
cast alloys without prior solution treatment, the second phases remained 
incompletely fragmented and exhibited non-uniform distribution. The 
microhardness of the HPT-processed solution-treated alloy was signifi
cantly improved, with a more homogeneous hardness distribution. 
Moreover, the corrosion resistance of the solution treated alloy was 
superior to that of the cast alloy in physiological environments. Guan 
et al. [17] reported that the HPT processed Mg–Zn–Ca alloy exhibited 
enhanced degradation properties and superior microhardness compared 
to as-cast Mg alloy. Medeiros et al. [18] indicated that while HPT pro
cessing generally improved strength, deformation localization could 
occur in Mg–Zn–Ca and Mg–Y–RE alloys. Brunner et al. [19] showed 
that HPT-induced deformation significantly reduced corrosion resis
tance. Kulyasova et al. [20] demonstrated that although HPT processing 
resulted in substantial grain refinement—down to 210 nm for Mg–1Ca 
and 90 nm for Mg–1Zn-0.2Ca—the corrosion resistance varied consid
erably, differing by an order of magnitude.

Despite the mentioned research on the HPT processing of Mg–Zn–Ca 
alloys, studies on the effects of subsequent annealing after HPT remain 
limited, and the existing results are often contradictory. Zhang et al. 
[21] focused on grain size evolution and corrosion behavior of 
HPT-processed Mg–Zn–Ca in simulated body fluid, with minimal dis
cussion of mechanical properties, except for surface stress, which 
initially decreased and then increased upon annealing. In a separate 
study, Zhang et al. [22] revealed a significant increase in microhardness 
following HPT, with higher values concentrated at the edges of the 
sample. However, annealing resulted in a reduction in microhardness, 
accompanied by a more uniform hardness distribution across the ma
terial. Kulyasova et al. [23] reported a remarkable increase in micro
hardness of an HPT-processed Mg–Zn–Ca alloy (up to 990 MPa) due to 
the formation of an UFG microstructure (~150 nm grain size). After 
annealing at 200 ◦C, the alloy exhibited an ultimate tensile strength of 
270 MPa with a ductility of 9%. In contrast, Horky et al. [24] processed 
two biodegradable Mg–Zn–Ca alloys via HPT followed by annealing. 
Surprisingly, annealing at approximately 0.45Tm resulted in further 
enhancements to hardness and tensile strength, surpassing even the 
improvements gained solely from HPT. This unexpected strengthening 
was attributed to vacancy agglomeration and dislocation loop formation 
within the basal plane, effectively impeding dislocation motion.

Although annealing-induced hardening (AH) has been reported in 
several severely deformed materials, its underlying mechanisms in HPT- 
processed Mg–Zn–Ca alloys remain insufficiently understood. Most 
existing studies focus primarily on grain refinement effects or general 
recovery behavior, while detailed correlations between hardness evo
lution and EBSD-based parameters such as GOS, KAM, misorientation 
distribution, and texture evolution during short-term annealing are 
limited. Therefore, the present study aims to investigate the micro
structural and crystallographic evolution of an Mg–1Zn–0.2Ca alloy 
processed by HPT and subsequently annealed at different temperatures 
and times, with particular emphasis on elucidating the mechanisms 
responsible for the observed abnormal hardness variation. By inte
grating quantitative optical analysis with comprehensive EBSD charac
terization, this work provides new insight into the interplay between 
recovery, texture evolution, and mechanical response in severely 
deformed Mg alloys, contributing to a deeper understanding of strength 
tailoring through post-deformation heat treatment.

2. Materials and method

The initial material used in this study was an as-cast Mg–1Zn-0.2Ca 
alloy. The chemical composition of the alloy is presented in Table 1. The 
HPT specimens were in the form of discs with a diameter of 15 mm and a 
thickness of 3 mm prior to processing. HPT processing was employed to 
induce severe plastic deformation. The alloy was subjected to HPT at 
room temperature for 0.5, 1, 2, and 3 rotations under an applied pres
sure of 1.2 GPa [25]. To calculate the effective strain, the strains induced 
by the two deformation stages must be determined separately and then 
combined. The effective strain resulting from the first stage (ε1) is 
calculated using Eq. (1), similar to the case of uniaxial compression 
testing. This strain is approximately uniform throughout the specimen: 

ε1 = ln
H◦

H
(1) 

where H◦ is the initial thickness of the specimen and H is the thickness 
after compression. The shear strain (γ) induced by the torsion stage is 
determined using Eq. (2): 

γ =
2πNr

H
(2) 

where N is the number of revolutions applied during torsion, and r is the 
radial distance from the center of the disk. For shear strains γ > 0.8, the 
effective strain contributed by the torsion stage (ε2) is calculated by Eq. 
(3) [26]: 

ε2 =

[
4
3

[
ln

̅̅̅̅̅̅̅̅̅̅̅̅̅
γ2 + 1

√ ]2
+
(tan− 1 γ)2

3

]1 /2

(3) 

The strain applied during the torsion stage is not uniformly distrib
uted throughout the specimen; its magnitude increases with increasing 
distance from the center. The total effective strain imposed on the ma
terial is finally obtained by summing the contributions from both stages 
according to Eq. (4): 

εt = ε1 + ε2 (4) 

The sample processed for 1 rotation was selected as the typical 
sample for subsequent heat treatment studies. These samples were 
annealed at varying temperatures (300 to 400 ċ) and holding times (30 
to 300 s) to investigate the thermal stability and microstructural evo
lution of the alloy. To preserve the microstructure, specimens were 
water-quenched immediately upon reaching the target conditions. To 
mitigate corrosion risks—arising from high applied strains and low alloy 
resistance—isothermal sand-embedding was employed. The sand and 
container were pre-heated to the target temperature prior to specimen 
immersion. Based on the lumped capacitance method [27], the speci
mens reached thermal equilibrium within milliseconds due to their 
small dimensions and high heat transfer coefficient, ensuring rapid and 
uniform heating.

The microstructural evolution of the HPT-processed and heat-treated 
samples was analyzed using optical microscopy. Samples for optical 
microscopy were prepared by standard metallographic techniques, 
including grinding, polishing, and etching. The polished samples were 
etched with Acetic Picral reagent (10 ml acetic acid, 4.2 g picric acid, 10 
ml distilled water, 70 ml ethanol) for 5-10 s using an immersion method. 
Micrographs were taken at three different locations on the disc, at dis
tances of 2 mm, 4 mm, and 6 mm from the center, to assess the micro
structural homogeneity and variations across the sample.

A custom MATLAB code was developed to conduct comprehensive 
microstructural analysis in accordance with the ASTM E1382 standard. 
The original optical microscopy image was first preprocessed using 
commercial image processing software to enhance contrast and clarity, 
ensuring accurate feature detection. Subsequently, grain boundaries 
were traced and extracted to generate a binary representation of the 
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microstructure using MATLAB's Image Processing Toolbox. The custom- 
developed code facilitated precise grain identification, indexing, and 
quantification, enabling detailed characterization of morphological pa
rameters such as grain size and distribution.

For EBSD analysis, the sectioned samples were first ground and 
mechanically polished, followed by electro-polishing in a 15% nitric 
acid + methanol solution at − 25 ◦C for 60 s. This electro-polishing step 
effectively removed the surface deformation layer introduced during 
mechanical preparation. EBSD data were collected using a Zeiss Cross
beam 340 SEM–FIB system operated at an accelerating voltage of 20 kV. 
Orientation maps were acquired with a step size of 0.5 μm. EBSD pat
terns were indexed using EDAX TEAM™ software, and the resulting 
datasets were processed and analyzed with OIM Analysis™ version 8. All 
microstructural characterizations, including optical microscopy and 
EBSD analyses, were conducted on the side section of the HPT-processed 
discs. In view of the specific microstructural phenomena observed in the 
Mg–1Zn–0.2Ca alloy, the present study focused on spatially resolved 
crystallographic techniques (EBSD) to provide a statistically significant 
correlation between local misorientation and mechanical hardening. 
While supplemental surface-sensitive or macro-scale diffraction tech
niques are often employed in diverse material systems to elucidate 
molecular or chemical states [28–30], the high-resolution orientation 
mapping and local strain analysis used here were deemed sufficient to 
identify the primary metallurgical drivers-texture reorientation and re
covery heterogeneity-responsible for the observed hardening.

Vickers hardness measurements were performed on the HPT- 
processed and heat-treated samples to evaluate their mechanical prop
erties. Hardness tests were conducted using a Vickers hardness tester 
(KOOPA microhardness tester MH1) with an applied load of 200 g and a 
dwell time of 10 s. Hardness measurements were performed on the side 
section of the HPT-processed discs at radial distances ranging from 1 mm 
to 6 mm from the center, with an interval of 1 mm, in order to evaluate 
the variation in mechanical response as a function of imposed strain.

3. Results

3.1. Initial microstructure and hardness of the as-cast alloy

Fig. 1 shows the optical microstructure of the as-cast Mg–1Zn–0.2Ca 
alloy prior to HPT processing. The microstructure is characterized by 
coarse, equiaxed grains with an average grain size of approximately 105 
μm, indicating a typical as-cast magnesium alloy structure formed under 
relatively low solidification rates. The presence of such large grains re
flects the absence of any prior thermomechanical processing and serves 
as a baseline condition for evaluating the effects of severe plastic 

deformation. The corresponding average microhardness of 49.5 Hv is 
relatively low, which is consistent with the coarse-grained structure and 
the limited contribution of grain boundary strengthening in the as-cast 
state. At this stage, the mechanical response of the alloy is mainly 
governed by solid-solution strengthening from Zn and Ca and by the 
intrinsic properties of the Mg matrix. This initial microstructure high
lights the significant potential for microstructural refinement and me
chanical enhancement through subsequent HPT processing.

3.2. Microstructural evolution after HPT processing

Fig. 2 presents optical micrographs of the Mg–1Zn–0.2Ca alloy after 
HPT processing at different numbers of rotations and radial distances 
from the disc center, illustrating the overall microstructural evolution 
induced by severe plastic deformation. With increasing HPT rotations 
and increasing radial distance, the microstructure appears progressively 
more refined, reflecting the increase in imposed shear strain during HPT 
processing. However, due to the resolution limitations of optical mi
croscopy at the selected magnification, the extent of grain refinement in 
heavily deformed regions is not clearly resolved in Fig. 2, particularly for 
samples subjected to higher rotations and located at larger radial dis
tances. In these regions, the microstructure appears as a highly 
deformed and featureless contrast, which is commonly observed in UFG 
magnesium alloys processed by severe plastic deformation when 
examined at low to moderate magnifications. To clearly reveal and 
quantitatively assess the refined grain structure, a representative con
dition corresponding to 3 HPT turns at a radial distance of 6 mm-where 
the highest strain is imposed-was selected for detailed examination. A 
magnified view of this condition, along with traced and highlighted 
grain boundaries, is presented in Fig. 3. This approach allows the grain 
refinement induced by HPT processing to be clearly visualized and 
accurately quantified, overcoming the limitations observed in Fig. 2.

Fig. 3a shows a magnified optical micrograph of the alloy. The 
microstructure is characterized by a highly refined grain structure with 
grains that are predominantly elongated along the shear direction, 
which is a typical feature of severe plastic deformation by HPT. The inset 
with traced grain boundaries highlights the ultrafine nature of the grains 
and confirms the effectiveness of grain boundary delineation used for 
quantitative analysis. Despite the severe deformation, the grain struc
ture appears relatively uniform, indicating that extensive grain subdi
vision and continuous dynamic recrystallization have occurred. The 
average grain size measured from this condition is approximately 1.5 
μm, representing a drastic refinement compared to the as-cast state.

Fig. 3b shows the corresponding grain size frequency histogram 
obtained from image analysis of the microstructure shown in Fig. 3a. 
The distribution spans grain sizes primarily between ~0.5 and 3 μm, 
with a peak centered around ~1–2 μm, confirming the dominance of 
ultrafine grains. The slightly asymmetric tail toward larger grain sizes 
suggests the presence of a limited fraction of relatively coarser grains, 
which may be associated with incomplete recrystallization or local 
strain heterogeneities. Nevertheless, the narrow overall distribution 
indicates a high degree of microstructural uniformity at this radial po
sition. The UFG structure and relatively uniform grain size distribution 
achieved after 3 HPT turns are consistent with the observed increase in 
microhardness to 91.6 Hv, which can be mainly attributed to grain 
boundary strengthening in accordance with the Hall–Petch relationship, 
along with the high dislocation density introduced during HPT 
processing.

Fig. 4 illustrates the variation in Vickers hardness of the 
Mg–1Zn–0.2Ca alloy as a function of distance from the disc center 

Table 1 
Chemical composition of the Mg–1Zn-0.2Ca used in this study.

Element Mg Si Zn Al Be Ca Fe Pb

Weight (%) 98.60967 0.05 1.001 0.04 0.00123 0.212 0.003 0.0129

Fig. 1. Optical micrograph of the as-cast Mg–1Zn–0.2Ca alloy.
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(Fig. 4a) and total effective strain (Fig. 4b) for different numbers of HPT 
turns, along with the as-cast condition for comparison. Fig. 4a shows 
that HPT processing leads to a pronounced increase in hardness 

compared to the as-cast alloy, which exhibits an average hardness of 
approximately 49.5 Hv and remains essentially constant across the disc 
radius. In contrast, all HPT-processed samples display significantly 

Fig. 2. Optical micrographs of the Mg–1Zn–0.2Ca alloy after HPT processing at different numbers of rotations and radial distances from the disc center.

Fig. 3. (a) Magnified optical micrograph of the Mg–1Zn–0.2Ca alloy processed by 3 HPT turns at a radial distance of 6 mm, (b) Grain size frequency histogram 
corresponding to the microstructure in (a).
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higher hardness values, with the hardness generally increasing with 
both the number of HPT turns and radial distance from the center. This 
trend reflects the non-uniform strain distribution inherent to the HPT 
process, where the imposed shear strain increases with increasing 
radius. At lower rotations (1/2 and 1 turn), a noticeable hardness 
gradient is observed, indicating incomplete microstructural homogeni
zation. With increasing rotations (2 and 3 turns), the hardness distri
bution becomes more uniform, particularly at larger radial distances, 
suggesting the approach toward a saturation state in strain-induced 
strengthening.

Fig. 4b presents the hardness as a function of total effective strain, 
combining data from different radial positions and HPT turns. A clear 
positive correlation between hardness and effective strain is observed 
for all processing conditions. The hardness increases rapidly at lower 
strains and tends to level off at higher strains, indicating the onset of 
saturation in strengthening. This behavior is consistent with the evolu
tion toward an ultrafine-grained structure and a high dislocation density 
with increasing strain. The highest hardness values, approaching 90–95 
Hv, are achieved at the largest effective strains corresponding to higher 
HPT turns and outer disc regions. The hardness evolution shown in Fig. 4
confirms that the enhancement in mechanical properties of the 
Mg–1Zn–0.2Ca alloy is governed primarily by strain accumulation 
during HPT processing, which promotes grain refinement and defect 
strengthening, in agreement with the microstructural observations 
presented in Figs. 2 and 3.

3.3. Hardness evolution during Post-HPT annealing

Fig. 5 presents the variation in Vickers hardness and the 

corresponding optical microstructures of the HPT-processed 
Mg–1Zn–0.2Ca alloy during annealing at 300 (5a), 325 (5b), 350 (5c), 
375 (5d), and 400 ◦C (5e) for different holding times. At all investigated 
temperatures, the hardness exhibits a non-monotonic dependence on 
annealing time, characterized by an initial decrease followed by a partial 
increase at longer holding times. At 300 ◦C (Fig. 5a), the hardness shows 
relatively small fluctuations with annealing time and remains at a 
comparatively high level throughout the investigated duration. The 
hardness evolution at 300 ◦C initially presents a subtle 'decrease-in
crease-decrease' pattern; however, the substantial overlap of error bars 
between the 200 s and 300 s intervals suggests these fluctuations remain 
within the margin of experimental scatter and do not represent a sta
tistically significant deviation. At 325 ◦C (Fig. 5b), a more pronounced 
hardness variation is observed, with a clear minimum at intermediate 
annealing times followed by a noticeable increase at longer times. At 
350 ◦C (Fig. 5c), a similar non-monotonic trend is observed; the hard
ness decreases significantly at intermediate times and subsequently in
creases at longer annealing times, although the minimum hardness is 
lower than that at 325 ◦C. At higher temperatures of 375 ◦C and 400 ◦C 
(Fig. 5d and e), the hardness decreases more rapidly with annealing 
time, reaching lower minimum values, and shows a partial recovery at 
prolonged holding times.

The corresponding optical micrographs in Fig. 5 reveal progressive 
microstructural evolution with increasing annealing time at all tem
peratures. At shorter annealing times, the microstructure retains fea
tures associated with the severely deformed UFG state. With increasing 
annealing time, the microstructure becomes more homogeneous and 
grain boundaries become more clearly defined. The extent and rate of 
microstructural evolution increase with annealing temperature, with 
more pronounced structural changes observed at 375 and 400 ◦C 
compared to 300, 325, and 350 ◦C. Fig. 5 demonstrates that both 
annealing temperature and holding time significantly influence the 
hardness response and microstructural development of the HPT- 
processed Mg–1Zn–0.2Ca alloy. To ensure a clear characterization of 
the hardening mechanism, 325 ◦C was selected as the representative 
temperature for detailed microstructural analysis. This temperature 
provides a stable and well-defined manifestation of the secondary 
hardening peak within the investigated time frame, effectively 
balancing the relatively sluggish kinetics of the 300 ◦C condition with 
the rapid microstructural evolution observed at 400 ◦C.

Fig. 6 presents a detailed microstructural characterization of the 
HPT-processed Mg–1Zn–0.2Ca alloy annealed at 325 ◦C for different 
holding times, based on quantitative analysis of optical microscopy 
images. The figure combines representative optical micrographs, cor
responding grain size frequency histogram, and grain size distribution 
maps obtained through image-based grain boundary tracing in accor
dance with the ASTM E1382 standard. For the sample annealed for 150 s 
(Fig. 6a2), the grain size frequency histogram is relatively narrow and 
unimodal, with the majority of grains concentrated between approxi
mately 1 and 2 μm and a limited fraction of grains larger than ~3 μm. 
This indicates a predominantly fine-grained microstructure with mod
erate grain size dispersion. After annealing for 200 s (Fig. 6b2), the grain 
size frequency histogram becomes noticeably broader and more asym
metric. While a significant fraction of grains remains in the fine-grained 
range, the distribution develops a pronounced tail extending toward 
larger grain sizes, reaching up to approximately 6–7 μm. This reflects an 
increase in grain size heterogeneity at this annealing time.

At an annealing time of 250 s (Fig. 6c2), the grain size frequency 
histogram becomes narrower again compared to the 200 s condition. 
The majority of grains are concentrated around 1–2 μm, and the fraction 
of coarse grains is reduced, indicating a more uniform grain size dis
tribution across the analyzed area. With further annealing to 300 s 
(Fig. 6d2), the grain size frequency histogram shows no significant 
change, and the majority of grains remain within the UFG regime. The 
grain size frequency distributions reveal a non-monotonic evolution of 
grain size dispersion with annealing time at 325 ◦C, characterized by 

Fig. 4. Variation of Vickers hardness of the Mg–1Zn–0.2Ca alloy after HPT 
processing: (a) hardness as a function of distance from the disc center for 
different numbers of HPT turns, including the as-cast condition; (b) hardness as 
a function of total effective strain.
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alternating stages of broadening and narrowing of the distributions. 
These quantitative observations provide important input for the subse
quent EBSD-based analysis of the microstructural state.

3.4. EBSD analysis of microstructural evolution

Fig. 7 presents EBSD inverse pole figure (IPF), grain orientation 
spread (GOS), and kernel average misorientation (KAM) maps of the 
HPT-processed Mg–1Zn–0.2Ca alloy annealed at 325 ◦C for 200, 250, 
and 300 s, providing quantitative insight into the evolution of crystal
lographic orientation, intragranular misorientation, and local lattice 
strain. For the sample annealed for 200 s (Fig. 7a1–a3), the IPF map 
reveals a fine-grained microstructure with a broad distribution of crys
tallographic orientations and no pronounced texture. The corresponding 
GOS map shows that the majority of grains exhibit very low GOS values, 
with approximately 90.4% of grains having GOS ≤1◦, while only a small 
fraction displays higher GOS values. Similarly, the KAM map indicates 
that about 93.0% of the area exhibits KAM ≤1◦, with limited regions 
showing higher local misorientation. These results indicate a 

microstructure that is largely strain-relieved but still contains isolated 
regions of residual intragranular misorientation.

After annealing for 250 s (Fig. 7b1–b3), the IPF map continues to 
show a fine-grained structure with increased grain size heterogeneity. 
The GOS distribution remains dominated by low values; however, the 
fraction of grains with GOS >1◦ increases slightly compared to the 200 s 
condition. Correspondingly, the KAM map shows a modest increase in 
the fraction of regions with KAM >1◦, indicating a higher degree of local 
lattice misorientation and strain heterogeneity at this annealing time, 
although low-KAM regions still dominate the microstructure. With 
further annealing to 300 s (Fig. 7c1–c3), the IPF map shows a more 
uniform and equiaxed grain structure. The GOS map indicates a further 
increase in the fraction of grains with very low GOS values, with 
approximately 93.9% of grains exhibiting GOS ≤1◦, suggesting a 
reduction in intragranular misorientation. Consistently, the KAM map is 
strongly dominated by low misorientation values, with approximately 
97.1% of the area exhibiting KAM ≤1◦, indicating a more homogeneous 
and strain-relieved microstructural state.

The EBSD results demonstrate a subtle but non-monotonic evolution 

Fig. 5. Variation of Vickers hardness and corresponding optical microstructures of the HPT-processed Mg–1Zn–0.2Ca alloy during annealing at different temper
atures: (a) 300 ◦C, (b) 325 ◦C, (c) 350 ◦C, (d) 375 ◦C and (e) 400 ◦C. Hardness is shown as a function of annealing time, with optical micrographs taken at selected 
holding times to illustrate the evolution of the microstructure.
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of intragranular misorientation and local lattice strain with annealing time at 325 ◦C. While low-GOS and low-KAM regions dominate at all 

Fig. 5. (continued).
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annealing times, a relative increase in misorientation heterogeneity is 
observed at 250 s, followed by a more uniformly strain-relieved 
microstructure at 300 s. These EBSD observations provide a quantita
tive basis for interpreting the anomalous hardness evolution observed 
during annealing at this temperature.

Fig. 7 presents overall the EBSD analysis of the samples annealed at 
325 ◦C for 200 s and 250 s, indicating a fine-grained microstructure with 
generally low intragranular misorientation. To further examine the local 
microstructural characteristics underlying these observations, Figs. 8 

and 9 provide a more detailed EBSD analysis of selected regions from the 
samples annealed for 200 s and 250 s, respectively. For the sample 
annealed for 200 s (Fig. 8), the high-magnification IPF maps confirm a 
refined and equiaxed grain structure with a random orientation distri
bution. The corresponding GOS maps show that a large majority of the 
grains exhibit low orientation spread, with approximately 90.5% of the 
grains having GOS values below 2◦, indicating that most grains are in a 
relatively well-recovered state. The KAM maps further support this 
observation, as most of the scanned area exhibits KAM values below 2◦, 

Fig. 6. Detailed microstructural analysis of the HPT-processed Mg–1Zn–0.2Ca alloy annealed at 325 ◦C for different holding times: (a) 150 s, (b) 200 s, (c) 250 s, and 
(d) 300 s. For each condition, (1) optical micrograph, (2) grain size frequency histogram obtained from image analysis following ASTM E1382, and (3) corresponding 
grain size distribution map generated by traced grain boundaries.
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reflecting a generally low level of local lattice misorientation, with only 
limited regions showing higher local strain.

In the case of the sample annealed for 250 s (Fig. 9), the IPF maps 
again reveal a fine-grained and equiaxed microstructure with improved 
spatial uniformity. The GOS maps indicate that the fraction of grains 
with GOS values below 2◦ decreases to approximately 77.4%, suggesting 
a more heterogeneous distribution of intragranular misorientation 
compared to the 200 s condition. Nevertheless, the KAM maps show that 
the majority of the analyzed area still exhibits KAM values below 2◦, 
indicating that low local misorientation remains dominant despite the 
increased heterogeneity observed in the GOS distribution. A comparison 
between Figs. 8 and 9 demonstrates that, although both annealing 
conditions are characterized by predominantly low-misorientation mi
crostructures, the distribution of intragranular misorientation becomes 
more heterogeneous at 250 s, as reflected by the reduced fraction of 
grains with GOS below 2◦. These detailed EBSD observations are 
consistent with the large-area trends presented in Fig. 7 and provide 
important insight into the evolving microstructural state at intermediate 
annealing times.

Fig. 10 presents the statistical analysis of grain size distribution and 
grain boundary misorientation angle distribution for the samples 
annealed at 325 ◦C for 200 s, 250 s, and 300 s, corresponding to Fig. 10a, 
b, and 10c, respectively. For the sample annealed for 200 s (Fig. 10a1), 
the grain size distribution is dominated by fine grains, with the majority 

of grains smaller than 2 μm and an average grain size of approximately 
1.62 μm. The distribution is right-skewed, with a small fraction of larger 
grains extending toward higher grain sizes. The corresponding misori
entation angle distribution (Fig. 10a2) shows a broad range of misori
entation angles, with a high fraction of high-angle grain boundaries, 
indicating a largely recrystallized or recovered grain structure.

After annealing for 250 s (Fig. 10b1), the grain size distribution shifts 
slightly toward larger sizes, and the average grain size increases to 
approximately 1.82 μm. Although fine grains still dominate the micro
structure, the frequency of larger grains increases, indicating ongoing 
grain growth. The misorientation angle distribution (Fig. 10b2) remains 
broad and is similar to that of the 200 s condition, with high-angle grain 
boundaries continuing to dominate. For the sample annealed for 300 s 
(Fig. 10c1), a further shift toward larger grain sizes is observed, with the 
average grain size increasing to approximately 1.97 μm. The grain size 
distribution becomes slightly broader, reflecting continued grain growth 
with increasing annealing time. The corresponding misorientation angle 
distribution (Fig. 10c2) again shows a predominance of high-angle grain 
boundaries, with no substantial change in the overall shape of the dis
tribution compared to shorter annealing times. The statistical analysis 
demonstrates a gradual increase in average grain size with increasing 
annealing time, while the misorientation angle distributions remain 
largely similar for all conditions, indicating that annealing primarily 
affects grain growth rather than significantly altering the grain 

Fig. 7. EBSD characterization of the HPT-processed Mg–1Zn–0.2Ca alloy annealed at 325 ◦C for different holding times: (a) 200 s, (b) 250 s, and (c) 300 s. For each 
condition, IPF maps (1), grain GOS maps (2), and KAM maps (3) are shown.
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boundary character distribution.
Fig. 11 presents the pole figures of the Mg–1Zn–0.2Ca alloy annealed 

at 325 ◦C for 200 s, 250 s, and 300 s, showing the orientation distri
bution of the (0001), (10 1 0), and (112 0) planes. For the samples 
annealed for 200 s and 250 s (Fig. 11a and b), the overall shape and 

distribution of the pole figures remain largely similar for all three pole 
figures, indicating that the general texture components are preserved 
during annealing up to 250 s. In particular, no significant redistribution 
of orientation density is observed for the (10 1 0), and (112 0) poles. 
However, a noticeable reduction in the maximum pole intensity is 

Fig. 8. Detailed EBSD analysis of the Mg–1Zn–0.2Ca alloy annealed at 325 ◦C for 200 s. (a) IPF map showing selected regions for local analysis. (b1) Enlarged IPF 
map of region b with the corresponding KAM map (b2). (c1) Enlarged IPF map of region c with the corresponding GOS map (c2) and KAM map (c3), illustrating local 
variations in grain orientation and intragranular misorientation.

Fig. 9. Detailed EBSD analysis of the Mg–1Zn–0.2Ca alloy annealed at 325 ◦C for 250 s. (a) IPF map showing selected regions for local analysis. (b1) Enlarged IPF 
map of region b with the corresponding KAM map (b2). (c1) Enlarged IPF map of region c with the corresponding GOS map (c2) and KAM map (c3), illustrating local 
variations in grain orientation and intragranular misorientation.
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observed in the (0001) pole figure at 250 s, suggesting a weakening of 
basal texture intensity without a fundamental change in texture type.

After annealing for 300 s (Fig. 11c), discernible changes are observed 
in the pole figures for all three planes. The orientation density becomes 
more redistributed, and the intensity patterns differ from those observed 
at shorter annealing times. These changes indicate a modification of the 
overall texture state after prolonged annealing, reflecting further 
microstructural evolution beyond simple texture weakening. The pole 
figure analysis demonstrates that annealing at 325 ◦C up to 250 s pri
marily leads to a reduction in texture intensity—particularly for the 
(0001) pole—while preserving the general texture characteristics, 
whereas longer annealing times (300 s) result in a more pronounced 
change in the crystallographic orientation distribution.

4. Discussion

The hardness evolution of the HPT-processed Mg–1Zn–0.2Ca alloy 
during annealing exhibits a non-monotonic trend that cannot be 
explained solely by conventional annealing arguments. Although 
annealing generally promotes recovery, recrystallization and grain 
growth, leading to softening, an abnormal increase in hardness is 
observed at intermediate and longer annealing times. This behavior can 
be rationalized by considering the combined effects of heterogeneous 

recovery rate and crystallographic orientation–dependent deformation 
behavior. EBSD analysis reveals that annealing for 250 s results in a 
heterogeneous recovery rate, characterized by the coexistence of well- 
recovered grains and grains retaining higher intragranular misorienta
tion. While KAM remains low over most of the microstructure, the 
reduced fraction of grains with low GOS indicates that recovery is not 
spatially uniform. During indentation, this heterogeneity leads to strain 
partitioning between regions with different recovery states, generating 
back-stress and additional constraint at grain boundaries. This 
constraint-controlled deformation increases the apparent resistance to 
indentation, giving rise to abnormal hardening despite the overall 
progress of recovery.

A notable feature of the EBSD analysis is the decrease in the fraction 
of grains with GOS <2◦ at 250 s, accompanied by an increase in the 
population of higher GOS values. At first glance, this behavior appears 
contradictory, since annealing is generally expected to promote recov
ery, reduce internal strain, and consequently increase the fraction of 
low-GOS grains. However, it is important to recognize that GOS reflects 
the average internal misorientation within each grain relative to its 
mean orientation, where low values (<2◦) indicate reduced internal 
lattice distortion and a more stabilized state, while higher values 
correspond to greater internal orientation gradients. The observed in
crease in higher GOS fractions at 250 s suggests that the microstructure 

Fig. 10. Statistical analysis of grain size distribution (1) and grain boundary misorientation angle distribution (2) for the Mg–1Zn–0.2Ca alloy annealed at 325 ◦C for 
(a) 200 s, (b) 250 s, and (c) 300 s.
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at this stage is not in a steady recovery regime but rather in a transitional 
state. During this intermediate stage, previously relaxed grains may 
undergo crystallographic reorientation, boundary migration, or sub
grain rearrangement, processes that can temporarily increase internal 
orientation spread. In UFG HPT-processed materials, grain boundaries 
are highly strained and may become mobile during annealing, and their 
migration can induce local lattice rotations that are detected as elevated 
GOS values. Furthermore, the evolution of basal texture observed in the 
present study implies ongoing crystallographic adjustment, which can 
locally increase internal misorientation even while overall recovery 
progresses. Therefore, the decrease in low-GOS fraction at 250 s reflects 
spatially non-uniform and non-monotonic strain relaxation rather than a 
contradiction to annealing theory. The subsequent increase in low-GOS 
grains at longer annealing time (300 s) supports the interpretation that 
250 s represents a transient microstructural adjustment stage prior to 
further stabilization.

The inverse pole figure maps and pole figure analysis indicate a 
concurrent evolution in crystallographic orientation. After 300 s, a large 
fraction of grains rotate such that the (0001) basal plane becomes 
preferentially aligned parallel to the observation surface, placing the 
indentation direction approximately perpendicular to the basal plane. 
Under this orientation condition, basal slip—normally the easiest 
deformation mode in magnesium—is geometrically unfavorable. As a 
result, plastic deformation during indentation must proceed predomi
nantly through prismatic and pyramidal slip systems, which possess 

significantly higher critical resolved shear stresses than basal slip. The 
activation of these non-basal slip systems increases lattice friction and 
raises the effective flow stress required for deformation. Consequently, 
deformation accommodation becomes more difficult, leading to an 
increased resistance to indentation and a corresponding increase in 
hardness. This texture-induced hardening effect becomes increasingly 
pronounced at longer annealing times, after the initial softening asso
ciated with recovery has largely saturated. Therefore, the abnormal 
hardening observed during annealing arises from a synergistic interplay 
between heterogeneous recovery rate at intermediate annealing times 
and texture-controlled deformation mechanisms at longer annealing 
times. While recovery and recrystallization govern the initial softening 
behavior, the subsequent evolution of crystallographic orientation plays 
an important role in determining the post-annealing mechanical 
response. These results highlight the necessity of considering both 
microstructural heterogeneity and texture evolution when interpreting 
the mechanical behavior of severely deformed magnesium alloys sub
jected to annealing.

It should be noted that the texture intensity values reported in Fig. 11
correspond to the maximum values shown on the color scale rather than 
the exact peak intensity, and therefore should be interpreted qualita
tively. The hardness evolution cannot be directly correlated with texture 
intensity alone. At intermediate annealing time (250 s), although the 
overall texture intensity decreases, EBSD analysis reveals increased 
heterogeneity in grain orientation spread, indicating non-uniform 

Fig. 11. Pole figures of the Mg–1Zn–0.2Ca alloy annealed at 325 ◦C for (a) 200 s, (b) 250 s, and (c) 300 s, showing the orientation distribution of the (0001), (10 1 0), 
and (112 0) planes.
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recovery. This heterogeneous microstructural state promotes strain 
partitioning and back-stress strengthening during indentation, leading 
to an increase in hardness. With further annealing to 300 s, the micro
structure becomes more uniformly recrystallized and heterogeneity is 
reduced. In this stage, texture evolution plays a more dominant role, 
where crystallographic reorientation—particularly the alignment of 
basal planes—modifies the deformation geometry and promotes the 
activation of harder non-basal slip systems. Therefore, the observed 
hardness evolution results from the interplay of heterogeneous recovery, 
recrystallization, and texture evolution, with their relative contributions 
changing as a function of annealing time.

As a summary, during annealing at 325 ◦C, the mechanical response 
is governed by the competition between softening mechanisms—namely 
recovery, recrystallization, and grain growth—and the hardening 
mechanisms identified in this study. The initial reduction in hardness is 
attributed to the combined effect of dislocation recovery within the 
deformed matrix and the nucleation of strain-free recrystallized grains, 
as evidenced by the decrease in KAM and GOS values. However, the 
subsequent secondary hardening indicates that the strengthening 
contribution from misorientation heterogeneity and crystallographic 
reorientation outweighs the softening effects of recrystallization and 
grain coarsening. This distinction is supported by the EBSD data, which 
shows that the hardening coincides with a significant weakening of the 
basal texture, even as the recrystallized area fraction continues to 
evolve.

The present hardening behavior can be interpreted within the 
broader framework of AH reported for HPT-processed materials, where 
defect reconfiguration and microstructural stabilization lead to an in
crease in hardness even after initial recovery. As reviewed by Gubicza 
[31], AH in fine-grained materials can arise from several defect- and 
boundary-related mechanisms, including grain boundary relaxation, 
annihilation of mobile dislocations, reduction in the density of easy 
dislocation sources, and the evolution of a hard crystallographic texture. 
Importantly, these strengthening effects occur even when grain size 
remains constant or increases slightly, indicating that defect reconfi
guration rather than grain refinement governs the response.

Early investigations on HPT-processed ultrafine-grained Ni3Al 
showed that annealing transformed non-equilibrium grain boundaries 
into more stable configurations, which correlated with an increase in 
hardness. This led to the concept of non-equilibrium grain boundary 
“transparency,” whereas-deformed boundaries facilitate easier defor
mation while relaxed boundaries hinder dislocation transmission [32]. 
Similar conclusions were drawn in UFG Ni–Mo alloys, where hardening 
was attributed to the annihilation of mobile dislocations combined with 
the clustering of remaining dislocations into low-energy configurations. 
In these cases, annealing reduced the density of mobile defects while 
decreasing the availability of dislocation sources, resulting in higher 
resistance to plastic flow [33]. In Mg–Zn–Ca alloys specifically, Horky 
et al. [24] suggested that high vacancy concentrations from HPT can 
lead to the formation of vacancy agglomerates and dislocation loops 
during heat treatment, acting as strong obstacles to dislocation motion.

These studies collectively demonstrate that AH is a reproducible 
phenomenon across a wide range of materials. In nanostructured Cu–Al 
alloys, annealing promoted the formation of nanoscale twins due to high 
residual stresses, leading to enhanced strength [34]. Similarly, AH has 
been observed in high-entropy [35,36] and medium-entropy [37] alloys, 
where strengthening was attributed to dislocation rearrangement, grain 
boundary relaxation, or precipitation phenomena. Other systems show 
chemical contributions; for instance, in Al–Zn alloys [38], unusual 
hardening was linked to spinodal decomposition, and in Ti/Al2O3 
nanocomposites [39], strengthening was attributed to the dissolution of 
alloying elements and formation of interfacial reaction products. Ulti
mately, the literature establishes that AH in HPT-processed materials is 
not anomalous but a characteristic response of highly defected UFG 
microstructures.

The literature establishes that AH in HPT-processed materials is not 

anomalous but rather a characteristic response of highly defected UFG 
microstructures. The dominant mechanisms generally involve defect 
annihilation accompanied by structural stabilization of grain bound
aries, reduction of mobile dislocation sources, and in some cases solute 
redistribution or defect clustering, all of which increase the resistance to 
subsequent plastic deformation despite partial recovery. Taken together 
with the microstructural and texture analyses presented earlier, the 
present hardening behavior can therefore be interpreted within the 
broader framework of AH reported for HPT-processed materials, where 
defect reconfiguration and microstructural stabilization during anneal
ing lead to an increase in hardness even after an initial recovery stage.

5. Conclusions

The present study systematically examined the microstructural 
evolution and hardness behavior of an Mg–1Zn–0.2Ca alloy processed 
by HPT and subsequently annealed at different temperatures and times. 
Particular emphasis was placed on clarifying the origin of the abnormal, 
non-monotonic hardness variation observed during post-deformation 
annealing. 

1. The initial grain size of ~105 μm was refined to the ultrafine range 
through HPT processing and subsequent annealing (300–400 ◦C), 
yielding average grain sizes of 1.62–1.97 μm depending on annealing 
time. Subsequent annealing at 300–400 ◦C produced a non- 
monotonic hardness evolution characterized by an initial softening 
stage followed by a distinct hardness increase with increasing 
annealing time. This abnormal behavior was consistently observed 
across the investigated temperature range, indicating that the 
hardening phenomenon is intrinsic to the post-HPT microstructural 
evolution.

2. Quantitative optical microscopy analysis demonstrated progressive 
grain coarsening during annealing at all temperatures. Since the 
hardness increase occurred despite grain growth, the abnormal 
hardening cannot be attributed to grain refinement or conventional 
Hall–Petch strengthening, suggesting the operation of alternative 
strengthening mechanisms.

3. EBSD characterization revealed a reduction in KAM and GOS at in
termediate annealing times, indicating heterogeneous recovery rate 
within the UFG microstructure. The redistribution of internal strain 
during this stage contributes to the initial softening and modifies the 
subsequent mechanical response.

4. With prolonged annealing, significant changes in crystallographic 
texture were observed, particularly a weakening of the basal texture 
intensity accompanied by crystallographic reorientation of grains. 
These textural modifications alter the deformation geometry under 
indentation and contribute to the increased resistance to plastic 
deformation.

5. The abnormal hardening during annealing is therefore governed by 
the combined influence of heterogeneous recovery rate and basal 
texture modification rather than grain refinement. The results 
demonstrate that controlled annealing after severe plastic deforma
tion can substantially alter the mechanical response of UFG Mg alloys 
through microstructural and crystallographic evolution, providing 
insight into strength tailoring strategies for magnesium-based 
materials.
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