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Editorial

Multi-Scale Simulation of Metallic Materials (2nd Edition)

Changming Fang

Brunel Centre for Advanced Solidification Technology (BCAST), Brunel University London,
Uxbridge UB8 3PH, UK; changming.fang@brunel.ac.uk

1. Introduction

Metallic materials are some of the most important engineering materials. Current
developments in our society are leading to an increasing demand for diverse novel metallic
materials with desirable properties. Furthermore, there is an urgent need for these metallic
materials to be manufactured in an environmentally friendly way with low energy costs, in
addition to a demand for the sustainable recycling of metallic scrap/waste which contains
a rich variety of impurities [1]. To reach such goals, the use of both experimental and
theoretical tools to obtain comprehensive knowledge regarding metallic materials on scales
ranging from the atomic-, micro-, meso- to macroscopic-level is essential.

Great efforts have been made to design novel ferrous metals and light metals in-
cluding Al and Mg from, e.g., metallic scraps [2]. Moreover, improving the mechanical
performance of metallic materials is a big challenge for their application. Among the major
alloy-strengthening mechanisms, the uniform dispersion of nanoscale secondary phase
precipitates is particularly effective. Ceramic materials have been added into metal matrices
to produce nanocomposites that exhibit excellent mechanical performance [3,4]. In addition
to this, new types of metallic materials, such as multicomponent high-entropy alloys [5],
have been intensively explored.

Recent progress in computational capability and modeling techniques has promoted
the application of multiscale simulation techniques in metallic materials [6]. Multiscale
simulations which combine existing and emerging methods are currently being employed
to incorporate a wide range of time and space scales that are inherent to various disciplines.
Moreover, combining experimental observations and multiscale modeling provides us with
a comprehensive understanding of the engineering processes and physical properties of
metallic products.

Considering this, this Special Issue aims to improve our understanding of the struc-
tural, microstructural, and physical properties of complex metallic materials via multiscale
approaches, including thermodynamics, finite element methods, and ab initio molecular
dynamics simulations.

2. Overview of the Contributions

Zabojszcza and colleagues contributed a paper entitled “Verification of Numeric Mod-
els of Steel Bar Coverings Using Experimental Tests—Preliminary Study’ (Contribution 1).
Construction failures causing damage in load-bearing structures made of steel are consid-
ered some of the most severe structural failures, not only in terms of material loss but also
in terms of potential human casualties. The mitigation of these occurrences is decisive in the
design of steel roofs. This work aimed to verify and assess the accuracy of a macroscopic
numerical model of a metal bar roof by conducting experimental studies. The structure
covered by the metal bar roof was characterized by a strongly nonlinear static response;
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ignoring these nonlinear effects leads to large computational errors. The authors performed
a series of repeatable experimental tests on the structure model to determine the path of
static equilibrium and the form of stability loss of the steel covering using the relation
between the load and the displacements of nodes. The displacements of the nodes were
verified using precise triangulation laser sensors and electronic sensors. For a low-rise
bar covering, the inclusion of imperfections is particularly important, which significantly
affects the local and overall stability of the structure. The obtained information helps us
to understand the accuracy and reliability of numerical models. In turn, it contributes
to the development of improved methods for the analysis of metal bar roof structures in
future works.

Quan et al. presented their work ‘A Characterization of the Powder Yield Behaviors
During a Hot Isostatic Pressing Process” (Contribution 2). It has been well-established
that temperature plays a crucial role in determining material properties during the hot
isostatic pressing of powders. It is therefore essential to account for its effect on the yield
model parameters in order to accurately and reliably describe the densification evolution
of powders. The authors developed a mesoscopic, particle-scale, high-temperature uniaxial
compression model based on the discrete element method. The predicted relations between
strain and stress and corresponding densities in the high-temperature uniaxial compression
simulations were verified via experiments. The authors analyzed the strain evolution
during the uniaxial compression process and discovered the relationship between the
parameters of the Shima-Oyane model and temperature. Based on the obtained parameters,
they created a yield stress map for the nickel-based alloy to act as an example. The
accuracy /reliability of the model was verified by comparing the experimental results
with the finite element method (FEM) simulations. This study contributes to a more
reliable prediction of densification behavior in the thermally driven isostatic pressing of
metallic materials.

Jacobson and colleagues provided their recent work entitled “Extending Density Phase-
Field Simulations to Dynamic Regimes’ (Contribution 3). Grain boundaries play a crucial
role in determining the physical properties of metallic materials. Density-based phase-field
(DPF) methods have emerged as a technique for simulating grain boundary thermody-
namics and kinetics. Compared to the classical phase-field, DPF gives a more physical
description of the grain boundary structure and chemistry. It bridges the gap between
CALPHAD databases and atomistic simulations and it thus has potential applications in
grain boundary and segregation engineering. The authors generated a generic DPF free
energy functional which was used to carry out a series of equilibrium and dynamic simula-
tions of grain boundaries, producing relations such as grain boundary width vs. gradient
energy coefficient, grain boundary velocity vs. applied driving force, and spherical grain
radius vs. time. These relations are compared with analytical solutions and the behavior of
physical grain boundaries and are used to assess the validity of the coupled DPF model.
A good agreement was reached between the tested quantities and established theories of
grain boundary behavior, which indicated that coupling density fields with traditional
order parameters in DPF simulations is an excellent approach for making DPF simulations
dynamic and for improving the simulation’s performance and accuracy.

Andersson and Lundbéck provided their work “‘Modeling the Evolution of Grain Tex-
ture during Solidification of Laser-Based Powder Bed Fusion Manufactured Alloy 625 Using
a Cellular Automata Finite Element Model” (Contribution 4). In additive manufacturing,
the materials are added through a layer-by-layer method. Then, by subsequently melting
the added material with a heat source, it is fused into a solid structure. The grain texture of
the as-printed material evolves during the laser-based powder bed fusion (PBF-LB) process.
The resulting mechanical properties depend on the obtained grain texture and the chosen
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process parameters, including scan velocity and laser power. The researchers developed
a coupled 2D Cellular Automata and Finite Element model (2D CA-FE) to predict the
evolution of the grain texture during solidification of the nickel-based superalloy 625 pro-
duced by PBF-LB. The finite element (FE) model predicted the temperature history of the
building and the CA model made predictions of nucleation and grain growth based on the
temperature history. The 2D CA-FE model captured the solidification behavior observed
in PBF-LB, such as competitive grain growth plus equiaxed and columnar grain growth.
Three different nucleation densities for heterogeneous nucleation were investigated. The
optimized nucleation density was found to give the best result as compared to the existing
EBSD data in the literature. With the selected nucleation density, the predicted aspect ratio
and grain size distribution of the simulated grain texture agreed well with the observed
textures from EBSD in the literature.

Bin Abd Rahim et al. published the paper ‘Assessing Fatigue Life Cycles of Material
X10CrMoVNDb9-1 through a Combination of Experimental and Finite Element Analysis’
(Contribution 5). The authors combined experiments and theoretical modeling for investi-
gating fatigue crack initiation and propagation of the material X10CrMoVNDb9-1 (P91) steel
under cyclic loading at room temperature. The Voronoi tessellation method was imple-
mented to generate an artificial microstructure model at the microstructure level; following
this, the finite element (FE) method was applied to identify different stress distributions.
The stress distributions for multiple artificial microstructures were analyzed by using the
physically based Tanaka-Mura model to estimate the number of cycles for crack initiation.
For the prediction of macro-scale and long-term crack formation, the Paris law was utilized
in this research. Experimental work on fatigue life with this material was performed, and
good agreement was found with the results obtained in FE modeling. The number of cycles
for fatigue crack propagation attains up to a maximum of 40% of the final fatigue lifetime
with a typical value of 15% in many cases. This physically based two-scale technique
significantly advances fatigue research, particularly in power plants, and paves the way for
rapid and low-cost virtual material analysis and fatigue resistance analysis in the context
of environmental fatigue applications.

Zeng and colleagues presented their results ‘Crystal Plasticity Finite Element
Simulation of Tensile Fracture of 316L Stainless Steel Produced by Selective Laser
Melting” (Contribution 6). In the current work, the authors employed a combination of
experimental observations and numeric modeling approaches to investigate the elective
laser melting (SLM) of 316L stainless steel. The influence of building direction and grain
boundary strength on the fracture parameters of SLM 316L stainless steel was studied using
electron backscatter diffraction (EBSD) experiments which characterized the microstructure
of the specimens. A representative volume element (RVE) model reflecting the microstruc-
ture of SLM 316L stainless steel was established based on a combination of the crystal
plastic finite element method (CPFEM) and UMAT subroutine technology. The crystal plas-
ticity parameters were obtained by means of analyzing the results of tensile tests. Cohesive
elements were employed and inserted at the grain boundaries of the polycrystalline RVE
to simulate the intergranular fracture behavior of SLM 316L stainless steel under uniaxial
tensile loading. The damage and fracture mechanisms of the material at the microscale
were analyzed. The simulated tensile stress—strain curves were in good agreement with the
experimental results; hence, the combined CPFEM model is suitable for characterizing the
mechanical response and fracture behavior of the steel. The results revealed that cracks
initiate at stress concentration sites and propagate along grain boundaries with increasing
external load, ultimately leading to rupture. Moreover, the building direction influences
the location of microcracks and their propagation significantly.
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Fang and Fan present their work ‘Crystal Chemistry at Interfaces Between Liquid
Al and Polar SiC{0001} Substrates” (Contribution 7) in the Special Issue. Silicon carbide
(SiC) has been widely added into light metals, e.g., Al and Mg, to enhance their mechanical
performance and corrosion resistance. SiC particle-reinforced metal matrix composites
(SiC-MMCs) exhibit low weight/volume ratios, high strength/hardness, high corrosion re-
sistance, and thermal stability. They have potential applications in aerospace, automobiles,
and other specialized equipment. The macro-mechanical properties of Al/SiC compos-
ites depend on the local structures and chemical interactions at the Al/SiC interfaces at
the atomic level. Moreover, the added SiC particles may act as potential nucleation sites
during solidification. The present authors investigated local atomic ordering and chemical
interactions at the interfaces between liquid Al (Al(l) in short) and the polar SiC substrates
using ab initio molecular dynamics (AIMD) methods. The simulations reveal a rich vari-
ety of interfacial interactions. Charge transfer occurs from Al(l) to C-terminating atoms
(Aq = 0.3 e/Alon average), while chemical bonding between interfacial Si and Al(I) atoms
is more covalent with a minor charge transfer of Aq = 0.04 e/Al. The prenucleation at both
interfaces is moderate with three to four recognizable layers. The information obtained
here helps increase understanding of the interfacial interactions at Al/SiC at the atomic
level and the related macro-mechanical properties, which is helpful in designing novel
SiC-MMC materials with desirable properties and optimizing related manufacturing and
machining processes.

Fiihrer et al. published the paper ‘Experimental Investigation of the Interplay
Between Al-, B-, and Ti-Nitrides in Microalloyed Steel and Thermodynamic Analysis’
(Contribution 8). The primary objective of this study was to accurately describe the mi-
crostructural evolution in the Fe-Al-B-Ti-C-N system using the Calphad approach, with
special emphasis on correctly predicting the dissolution temperatures of nitrides. The
authors built a multicomponent database through the incorporation of available binary and
ternary descriptions, employing the Calphad method. The experimental findings regarding
the solvus temperature of the involved nitrides were employed to validate the accuracy
of the thermodynamic database. The findings offered a comprehensive understanding of
the relative phase stabilities and the associated interplay among the involved elements Al,
B, and Ti in the Fe-rich corner of the system. The type and size distributions of the stable
nitrides in micro-alloyed steel have been demonstrated to exert a substantial influence on
the properties of the material, thereby rendering accurate predictions of phase stabilities of
considerable relevance.

3. Summary and Outlook

The second edition of this Special Issue of Metals was supported by various research
groups and a final book of eight high-quality peer-reviewed articles (Multi-scale Simulation
of Metallic Materials (2nd Edition) | Metals | MDPI). The success of this special issue will
be followed by an. other special issue (Advances in the Study of Metal Crystals) to accept
global contributions from the metal community.

Funding: This research received no external funding.

Conflicts of Interest: The author declares no conflicts of interest.
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A Characterization of the Powder Yield Behaviors During a Hot
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Abstract: The constitutive model significantly influences the accuracy of predicting the
complex rheological behavior of hot isostatically pressed powders. The temperature plays a
crucial role in determining material properties during hot isostatic pressing (HIP), making it
essential to account for its effect on the yield model parameters to more accurately describe
the densification evolution of powders. In this study, HIP experiments were conducted
using two different process schemes, and the shrinkage deformation of the envelope under
each scheme was analyzed. High-temperature uniaxial compression experiments were
performed on HIP samples with varying densities to analyze and characterize the stress—
strain response of the powder during HIP. A mesoscopic particle-scale high-temperature
uniaxial compression model was developed based on the discrete element method (DEM),
and the strain and stress values corresponding to different densities in the high-temperature
uniaxial compression simulations were validated through experimental comparison. The
strain evolution during the uniaxial compression process was analyzed, and the relationship
between the parameters of the Shima—-Oyane model and the temperature was established,
leading to the development of a temperature-compensated Shima—-Oyane model. Based on
the obtained parameters at various densities and temperatures, a yield stress map for the
nickel-based alloy was constructed. The accuracy of this model was verified by comparing
experimental results with finite element method (FEM) simulations. The findings of this
study contribute to a more precise prediction of densification behavior in thermally driven
isostatic pressing.

Keywords: hot isostatic pressing; nickel-based alloy; powder particle; densification

1. Introduction

Hot isostatic pressing (HIP) is an advanced materials-processing technology. It consol-
idates powders at high temperatures and pressures to produce fully dense, near-net-shape
components. Due to its ability to manufacture isotropic components with excellent me-
chanical properties, HIP is widely utilized in critical aerospace, biomedical, and energy
industries [1-3]. However, the component performance is governed by the complex inter-
play of thermos—mechanical phenomena, including time-temperature—pressure dependen-
cies, viscoplasticity deformation, and diffusion-driven pore closure [4,5]. These multiscale,
interdependent mechanisms occur nonlinearly across varying stages of densification, com-
plicating predictive modeling and optimization. Therefore, different constitutive equations
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are used to simulate the flow behavior and densification mechanisms of metal powders
during HIP process, such as the power-law creep equation [6,7], Drucker-Prager model [8],
the Can-Clay model [8], the Perzyna model [9,10], and the Shima—-Oyane model [11,12]. It is
worth noting that, although the Shima-Oyane model does not account for key mechanisms
in HIP such as diffusional creep, grain boundary diffusion, and pore surface tension effects,
it has nonetheless become a widely adopted approach for modeling densification, owing
to its broad applicability across a wide density range and its compatibility with various
alloy systems. Wang et al. [12] established a HIP densification map using the Shima—-Oyane
model. Liu’s group [13] utilized the Perzyna model to investigate titanium alloy compacts’
high-temperature plasticity and creep coupling behavior. Although the Shima—-Oyane
model is applied to most materials and provides highly accurate predictions across a
wide density range, the stresses in these materials are temperature-dependent. Based
on the subsequent simulation data and fitting results, it can be seen that the parameter
f”in the Shima-Oyane model exhibits an extremely strong temperature dependence. To
accurately characterize the density evolution behavior of powders during HIP, the effect of
the temperature on the yielding model parameters must be considered.

Since the powder materials cannot be regarded as standard volumetrically com-
pressible continua, significant strain, shrinkage, and deformation occur during the HIP
process [14,15]. The continuum model is only suitable for describing the overall shrinkage
and deformation of the powder during the HIP process. However, it has limitations in
accurately capturing the individual powder particles’ motion and deformation behavior.
Coupling the finite element method (FEM) with the discrete element method (DEM) en-
ables representation of the powder particle system as a solid continuum deformable body,
thereby achieving an accurate description of the powder flow, deformation, and contact
behavior. At present, this coupled approach has been successfully applied in the analysis
of powder densification mechanisms [16-20], the construction of yield surfaces [21,22], the
quantification of friction effects [23,24], and the simulation of compaction processes [25,26].
Elguezabal et al. [27] utilized the model to predict mechanical behavior at the mesoscopic
particle scale. Li et al. [28] established various initial packing structures and investigated
different densification mechanisms for three powders: single-particle powder, binary pow-
der, and powder with a normal particle size distribution. Zou et al. [29] conducted a
numerical reproduction of tungsten powder and examined the effects of the HIP process
parameters on its compaction behavior. To this end, it is essential to establish a cross-scale
correlation model linking macroscopic mechanical properties with microscopic particle dy-
namics to elucidate the densification mechanism of powders during HIP, thereby providing
theoretical support for process optimization and improving product performance.

In this study, the high-temperature uniaxial compression behavior of powder particles
was accurately simulated using a cross-scale coupled FEM-DEM approach, through which
a temperature-compensated Shima-Oyane-based model was developed. Firstly, a random
stacking structure of Inconel 625 powder was generated using the DEM. Subsequently, a
finite element model was introduced for a numerical simulation and analysis. Two different
HIP experimental schemes were conducted to evaluate the shrinkage behavior of HIP parts
under varying process conditions. High-temperature uniaxial compression experiments
and simulations were carried out on HIP parts with different initial densities to systemati-
cally investigate and characterize their stress—strain responses during hot extrusion. The
simulation results were rigorously validated against experimental data, confirming the
accuracy and reliability of the established high-temperature uniaxial compression model.
A quantitative relationship between Shima—-Oyane model parameters and temperature
was identified through integrated simulation and experimental analyses, resulting in the
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formulation of a temperature-compensated Shima-Oyane constitutive model. This model
was implemented into finite element simulations, and its predictive accuracy was val-
idated through detailed comparisons with experimental observations. Introducing the
temperature-compensated Shima—Oyane model significantly deepens the understanding
of the powder deformation behavior under HIP conditions and offers robust theoretical
insights and guidance for the multi-objective optimization of process parameters.

2. A Solution Approach to Powder Yield Model During HIP Process
2.1. Improved Shima—Oyane Model: Its Solution Approach

Plastic deformation and substantial volume shrinkage occur during the powder HIP
process. Since the conventional von Mises yield criterion cannot predict the yield behavior
under volume changes, it cannot meet the numerical simulation needs of powder HIP.
Therefore, considering the volume change, flow stress, and hydrostatic pressure during
powder deformation, Shima et al. [30,31] introduced the effect of hydrostatic pressure and
developed an improved yield criterion, from which the effect of volume shrinkage can be
predicted. The formula of the yield criterion is as follows [30,31]:

2
F = \/2 [(01 —02)? + (02— 73)* + (o1 — 03)2] + <(7;n) 1)
where F is a parameter related to the yield strength of material; o, 0, and o7 are the first,
second, and third principal stresses, respectively, in the von Mises yield criterion; o, is the
hydrostatic pressure; f represents the influence of hydrostatic pressure on the yield strength
of porous materials. Since F is related to the yield strength 7 of the matrix material of the
porous material, Equation (1) can be derived in the following form:

f'oo = \/; {(0’1 — )+ (02— 03)* + (01 — 03)2} + (iﬁ")z 2)

_ 1 o\ 2

F70 = \/ 30—+ (@2 —a+ (o -] + (%)
where f’ denotes the ratio of the applied stress on the porous material to the equivalent
stress sustained by the fully dense matrix. It is also expressed as a function of the material’s

relative density. The revised form of the Shima-Oyane model is as follows:

1/3 o2\ %0
- 7 (Gmar ) o o

where F represents the external force; 0; represents the deviatoric stress tensor; 0y, indicates
the hydrostatic pressure; 0, represents the uniaxial yield stress. In the Shima model, the pa-
rameters f and f directly govern the plastic deformation behavior during the densification
of alloy powders. Under uniaxial pressure conditions, the principal stresses satisfy oy = 03,
om = 01/3, from which the corresponding yield condition can be derived:

o \ﬁ d£1—d82 172
f= 3( de, ) @)
1/2
= al+ /9 5)
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where the three principal strains correspond to the principal strain directions ¢;, &5, and
€3. &, denotes the volumetric strain, while p represents the relative density of the porous
material, indicating the fraction of solid matrix present within a unit volume.

In the Shima—Oyane model, the parameters f and f’ are critical for characterizing the
yield behavior during the densification of alloy powders. The parameter f can be deter-
mined through uniaxial compression tests on samples with varying levels of densification,
while f' can be obtained by curve fitting the relationship between the yield stress and
relative density. Since the yield stress is influenced not only by the relative density but also
by the temperature, the relationship between the f parameter and the temperature can be
established through high-temperature uniaxial compression experiments.

2.2. Experiment Procedures for Model Solution and Validation

Since the yield surface in the HIP process is ellipsoidal, two independent experiments
are required to determine the corresponding material parameters. In this study, uniaxial
compression and interrupted HIP experiments were conducted to characterize the yield
surface for the HIP simulation model, as illustrated in Figure 1. The powder used in the
HIP process is a commercial-grade material with a particle size distribution ranging from
100 to 150 pm and a nearly spherical morphology, as shown in Figure 2a. The experimental
samples were extracted from the preforms produced in the HIP tests described in Figure 2b
and subsequently processed according to the uniaxial compression procedure. The samples
were compressed by 20% and 40% at 800 °C and 1000 °C to obtain axial strain values
corresponding to different densities. After compression, the density of each specimen was
measured using the Archimedes drainage method, and the relationship between axial
strain and density was established.

Solution procedures of the improvement Shima-Oyane model

validate
HIP experiments and uniaxial compression tests FEM-DEM uniaxial compression model
‘ simulate
Temperature compensation Shima-Oyane modeling Simulation results of stress, strain ,and densification

Figure 1. Solution procedures of parameters in the Plasticity model.
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Figure 2. (a) Microscopic morphology of the powder; (b) HIP experimental process profile.
2.3. FEM-DEM Coupled Procedures for Model Solution and Prediction

The powder particle size used in HIP is on the micrometer scale. Therefore, a smaller
numerical model is employed, with sufficiently small grid divisions to ensure the accuracy
of the simulation results. Initially, a particle-scale finite element geometric model is con-
structed in the DEM. The powder material is simplified as spherical, with particle sizes
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ranging from 20 to 100 pm. The actual particle size distribution of the material is also
considered, with the powder diameter following a normal distribution. Figure 3 shows
the flow chart of the coupled thermos-mechanical mesoscopic numerical simulation of the
powder HIP process, where each particle is assigned an independent mesh and treated as a
distinct individual for calculation. The simulation was conducted at temperatures ranging

from 700 °C to 1100 °C under an applied axial pressure of 120 MPa. The inter-particle
friction coefficient was set to 0.2.

[ Random generation of particles ]{ FEM boundary condition ]

|
'

Die ﬁllmg ]

Import initial packmg structure ]
into FEM model

} Initialization

[ High-temperature uniaxial ]

compression
3 Acquired
Relationship between strain and
densification and temperature

DEM process [ Fitting |
Relationship between ] Relationship between ©
arameters f and densification a) arameters f” and densification
a

Figure 3. (a) Flow chart of mesoscopic numerical simulation of HIP process; (b) thermal coupling
structure of particle stacking before powder HIP molding; (c) mesh division for individual particle.

3. Solution Process of Improved Powder-Yield Model
3.1. Validation of FEM-DEM Coupled Model

Figure 4 shows the true stress—strain curves of a sample with a density of 0.980 at
800 °C and 1100 °C. From the figure, it can be seen that the temperature significantly
impacts true stress and yield strength. From the true stress—strain data, it can be derived
that when the compression temperature is 1100 °C, the yield stress of Inconel 625 alloy
is 113.648 MPa and 139.570 MPa for deformation amounts of 20% and 40%, respectively.
When the compression temperature is 800 °C, the yield stress of the Inconel 625 alloy
is 312.925 MPa. The densification of each sample after uniaxial compression was also
measured. Under compression conditions of 1100 °C and 0.01 s}, the densification was
0.985 after 20% compression and 0.991 after a 40% compression. Under compression
conditions of 800 °C and 0.01 s}, the densification was 0.982 after a 20% compression.
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Figure 4. Stress—strain curves of samples with a densification of 0.980 at different temperatures:
(a) 1100 °C; (b) 800 °C.
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As shown in Table 1, a comparison of the strain increase corresponding to the same
densification increase is presented under the same initial densification. According to Table 1,
the error between experimental and simulated strain increments is within 5% for different
densification increments, indicating that mesoscopic powder particle-scale simulations can
effectively predict strain increments at different densification levels.

Table 1. Comparison of axial strain increments between simulated and experimental results at the
same densification increments.

Initi.:;ll Temperature Density Strain Relatize
Density Increment Experimental Results Simulation Results Error (%)
0.980 1100 °C 0.005 0.26 0.25 4.7
0.980 1100 °C 0.013 0.51 0.53 3.7
0.980 800 °C 0.023 0.26 0.27 43
Table 2 compares the yield stress obtained experimentally and through simulation at
the same densification. The table shows that the yield stress obtained experimentally and
the yield stress obtained through simulation differ only slightly, with an error of about 5%.
This indicates that mesoscopic particle-scale simulations can effectively predict the yield
strength of the Inconel 625 alloy at different densifications and temperatures.
Table 2. Comparison of experimental and simulated yield stresses at the same uniform density.
Initial Temperature Yield Stress Relative Error
Density O Experimental Results (MPa) Simulation Results (MPa) (%)
0.985 1100 113.6 108.8 4.2
0.990 1100 139.6 132.5 5.1
0.982 800 625.9 602.0 3.8

3.2. Compensation of Temperature Influence on Shima—Oyane Model

Through the validated FEM-DEM coupled high-temperature uniaxial compression
model, the strain and density data of the powder at various temperatures were obtained.
Figure 5a illustrates the relationship between axial strain and density during the uniaxial
compression process. At lower densities, the axial strain remains close to zero, indicating
that particle movement and rearrangement dominate at this stage, with minimal plastic de-
formation of the powder particles. As the compression progresses, the plastic deformation
becomes more pronounced. Due to the softening effect at elevated temperatures, the axial
strain increases more rapidly with rising temperature.

(a)& 14 f—=—g00°C| — (b) —=—s800°C
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Figure 5. The relationships of axial strain with (a) the relative density and (b) the radial strain.
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Figure 5b presents the relationship between axial strain and radial strain during uniaxial
compression. At the initial stage and under low-temperature conditions, the radial strain
is nearly zero, suggesting that the plastic deformation is limited and the radial expansion
is suppressed. However, at higher temperatures, the plastic deformation occurs more
readily due to thermal softening. As the compression continues, the radial strain at low
temperatures exhibits a rapid increase, while at high temperatures, it increases gradually
and smoothly. This behavior may be associated with thermally activated recovery and
recrystallization processes, which are not discussed in detail in this study.

As shown in Figure 6, the value of f can be calculated by substituting the experimen-
tally verified strain and density data obtained from high-temperature uniaxial compression
tests at different temperatures into Formula (4). As can be seen from the figure, the f values
are relatively scattered, and they overlap between different temperatures, without showing
any temperature dependence.

6
= 800°C
L]
Sr| a
v
4t *
w3t
2,
1,
0 1 1V 1

0.6 0.7 0.8 0.9 1.0
Relative density

Figure 6. Variation in parameter f with relative density.

The parameters f’ and f are the material parameters of the powder, which are fitted
through the following two formulas, which simplify both f and f” into functions related to
density. The fitting results of parameter f are shown in Figure 6.

F1 = (by + bylp™)"™ ©)

f = (g + qp™)™ @)

where by, by, b3, and b4 are the material constants related to temperature; 4y, g2, 43, and g4
are the material constants. The fitting result is as follows:

®)

22.79806
f = (091632 + 017049 o *4)

The yield strength of the fully dense Inconel 625 alloy matrix is 500 MPa. Combining
the values of o at different densities and temperatures, the corresponding values f for dif-
ferent densifications are calculated and the parameters f can be determined by substituting
into Equation (8), as shown in Figure 7. Since the parameter f is related to stress and stress
is affected by temperature, for powders with the same densification, higher temperature
results in lower stress. Thus, the parameter f also decreases. From the figure, it can also be
seen that at different temperatures, the parameter f increases with densification, and as

12
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densification increases, the rate of increase accelerates. Therefore, the calculated parameter
f is fitted separately for each temperature, with the fitting results shown in Equation (9).

Fr_ 0o = (0.99801 + 0.00552 |07827) 10474863

Fr_g00 = (0.98668 + 0.01521 |p*4382)
Fr_ o0 = (0.96541 + 0.02242 ]3:83392) 29324 o)
Fh 1100 = (0.98574 + 0.00858 |p674518) 563217
Fo_ o0 = (0.93754 + 0.02054 |p397408) %1998

51.48709
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Figure 7. Variation in parameter f with relative density.

The most suitable temperature-dependent expression functions for the four material
parameters are found, and the material constants of the Inconel 625 alloy are expressed as
temperature-dependent functions.

by = Ci + CT? + C3T* + C4T®

by! = Dy + DT + D3T?+ DyT?

by = E; + ExT2InT + E3T?® + E,T3
b3 = Gi + GoT+ G3T?+ Gy T°

(10)

The variation trends of the material constants by, by, b3, and by after the function fitting
are shown in Figure 8.
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Figure 8. Fitting of material constants (a) by, (b) by, (c) b3, and (d) b4 to temperature.
Based on the above formulas, the coefficients are determined through nonlinear
function fitting using the Origin 2019b software, as shown in Table 3.

Table 3. Correlation coefficients of Inconel 625 alloy by, by, b3, and by fitting functions.

by b, bs by
C 1.25004 Dy 10,295.841 Eq 164.52288 Gy 601,825.6
Cy —9.42466 x 1077 D, —32.66279 E, —0.00721 G, —1891.7101
Cs 1.09527 x 10~12 D5 0.03449 E; 0.00024 Gs 1.97538
Cy —4.37362 x 1019 Dy —1.20587 x 107> E4 —2.7258 x 107 Gy —0.00068

3.3. Construction of Stress—Strain-Temperature—Density Relationships

Based on the obtained parameters at various densities and temperatures, a yield
stress map for the nickel-based alloy was constructed, as shown in Figure 9. In this figure,
the contour lines represent variations in the yield strength with the temperature at a
given density, and the labeled values indicate the corresponding yield stresses. The color
gradient visually illustrates the yield stress distribution. As observed, the yield stress
decreases with the increasing temperature, reaching a minimum of 52.087 MPa at 1200 °C.
Conversely, as the density increases, the yield strength of the material also rises. Thus, the
yield strength is jointly influenced by both the temperature and the density, exhibiting a
nonlinear relationship. Although a higher density contributes to an increase in the yield
stress, the dominant factor influencing its variation is the reduction caused by elevated
temperatures. At a constant temperature, the maximum variation in the yield stress is
101.214 MPa, while at a constant density, the maximum variation is 244.515 MPa.
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Figure 9. Yield strength as a function of temperature and densification.
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4, Predication of Powder Densification Behaviors and
Validation Evaluation

4.1. Presentation of Stress—Strain—Temperature—Density Relationships by Solved Model
4.1.1. Macroscopic Analysis of the Experimental Results

During the powder HIP process, powder densification is mainly driven by the defor-
mation of the casing. Uniform deformation of the casing results in a uniformly densified
final part. However, suppose the local deformation in the casing is too large or too small; in
that case, it can not only lead to a casing rupture but also cause localized densification and
non-uniformity in the formed part. Therefore, the deformation of the casing directly affects
the total performance of the final part. The green bodies obtained from the two different HIP
processes shown in Figure 2 are illustrated in Figure 10. The figure shows that after holding
at 1000 °C and 120 MPa for 180 min under process scheme 1, the shrinkage deformation of
the casing in the cylindrical part is noticeably greater than that of the cylindrical part formed
with process scheme 2. To quantitatively compare the casing shrinkage deformation under
the two process schemes, axial and radial measurements of the casing were performed.
After measurements, it was found that the casing processed under process scheme 1 experi-
enced an axial shrinkage of 13.24 mm and a radial shrinkage of 12.50 mm. After processing
with process scheme 2, the casing experienced an axial shrinkage of 5.32 mm and a radial
shrinkage of 4.46 mm. It is evident that the process parameters significantly affect the casing
shrinkage and play a decisive role in the powder densification process.

Figure 10. Comparison of two post-HIP program capsule sets.

During the HIP process, powder densification is primarily driven by the deformation
of the encapsulating structure. The degree of densification within the powder compact
closely correlates with the extent of capsule deformation. Figure 11 provides a comparative
visualization of the central axial cross-sections obtained from experimental observation
and numerical simulation. As illustrated, the deformation profiles of the truncated capsule
in the central axial direction are highly consistent, indicating good agreement between
the model and experimental results. To further evaluate the fidelity of the simulation,
two characteristic lines were selected: L1, extending diagonally from the powder corner
to the center point, and L2, corresponding to the axis of symmetry through the center.
Three feature nodes were designated along each line—A1, A2, and A3 on L1, and B4 and
B5 on L2—with A3 located precisely at the intersection of L1 and L2, at the powder’s
geometric center. Samples with dimensions of 10 mm x 12 mm were extracted from
each feature location. The sample densities were determined via the Archimedes drainage
method, with each mass measurement repeated multiple times and averaged to enhance
the measurement reliability. The measured densities were quantitatively compared with the
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simulated results at the corresponding nodes. The close match between the experimental
and simulated densities validates the predictive capability of the simulation model.
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Figure 11. Macro-deformation comparison.

4.1.2. Evolution of the Relative Density

Figure 12 illustrates the density evolution of five feature nodes during the HIP process,
which consists of three stages: heating and pressurization, holding and pressure mainte-
nance, and cooling and depressurization. In the initial stage of the HIP, the density at each
node decreases due to the thermal expansion of the powder, while the applied pressure
is insufficient to counteract this expansion, resulting in a temporary increase in volume.
However, this stage is brief, and the reduction in density is minimal compared to the overall
increase. As the HIP process progresses, the temperature and pressure rise. At 7000 s, the
density at each node begins to increase rapidly. The applied pressure becomes sufficient to
exceed the powder’s yield strength, causing shrinkage and deformation. Since the initial
powder packing is relatively loose, a significant plastic deformation occurs, leading to a
more compact internal arrangement. For feature line L1, nodes A1, A2, and A3 exhibit
similar density growth patterns, with densities steadily increasing after the initial HIP
stage. The final densities of A2 and A3 reach approximately 0.97, higher than A1, due to
A2 and A3 being closer to the center of the powder, while A1 is affected by its position at
the edge, near the corner and end caps, resulting in a lower density. Nodes B4, B5, and A3
along line L2 show similar trends, with their density curves largely coinciding. After an
initial reduction, the density increases steadily, but the rate of increase slows during the
later holding stage as densification approaches saturation. At this point, the densification is
primarily driven by diffusion and creep, and the final density reaches approximately 0.97.

4.1.3. Microstructure of HIP Sample

As shown in Figure 13, the microstructure of the billet, sampled from the center cross-
section at a temperature of 1100 °C, a pressure of 120 MPa, and a holding time of 3 h, exhibits
a density of 0.980. In comparison, Figure 12 shows that the simulated density at the center
of the cylindrical part reaches 0.972. The minimal deviation between the simulated and
experimental values confirms the accuracy of the simulation results. Figure 13 visually
presents the microstructural features, showing a markedly more compact arrangement of
powder particles. The pores are nearly eliminated, and the particles exhibit substantial
plastic deformation, indicating effective densification during the HIP process. The billet was
processed by HIP, a technique that applies high temperature and isostatic gas pressure to
densify materials and eliminate internal pores. After HIP, the density of the powder material
has substantially improved, with some regions showing almost complete elimination of
porosity. However, original particle boundaries remain visible, and distinct grain boundary

16



Metals 2025, 15, 752

features can still be observed, as shown in the yellow circle. This indicates that, despite
the applied process parameters, some powder particles did not fully fuse during HIP. The
causes of this incomplete fusion are complex and are beyond the scope of this paper.
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Figure 12. Evolution of the relative density of different feature points over time.

Figure 13. Microstructure of HIP parts: (a) 100X and (b) 200X.
4.2. Validation Evaluation of Improved Powder-Yield Model

The results comparing the densities from the experimental and numerical simulations
are shown in Figure 14. It can be observed that, under the same parameter conditions, the
densities at each feature location of the cylinders formed by HIP are similar to the results
of the numerical simulations, with the densities of the five feature nodes all exceeding 0.95.
Specifically, due to the influence of the capsule’s edges and corners, the experimentally
obtained cylinder has the lowest density of 0.96 at feature node A1, while the densities at
the other four feature nodes are around 0.98. The density variation between the nodes is no
more than 0.02, indicating good homogeneity of the HIPed powder. As shown in Figure 14,
the relative errors between the experimental and simulation results for the five feature
points are 1.07%, 1.15%, 1.35%, 1.09%, and 1.21%, respectively, all within 2%. Overall,
the simulated densities are slightly lower than the experimental densities, which can be
attributed to the nature of the macroscopic simulation, where the powder is treated as
a continuous porous medium. This differs from the discrete particle nature of the HIP
process, which ignores the effects of powder particle rearrangement during the initial
stage and the diffusion creep at high temperatures during the final stage. Nevertheless,

17



Metals 2025, 15, 752

the comparison of the numerical simulation and experimental results for the macroscopic
deformation and densification at feature locations shows that the numerical simulation
method used in this study provides an accurate prediction of the densification behavior of
powders during powder HIP.
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Figure 14. Comparison of simulation results with experimental results.

5. Conclusions

Based on the DEM theory, a mesoscopic particle-scale numerical model of the powder
HIP was constructed. Based on the numerical model, the stress and strain parameters of
the particles in the forming process under different temperature and pressure conditions
were extracted and characterized as a function of the degree of densification. Uniaxial
compression experiments verified the above parameters’” HIPed samples at different tem-
peratures. Then, a temperature-dependent Shima—Oyane model based on the validation
parameters was developed. Key findings were as follows:

The parameters relating to the stress, strain, and densification at different temper-
atures and pressures were obtained based on the mesoscopic particle-scale model. The
strain increments and stress at different densification levels were compared by conduct-
ing uniaxial compression experiments on samples at different temperatures. The relative
error between the experimental and simulation results was within 5.1%. The mesoscopic
particle-scale simulations accurately determined the parameters related to the stress, strain,
and densification.

The parameters relating to the stress, strain increments, and densification at different
temperatures (800-1100 °C) were obtained based on the mesoscopic particle-scale model. A
temperature-compensated Shima—Oyane model was developed. Based on the parameters f
and f, a three-dimensional relationship graph illustrating the correlation between the yield
stress, density, and temperature was constructed. To validate the proposed temperature-
compensated Shima—Oyane model, the deformation behavior and density distribution of
the powder components formed via the HIP were investigated. The results showed that
the simulated final deformation closely matched the experimental observations, and the
relative errors in the predicted densities across different regions were within 2%. These
findings confirm that the constructed macroscopic finite-element model can reliably predict
the densification behavior during the HIP process.

Although this study presents a mesoscopic-macroscopic coupled analysis of the HIP
forming process under various parameter conditions, it should be acknowledged that the
Shima-Oyane model is limited in capturing the fundamental densification mechanisms
of hot isostatic pressing, such as diffusional creep and grain boundary diffusion. Physi-
cally based creep models are better suited to represent the microstructural deformation

18



Metals 2025, 15, 752

mechanisms that dominate during the HIP process. Additionally, the current DEM model
provides a foundation for particle-scale studies of the densification process during hot
isostatic pressing. These aspects will be the primary focus of the authors’ future work.
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Abstract: Aluminum, boron, and titanium microalloyed into high-strength low-alloy boron
steel exhibit a complex interplay, competing for nitrogen, with titanium demonstrating the
highest affinity, followed by boron and aluminum. This competition affects the formation
and distribution of nitrides, impacting the microstructure and mechanical properties of
the steel. Titanium protects boron from forming BN and facilitates the nucleation of
acicular ferrite, enhancing toughness. The segregation of boron to grain boundaries,
rather than its precipitation as boron nitride, promotes the formation of martensite and
thus the through-hardenability. Aluminum nitride is critical in controlling grain size
through a pronounced pinning effect. In this study, we employ energy- and wavelength-
dispersive X-ray spectroscopy and computer-aided particle analysis to analyze the phase
content of 12 high-purity vacuum induction-melted samples. The primary objective of
this study is to correctly describe the microstructural evolution in the Fe-Al-B-Ti-C-N
system using the Calphad approach, with special emphasis on correctly predicting the
dissolution temperatures of nitrides. A multicomponent database is constructed through
the incorporation of available binary and ternary descriptions, employing the Calphad
approach. The experimental findings regarding the solvus temperature of the involved
nitrides are employed to validate the accuracy of the thermodynamic database. The
findings offer a comprehensive understanding of the relative phase stabilities and the
associated interplay among the involved elements Al, B, and Ti in the Fe-rich corner of the
system. The type and size distribution of the stable nitrides in microalloyed steel have been
demonstrated to exert a substantial influence on the properties of the material, thereby
rendering accurate predictions of phase stabilities of considerable relevance.

Keywords: HSLA; boron-steel; thermodynamics

1. Introduction

High-strength low-alloy (HSLA) boron steels are widely recognized for their enhanced
mechanical properties, which are achieved through the precise control of their microstruc-
ture [1]. Reaching the full potential of alloying elements in microalloyed steel is dependent
on correctly understanding the variables processing, thermodynamics, and kinetics [2] to
reach the desired mechanical properties with reasonable costs [1]. The addition of boron to
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microalloyed steel has been shown to enhance through-hardenability. Furthermore, the
formation of bainite and martensite is promoted by alloying the steel with only about ten
wt.-ppm of boron [3-5]. The phenomenon referred to as the ‘boron effect” has been observed
to enhance through-hardenability rather than hardness [6]. The underlying mechanism
of this advantageous effect involves the retention of boron in solid solution in the matrix,
thereby preventing the formation of boron nitride (BN) [7]. In order to protect the steel
from the occurrence of this second phase formation, i.e., binding the nitrogen instead of
BN, aluminum or titanium are utilized [7]. Titanium, with its high affinity for nitrogen [8],
primarily forms titanium nitrides (TiN), which are known to refine the grain structure
and improve toughness [9]. Aluminum nitride (AIN) has been shown to be particularly
effective in controlling grain size due to its pronounced pinning effect, which is known to
inhibit grain growth [10]. The interplay between these elements and their respective roles
in the nitride stabilization is critical in determining the final microstructure and mechanical
properties of the steel. The interactive role of Al, B, and Ti in the formation and dissolution
of nitride precipitates, as well as the associated content of boron in solid solution for the
consolidation of martensite, is a subject of considerable concern [7].

In their study, Wang et al. [8] examined the precipitation of AIN, BN, and TiN in
boron-bearing steel by using available solubility product descriptions from the literature
for describing the stability of the nitrides, concluding that the precipitation of TiN occurs
predominantly before the precipitation of BN and AIN. In a related study, Gontijo et al. [11]
report on the effects of combined addition of B and Ti in microalloyed steel. The authors find
that the formation of TiN is preferential over BN and AIN with regard to ductility behavior.
This phenomenon occurs due to segregated B at grain boundaries, which retards the
formation of ferrite films at the austenite grain boundaries. To date, a detailed investigation
of the competing stabilities of the nitrides from Al, B, and Ti in microalloyed steel, either
experimental or simulated, is lacking.

The objective of this study is to apply Calphad [12] in order to elucidate and validate
the thermodynamic behavior and microstructural evolution of microalloyed steels contain-
ing aluminum, boron, and titanium nitrides in the Fe-rich Fe-Al-B-Ti-C-N system. Experi-
mentally, a combination of advanced analytical techniques, including energy-dispersive
X-ray spectroscopy (EDS) in combination with computer-aided EDS and wavelength-
dispersive X-ray spectroscopy, is employed to analyze 12 high-purity vacuum induction-
melted samples. Furthermore, the material is subjected to annealing under equilibrium-like
durations in a dilatometer at varying temperatures. This procedure is employed to ascertain
the solvus temperatures of the implicated precipitates. The experimental results are used
to validate the accuracy of the integration of binary and ternary reassessments for multi-
component microalloyed steel [13-17] in the thermodynamic multi-component database
ME-Fe_CDLIPE2.0.2.tdb [18]. Particular emphasis is put on the solvus temperatures (Tsol)
of the relevant nitrides as a function of varying chemical compositions in the Fe-rich side in
diluted systems. We provide an assessed Gibbs energy description of the BN phase, giving
high weight to an accurate solubility description.

The alloying of Al, B, and Ti influences the properties of the material and determines
the type and distribution of the stable nitrides. These nitrides subsequently influence
the characteristics of the material. The utilization of Al for deoxidation in steel was
predominant until the discovery regarding the pivotal influence of AIN precipitates on steel
properties. The ability of AIN to impede austenite grain coarsening through the pinning of
grain boundaries [19] is well-documented. Conversely, the presence of excessive primary
AIN has been shown to induce embrittlement [10,20]. The stoichiometric phase [21] AIN
possesses a hexagonal wurtzite structure with a space group of P63mc. Upon cooling, AIN
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begins to become stable in the austenite (y) region of microalloyed steel, predominantly
nucleating heterogeneously at grain boundaries [10] due to a high volumetric misfit of
70% between the y-matrix and AIN-precipitate [10,22,23]. In the ferrite (x) phase, the
thermomechanical processing route and the nominal Al and N contents [24-27] are pivotal
factors in determining the initial phase, representing metastable cubic rock-salt structured
AIN, with a size ranging from 5 to 10 nanometers. This metastable AIN can subsequently
be converted into the stable hexagonal AIN modification [28].

The “boron effect” has been demonstrated to be beneficial; however, it only occurs
when solute B atoms are present at grain boundaries, which makes the formation of
BN a matter of significant concern. BN occurs as hexagonal BN type (Pearson symbol
hP4 [29]) in steel [7] and the nucleation of BN has been reported to occur at austenite grain
boundaries [30]. The size of the BN precipitates, ranging from 5 to 30 pum, is reported to be
dependent on the time-temperature profile of the applied heat treatments [31]. However,
this size range is too coarse to have any beneficial effect on the properties of the material [7].

Titanium exhibits a strong affinity for carbon and nitrogen, which leads to the forma-
tion of TiN and TiC precipitates. TiN nucleates as face-centered cubic (fcc) phase, often
referred to as MX phase, with M being Ti, V, or Nb and X being C and N [2]. The high
thermal and chemical stability of the carbonitride results in a high Tsol of the precipitates,
even at low fractions of Ti [32]. Carbonitrides have been shown to impede grain growth
and recrystallization, which in turn alters the transformation characteristics and improves
the properties of the material [9]. The beneficial influence of Ti precipitates is only possible
in fully killed steels that have undergone deoxidation with Al due to the strong deoxidizing
characteristics and the subsequent formation of titanium oxide [33].

Abnormal grain growth (AGG) in steel is a phenomenon in which certain grains grow
significantly larger than others during heat treatment processes such as annealing [34]. This
can result in a bimodal grain size distribution that affects the properties of the material.
AGG typically occurs in steel at elevated temperatures after the dissolution of precipitates
such as Nb or V carbonitrides, which are known to exert a strong solute drag effect on grain
boundary mobility [35-37].

2. The Thermodynamics of the Fe-C-N-A-B-Ti System in the Fe-Rich
Corner in Microalloyed Steel

Typically, the available binary and ternary phase diagrams of a multi-component
system encompass the broad spectrum of compositions well, though they do not con-
centrate on a specific composition space corner. In the case of microalloyed steel with
diluted fractions of certain elements, this can result in substantial discrepancies between
the predicted and observed phase stability [38]. It is therefore imperative to accurately
delineate the thermodynamics and phase boundaries of the constituent phases within the
dilute microalloying range to ensure the efficacy of thermokinetic simulations with high
predictive capabilities. This study employs available thermodynamic descriptions of binary
and ternary systems, combining them into a comprehensive thermodynamic database.
The objective of the database setup is to accurately predict the phase stabilities for the
Fe-rich side of the multicomponent system Fe-C-N-Al-B-Ti, with a particular focus on the
interaction of Al, B, and Ti with nitrogen. This particularly evaluates whether the approach
of combining binary and ternary thermodynamics, while keeping further extension to
the quaternary and quinary subsystems and beyond ideal (i.e., without additional multi-
component excess Gibbs energies optimizations) yields sufficient predictive power for
technological alloys, which would be represented by low deviations between experimental
data and calculated results.
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2.1. Calphad Modeling

For the establishment of the thermodynamic database, the CALPHAD (CALculation
of PHAse Diagrams) approach [12,39] is used. In multi-component systems, it is essen-
tial to characterize the thermodynamics of all lower-order systems accurately. For pure
components, the thermodynamic data is taken from Dinsdale [40]. The Redlich—Kister—
Muggianu model for the Gibbs excess energy description for the phases liquid (L), bcc_A2
(bec, ferrite, x-Fe), and fcc_Al (fcc, austenite, y-Fe) is used. The liquid phase uses a random
substitutional solution model. Phases bec and fec are described by a regular solution model.
Carbides and nitrides are described with sublattice models. The following section provides
a critical review of the composing subsystems.

2.2. Subsystems with Relevance in Microalloyed Steel

Fe-based databases are determined by the binary systems containing Fe, i.e., Fe-C, Fe-
N, Fe-B, Fe-Ti, and Fe-Al. Intrinsic stabilities of non-ferrous nitrides and carbo-nitrides are
relevant, so the Al-N, Al-C, Al-Ti, Ti-C, Ti-N, and B-N systems are added. The Fe-C system,
actually representing the steel matrix for the precipitation, is of significant importance to
the iron and steel industry, as evidenced by the extensive reviews conducted [13,41,42].
The assessment by Gustafson [13] has gained considerable recognition within Calphad
databases [43]. In addition to the conventional liquid, bce, and fcc phases, several iron car-
bides have been identified, with Fe3C (cementite) [13,44] being the sole metastable carbide.
In fact, competitive nitrogen solubility in iron, versus nitride stabilization, is relevant, and
thus also the Fe-N system, with the description by Frisk proving reliable [14]. A similar
question concerns boron solubility in the steel matrix, versus boride stabilization, and in
this context the Fe-B system, which has been evaluated by various researchers [45-48], with
some providing thermodynamic calculations [46,49-51]. The primary difference among
models lies in the site of boron dissolution within steel phases. Boron can be considered
the smallest substitutional element [15,49], the largest interstitial element [50], or a mixed
substitutional-interstitial element in bcc-Fe and fec-Fe [45,52-54]. Raghavan [55] gives a
brief review of experimental data for the extension to the Fe-B-N system. Tomashik [56] pro-
vides an up-to-date review of the available data and claims that ternary phases do not occur.
Fountain and Chipman [57] demonstrate a decrease in nitrogen solubility with increasing
boron content. The Fe-B, Fe-B-N, and Fe-B-C system has previously been evaluated and
in part re-optimized by the present author [58], determining the influence of boron on the
solvus temperature of BN, and the liquidus and solidus temperatures of the system. The
descriptions of these systems are taken as suggested by Fiihrer et al. [58]. The description
of the Al-N system is taken from Saunders [59]. In a recent publication [27], the Fe-Al-N-C
system is reassessed for the Fe-rich corner in dilute systems, with particular emphasis
on accurate thermodynamic description of the AIN phase. Ti-carbonitrides, which are
classified as part of the MX-class [60], are modeled as a FCC solid solution. The model
parameters are defined in such a way as to allow for the separation between the austenitic
steel phase and the carbo-nitride (MX) phase in the Fe-base system. The multi-component
model is expressed as (Fe, Ti)(C, N, Va) within the compound energy formalism.

The binary subsystem description for Ti-C is adopted from the Matcalc steel
database [61]. The parameters for Fe-Ti and Ti-N are taken from Lee [16]. In the con-
text of the simulation, the ternary subsystem that has been determined to be of ma-
jor importance is composed of Fe-Al-C and Fe-Al-N, as delineated by Chin et al. and
Hillert and Jonsson [62]. The ternary extension to Fe-Ti-C system is taken from Ja-
cob et al. [60]. Table 1 provides a summary of the subsystems used for describing the
Fe-C-N-AlI-B-Ti system.
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Table 1. Summary of binary and ternary subsystems used in the present study.

System Citation
Fe-C Gustafson [13]
Fe-N Frisk [14]

Fe-B, Fe-B-C, Fe-B-N Miettinen and Vassilev [63], Fiihrer et al. [58]
Fe-Al Seierstein [64], Chin et al. [17]
Fe-Ti Lee [16]

Ti-N Lee [16]

Ti-C Povoden-Karadeniz [61]

Al-Ti Witusiewicz et al. [65]

Al-N Saunders [59], Fiihrer et al. [27]

Al-C Chin et al. [17]
Fe-Al-C Chin et al. [17]
Fe-Al-N Hillert and Jonsson [62]
Fe-Ti-C Povoden-Karadeniz [61]

2.3. Gibbs Energy Description of the BN-Phase

The solubility product, K, defines the concentration product between B and N in weight
percent, where BN is dissolved in the steel matrix at a given temperature. Solubility products
are then plotted logarithmically, log(K), as a function of temperature. The lower the log(K),
the lower the respective concentrations of B and N at which BN is completely dissolved.

Due to decreasing element concentrations with decreasing log(K) values, a higher sensitiv-
ity of the experimental detection method is required. In general, conducting an experimental
investigation of the slope of the solubility product at low concentrations poses a significant
challenge. Conversely, BN precipitation occurs at higher concentrations of B and N than given
by K. It is self-evident that log(K) is typically lower at lower temperatures: the phase boundary
between the steel matrix phase and the precipitate at low temperatures is usually at more
dilute compositions than at higher temperatures. As illustrated in Figure 1, a comparison is
presented between the experimentally evaluated solubility products [57,66,67] (full lines) and
the calculated ones [68-70] (dotted lines) in the austenite.

log[B(wt%) x N(Wt%)]

—Fountain 1962
—Turkdogan 1987

Maneschi 1966
—=-Wen & Lukas 1998, assessed
—--Sridar, assessed
~—TCFE11, assessed
G ===BN
75k Dl . s x Fihrer et al
1200 1250 1300 1350 1400 1450 1500 1550 1600

Temperature in K

log(k)

Figure 1. Full and dashed lines show a comparison of solubility products log(K) = log[B(wt.-%)-N(wt.-%)]
in the austenite from experiments from the literature, adapted from Refs. [57,66,67], and assessed
thermodynamic descriptions, adapted from Refs. [68-70], respectively. The red dotted line shows
the result of the newly assessed description. Black crosses are the experimental results from Fiihrer
et al. adapted from Ref. [58]. (For the interpretation of the references to color in this figure legend,
the reader is referred to the Web version of this article).
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The available descriptions can be divided into two groups, with higher and lower
solubility product values. Fiihrer et al. [58] provide a comprehensive overview of the
substantial discrepancy between the two groups. Importantly, the groups are defined by
their approach to either correctly describing thermodynamic quantities, such as enthalpy of
formation AHj, entropy Syos, and heat capacity Cpo0g, or correctly depicting solubility limits.
Usually, microscopic dissolution observation should be consistent with the thermodynamic
properties of a phase, controlling this behavior, as it could be seen for AIN [27]. However,
the authors [58] have demonstrated that, in order to accurately depict the phase stability
and thermodynamic quantities of the BN phase, for consistency between dissolution and
thermodynamic properties, it is imperative to take into account the pronounced segregation
tendency of B atoms, in conjunction with the Calphad-type thermodynamic description. In
this work, an alternative Gibbs energy description of the BN phase is presented. The objec-
tive of this description is to provide a comprehensive characterization of the experimentally
accessible solubility products, which involves the pronounced segregation tendency of B
atoms, illustrated in Equation (1),

GAIN, = —222000 + 45-T + 7-T-In(T) — 0.002-T> — 3¢~ 7-T® + GHSERy + GHSERp (1)

It should be noted that this parameter proposal inevitably leads to different predicted
thermodynamics of the BN phase. This results in deviations from the experimental values
of Dworkin et al. [71] for enthalpy of formation (AHy), entropy (Sa9g), and heat capacity
(Cpaog) of approximately 25 kKJmol~!, 4 Jmol'K~!, and < 0.1 Jmol 'K}, respectively. The
BN phase is regarded as fully stoichiometric (B)(N). For a more thorough examination of
the BN phase description and a deeper discussion about the pertinent subsystems that
contain boron, please refer to the extant literature [58,63].

3. Materials and Sample Characterization
3.1. Composition

In the present study, we used the Fe-Al-B-C-N alloying system with 4 and 5 variations
in the B and Al contents from 0 to 0.083 wt.-% and from 0 to 0.4 wt.-%, respectively. In the
Fe-Al-B-Ti-C-N system, the Ti microalloying content is varied from 0 to 0.042 wt.-% in four
variations. The alloying of the material was carried out with high precision in a vacuum
induction melting furnace, followed by a casting and forging process and a homogenizing
annealing treatment at 1000 °C for ten hours in a vacuum furnace. The resulting composi-
tion of the elements C, Al, B, Ti, Mn, and S was measured by optical emission spectroscopy
(OES) Thermofisher Type 4460 (Thermo Fisher Scientific, Waltham, MA, USA) and the N
fraction by the LECO method [72,73] (Leco ON 736, LECO Corporation, St. Joseph, MO,
USA) (see Table 2) with an uncertainty of five ppm and seven ppm, respectively. The
numbers in the sample designations indicate the boron fraction in wt.-ppm and the Al
and Ti fractions in tens of wt.-ppm. The sample geometries were cylindrical with & 5 mm
and a height of 10 mm for EDS particle analysis. The stability of precipitates, e.g., AIN,
in which Al can form oxides, can be influenced to a significant degree by the presence
of impurities. Thus, particularly in the case of phase evaluation in microalloying steels,
the utilization of vacuum induction melting for sample preparation is mandatory. It has
been demonstrated to result in a significant reduction in impurity levels (see Table 2),
with oxygen levels measured in parts per million (wt.). Due to the extremely low im-
purity levels, the influence of impurity elements on the stability of AIN, BN, and TiN is
considered negligible.
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Table 2. Composition of the alloys produced using vacuum induction melting (wt..-%). Numbers in
the sample labeling present boron in wt.-ppm and Al and Ti in tens of wt.-ppm.

Mass Fraction in %, Fe = bal.

Alloy C N Al B Ti Mn S O

Fe-C-N-Al-B-B-variation

Al29B0 0.51 0.0076 0.029 0.0002 0.000 0.123 0.006 0.001

Al29B22 0.50 0.0073 0.029 0.0022 0.000 0.123 0.006 0.001

Al36B44 0.50 0.0070 0.036 0.0044 0.000 0.123 0.007 0.001
Fe-C-N-Al-B-Al-variation

B21AI0 0.50 0.0070 0.009 0.0021 0.000 0.115 0.0070 0.001

B19AI35 0.49 0.0079 0.035 0.0019 0.000 0.114 0.008 0.001

B21A187 0.49 0.0083 0.087 0.0021 0.000 0.114 0.008 0.001

B21AI180 0.50 0.0086 0.180 0.0021 0.000 0.117 0.008 0.001

B21Al416 0.49 0.0086 0.416 0.0021 0.000 0.117 0.009 0.001

Fe-C-N-Al-B-Ti-Ti-variation

Al36B25Ti0 0.51 0.0069 0.036 0.0025 0.000 0.131 0.007 0.001

Al38B36Ti20 0.50 0.0052 0.038 0.0036 0.020 0.131 0.007 0.001

Al42B38Ti30 0.50 0.0045 0.042 0.0038 0.030 0.131 0.007 0.001

Al44B39Ti42 0.50 0.0042 0.044 0.0039 0.042 0.130 0.007 0.001

3.2. Methods

3.2.1. Microstructure Analysis

The analysis of the resulting microstructures, focusing on AIN, BN, and TiN precipi-
tates, was conducted using a ZEISS SIGMA scanning electron microscope (SEM) (carl zeiss
microscopy gmbh, Oberkochen, Germany) equipped with a field emission gun operating
at an electron beam voltage of 10 kV and a working distance of 10 mm. The chemical
analysis was facilitated by EDS, while wavelength-dispersive spectroscopy (WDS) was
employed for elements B and N with a low ordering number. The EDS detector utilized
was an Octane elect super with a 70 mm? detector size, while the WDS spectrometer was
an EDAX Lambdaplus WDS [74] model (EDAX Inc., Mahwah, NJ, USA). The backscatter
electron mode (BSE) in the SEM offers a favorable mass contrast for the precipitates, given
their comparatively low atomic masses relative to Fe. For good statistical power, either
50 sections were observed manually in the SEM or computer-aided particle analysis
was used. The former austenite grain size was revealed by using the etching reagent
PM1998 [75]. The T, of the precipitates of the alloys from Table 2 were evaluated by
annealing the samples at different temperatures in a Béhr dilatometer type 805 under a
vacuum atmosphere with alteration steps of 30 °C for 30 min and then quenching them
down to room temperature to “freeze” the microstructure. The temperature curve of the
heat treatments is shown in Figure 2. A temperature resolution of 30 K was selected as a
compromise between high resolution and the minimization of necessary experiments. It
should be noted that unless otherwise specified, all heat treatments are assumed to have
undergone heating and cooling rates of 70 K/s and 100 K/s, respectively.
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Figure 2. Applied temperature-time profile in a Bahr dilatometer type 805 under vacuum conditions
for determining Ty of the nitrides.

3.2.2. EDS—Particle Analysis

In addition to the manual analysis of precipitates in the SEM, the computer-aided EDS
particle analysis method (PA) [27] was employed. The analysis was conducted using a JEOL
JSM-7800F scanning electron microscope (JEOL, Akishima, Japan) with a field emission
gun at an operation voltage of 12 kV and an “Oxford X-MAXN” EDS detector (Oxford
Instruments, Abingdon, UK) with a 50 mm? detector size for the computer-aided EDS
particle analysis (PA). The primary advantage of PA was the acquisition of substantial sta-
tistical data concerning precipitates, including their distribution at interfaces, mean particle
size and distribution, and phase fractions. Notably, PA effectively addresses the challenge
posed by small and sparse precipitates, particularly those of AIN [27]. The evaluation of
particles was conducted in accordance with the methodology outlined by Fiihrer et al. [27].
The salient characteristics of this approach are as follows: the lower detection limit is 60 nm,
and the determination of particles is facilitated by their chemical composition. However,
this approach is encumbered by the difficulty of detecting light elements with EDS, which
introduces a degree of uncertainty. In contrast, the substantial expanse of the investigative
domain, in conjunction with the implementation of automated evaluation methodologies,
facilitates the consideration of a considerable array of precipitates. Consequently, this
approach engenders the generation of reliable statistics concerning precipitate distribu-
tions. The particles are then identified using certain composition boundaries, as outlined
in Table 3. For AIN and MnS, the recommendation for the selection limit proposed by
Fiihrer et al. [27] is adhered to. The presence of BN is indicated by the detection of boron
or nitrogen. The solubility of other elements is minimal, and thus, the detection of BN
is a reliable indicator of the presence of these elements. BN contains light elements but
possesses a substantial diameter, a property that enables its detection through particle
analysis. Given the classification of TiN as a carbonitride, the high solubility of carbon must
be considered. Given the fact that carbon and nitrogen are light elements and titanium
is more readily detected with EDS, the detection of titanium is sufficient for marking a
particle as TiN. Upon the satisfaction of all criteria, the spatial coordinates, mean ECD,
surface fraction, and precipitate size distribution of the particles are determined.

Table 3. Selection limits for precipitates AIN, BN, TiN, MnS, and Al,O3 after particle analysis.

Boundary conditions for elements are given in wt.-%.

Type
ECD Al B N Ti C Mn S o
[nm] [wt.-%] [wt.-%] [wt.-%] [wt.-%] [wt.-%] [wt.-%] [wt.-%] [wt.-%]
AIN >60 >2 <0.1 >0 <0.1 <3 <3 <0.1 <0.1
BN >60 <0.1 >2 >0 <0.1 <3 <3 <0.1 <0.1
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Table 3. Cont.

Type

ECD Al B N Ti C Mn S
[nm] [wt.-%] [wt.-%] [wt.-%] [wt.-%] [wt.-%] [wt.-%] [wt.-%]

[Wt.-o/o]

TiN

>60 <0.1 <0.1 >0 >2 >0 <3 <0.1

<0.1

MnS

>60 <3 <3 <3 <3 <3 >3 >0.5

<0.1

ALO;

>60 >2 <3 <3 <3 <3 <3 <0.1

>1

4. Results
4.1. Initial Microstructure

Figure 3 shows the microstructure of the alloy with different B fractions after annealing
in a vacuum furnace at 1000 °C for 10 h, followed by cooling to room temperature at
90 K/min and etching with Nital. The results clearly demonstrate a correlation between
an increase in grain size and an increase in B fraction between 22 and 44 wt.-ppm boron
alloying. This phenomenon has been well-documented in the literature concerning B-
alloyed steel and is attributed to the absence of AIN, which is known for its strong grain
boundary pinning force, due to the formation of the more stable BN. Conversely, BN is too
coarse to have any influence on grain growth [7]. Figure 3 reveals no discernible influence
on the grain size between parts a and b for 0 and 22 wt.-ppm. As demonstrated in Table 4
and Figure 4 experimental and thermodynamic equilibrium simulation results, respectively,
it is shown that AIN is stable at 1000 °C for alloys AI29B0 and Al29B22 and thus effectively
retards grain growth. This indicates that the correct prediction of phase relations is highly
relevant for interpretations of the according microstructure.

(b) AI29B22 (eyniz6Bas

Figure 3. Microstructure of the samples after homogenization annealing in the vacuum furnace at
1000 °C for 10 h and subsequent cooling to room temperature with 90 K/min for the alloys with
varying B fraction. Etching agent: Nital 5%. Magnification: x25.

Table 4. Experimental and computed T 4, of AIN and BN in the Fe-C-N-Al-B system.

Alloy

Al B Ti N Tyo1 AIN Teot BN Tso1 AIN

Tso1 BN

in wt.-% experimental in °C simulative in °C

Al29B0

0.029 0.0002 0.000 0.0076 1150 + 30 - 1187

Al29B22

0.029 0.0022 0.000 0.0073 1150 + 30 1200 + 15 1165

1235

Al36B44

0.036 0.0044 0.000 0.0070 970 £ 40 1215+ 15 1122

1280

B21AI0

0.009 0.0021 0.000 0.0070 - 1230 £ 15 -

1230

B19AI135

0.035 0.0019 0.000 0.0079 1180 + 20 1215 + 20 1195

1220

B21AI88

0.088 0.0021 0.000 0.0083 1250 + 20 1110 £ 20 1280

B21A1180

0.180 0.0021 0.000 0.0086 1350 = 50 - 1370

B21Al416

0.416 0.0021 0.000 0.0086 (1450 £ 50) - -

1460
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Figure 4. Calculated pseudo-binary Fe-Al phase diagram with 0.5 wt.-% C, 79 wt.-ppm N, and
21 wt.-ppm B for the austenite region of the Fe-C-N-Al-B system, ME-Fe_CDLIPE2.0.2.tdb. The blue
circles and the red triangles mark the experimental results with error bars for the T, of AIN and BN
for the alloys B21A10, B19AI135, B21AI88, B21A1180, and B21Al1416, respectively. (For the interpretation
of the references to color in this figure legend, the reader is referred to the Web version of this article).

4.2. Interrelation of AIN and BN Within Fe-C-N-Al-B
4.2.1. Solvus—Temperature of AIN and BN

In Table 4, the experimental results of Ty, for AIN and BN precipitates using
EDS/WDS analysis after annealing at different temperatures are presented, considering
various Al and B concentrations, along with the associated range of error. The assessment of
Tso1 for AIN with low Al fractions and varying B content, i.e., alloys Al29B0, AI29B22, and
Al36B44, poses significant challenges due to the low phase fraction and small diameter of
AIN [10,27]. Utilizing the outcomes derived from EDS particle analysis and acknowledging
the microstructure that has undergone homogenization annealing at 1000 °C (Figure 3b,c),
it can be deduced that T of alloy Al36B44 is approximately 970 °C. This determination
is substantiated by the considerable augmentation in the affected grain size that has been
observed following homogenization annealing, as evidenced by the comparative analysis
in Figure 3b,c. The solubility of BN in the alloys with varying B fraction ranges from
1200 °C to 1215 °C, as BN is present at 1200 °C but not at 1235 °C or higher temperatures,
in any of the investigated alloys. In alloys with a fixed B content and varying Al fractions,
a decrease in the T, of BN is observed, with complete suppression of BN formation at
concentrations greater than 0.9 wt.-%. Ty, of AIN at temperatures above 1300 °C (alloys
B21AI180, B21Al416) is associated with a higher degree of uncertainty, primarily due to
the challenges associated with conducting heat treatment experiments at such elevated
temperatures, particularly the difficulty of achieving stable connection of the thermocouple
on the sample surface.

For alloys B21AI180 and B21Al416, we therefore employ thermodynamic equilibrium
simulation in order to discuss the accuracy of experimentally determined T g,. Figure 5
shows an SE image (a) and the EDS mapping of Al (b) and Mn (c) for alloy B21AI188 after
annealing at 1100 °C for 1800 s. The concentrations of Al in part b reveal the presence of
AIN particles with a size in the range of several hundred nanometers.

Figure 6 shows the chemical analysis by EDS of AIN and MnS precipitates located
along each other in the alloy B21AI88 after annealing at 1180 °C for 1800 s. The EDS
mappings (a, b, ¢, d) in Figure 6 give more details on the distribution of Al, N, Mn and S
atoms, showing the actual size of the precipitate and the positioning of the two precipitates
along each other. A close nesting between MnS and AIN is evident. AIN precipitates are
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found in the size range of approx. 100 nm, which is close to the lower resolution limit for
PA up to 1 um. A clear dependence of the AIN particle size on the Al fraction in the alloy
is observed, with AIN particles being smaller than 300 nm in alloy B21AI35 and reaching
particle diameters larger than 1 pm in alloy B21AI188. Co-precipitation of AIN and MnS
in microalloyed steel has been reported by [27,76] and is also observed in this study, see
Figure 6. AIN precipitates in the size of 100 nm are not found with a solubility of Mn, as
shown in Figure 5.

ST T T T -
LB e O
. ol
SE . R'}‘%"W (a)
- T N b :
- 3 -
$ - “ |
-
. e it
. N e Ty
e W
- ke - £
,. 3 ‘g
o = :‘*‘

«2Um ,  Magi2s00 WD <« 2HMp  yiagi12800 WD:9 +2HM>  pag: 12,800

WD :9

Figure 5. SE image (a) and chemical analysis mapping for Al and Mn (b,c) utilizes EDS to examine
AIN precipitates in the size range of several hundred nanometers in alloy B21AI88 after annealing at
1100 °C for 1800 s.
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Figure 6. Chemical analysis mapping for S, Mn, Al, and N (a—d) utilizes EDS to examine an AIN
precipitate alongside a MnS precipitate in alloy B21AI188 after annealing at 1180 °C for 1800 s.
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The occurrence of two distinct peaks in the distribution of AIN diameters is evident.
As demonstrated in Figure 5, the formation of small AIN particles with diameters of
approximately 100 nm occurs during processing at lower temperatures. In contrast, the
formation of larger AIN particles occurs at higher temperatures, with the nucleation being
initiated at these elevated temperatures. As the aluminum composition increases, the solvus
temperature of the aluminum nitride (AIN) also increases. Consequently, the size of the
particles increases as well, due to the higher diffusivities that occur at higher temperatures.

Figure 7 shows a corresponding EDS/WDS analysis of a BN precipitate (b), typically
located at an austenite grain boundary, in alloy Al36B44 after annealing for 1800 s at
1200 °C. The spectrum (a) from the WDS analysis shows the presence of N.

N
126K (a kV: 10
112K Mag: 12,800
oKk B
84K EDS 1
WDS_N Ka_2
70K
56K Fe
42K
o
28K )
14K Al Si EHT = 10.00 kV Mag= 1.60KX Date: 7 Aug 2024
Al ! Mo WD= 9.7 mm StageatT= 0.0° Detector=BSD1
S
oKL _ = A - - - - - . . -
0.00 0.67 134 2.01 2.68 335 4.02 4.69 5.36 6.03

Figure 7. SEM-BSE image of a BN precipitate (b) at a grain boundary (GB). Chemical analysis of a
BN precipitate using EDS and WDS (a) for alloy Al36B44 after annealing for 1800 s at 1200 °C. B is
detected using WDS.

From the analysis in the SEM, it can be concluded that BN precipitates appear as
roundish features in the range of 1-5 pm and are predominantly nucleated at grain bound-
aries, as reported in the literature [7,31].

The protection of boron from nitrogen by excess aluminum is controversial. According
to the review by Sharma et al. [7], it is believed that AIN dissolves at high temperatures,
allowing the N to recombine with B. However, this study shows that AIN remains stable
at high temperatures. In a system with 21 wt.-ppm B and 83 wt.-ppm N, an Al fraction
greater than 0.09 wt.-% is sufficient to completely suppress BN. As a rule of thumb for the
preferential precipitation of AIN over the formation of BN, an Al/N ratio of 20 is found for
a B fraction of 21 wt.-ppm.

4.2.2. Pseudo-Binary Fe-Al and Fe-B Phase Diagram Within the Fe-N-C-Al-B System

As illustrated in Figure 4, the pseudo-binary Fe-Al diagram for the system Fe-C-N-Al-
B with 0.5 wt.-% C, 79 wt.-ppm N, and 21 wt.-ppm B for the austenite region is calculated
using the thermodynamic database ME-Fe_ CDLIPE2.0.2.tdb [18].

The blue circles and red triangles represent the experimental results from Section 4.2.1
for the T, of AIN and BN, respectively. The T, of BN for the alloys B21AI0, B19AI35,
and B21Al88 lies within a narrow range, as evidenced by the experimental results. From
a thermodynamic perspective, the higher affinity of boron for nitrogen compared to alu-
minum [8,77] elucidates the amount of aluminum necessary to restrict the solubility of BN
in austenite [7], with approximately 0.09 wt.-% required to entirely impede BN formation.
Figure 8 shows the pseudo-binary Fe-B diagram for the Fe-rich side of the system Fe-C-N-
Al-B with 0.5 wt.-% C, 79 wt.- ppm N, and 0.03 wt.-% Al for the austenite region. These
calculations are derived from the thermodynamic database ME-Fe_CDLIPE2.0.2.tdb [18].
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The blue circles and red triangles represent the experimental results from Section 4.2.1 for
Tso1 of AIN and BN, respectively.
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Figure 8. Calculated pseudo-binary Fe-B phase diagram with 0.5 wt.-% C, 79 wt.-ppm N, and
0.03 wt.-% Al for the austenite region of the Fe-C-N-Al-B system, ME-Fe_CDLIPE2.0.2.tdb. The blue
circles and the red triangles mark the experimental results with error bars for the T, of AIN and BN
for the alloys Al29B0, A129B22, and Al36B44. (For the interpretation of the references to color in this
figure legend, the reader is referred to the Web version of this article).

As the boron fraction increases, the stability of BN begins to manifest at approximately
4 wt.-ppm B. The presence of competing phases, AIN and BN, leads to a reduction in
AIN precipitates with an increase in boron content, owing to the formation of BN. At B
concentrations greater than 50 wt.-ppm, AIN is completely dissolved.

This work definitively shows that AIN and BN are competing phases. An increase in
either aluminum or boron content favors the formation of the corresponding phase, AIN or
BN. The BN phase is generally more stable than AIN due to the strong affinity of boron for
nitrogen, depending on the relative concentrations of Al, B, and N.

4.3. Interrelation of AIN, BN, and TiN Within Fe-C-N-Al-B-Ti
4.3.1. Experiment

In Table 5, the experimental findings concerning the T, of the precipitate phases AIN,
BN, and TiN for the alloys exhibiting variable titanium concentrations are presented. The
data shows the strong affinity of Ti for N, as evidenced by the observation that a mere
0.03 wt.-% Ti is enough to entirely impede the formation of AIN and BN. This phenomenon,
consequently, facilitates the advantageous effect of safeguarding B for the desired “boron-
effect” outcome. There is no evidence of mixing between the AIN, BN, and TiN phases in
the EDS mapping. The determination of T4, for TiN is achieved through the integration
of thermodynamic equilibrium simulation with experimental evaluation. In the case of
alloy Al36B25Ti0, no TiN is detected, whereas in all other alloys containing Ti, TiN is
found. The high solubility temperature of TiN, which is approximately 1430 °C or higher,
renders dissolution experiments in the dilatometer unfeasible. In Figure 9, an exemplary
corresponding EDS analysis of a TiN precipitate in alloy Al42B38Ti30 after annealing at
1300 °C for 1200 s is shown, yielding a spectrum (a) that substantiates the presence of Ti
and N. The EDS mappings (b, ¢, d, and e) provide further insight into the distribution of
the Ti, N, Fe, and C atoms, respectively, and demonstrate the actual size of the precipitate.
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The size of the detected TiN precipitates ranges from 100 nm (lower detection limit) to

several pm.
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Figure 9. Chemical analysis of a TiN precipitate using EDS (a) in alloy Al42B38Ti30 after anneal-
ing at 1300 °C for 1200 s. The EDS mappings in (b—e) show the distribution of Ti, N, Fe, and

C atoms, respectively.

Table 5. Experimental and computed T, of AIN, BN, and TiN in the Fe-C-N-Al-B-Ti system. The
values for TiN are taken from thermodynamic equilibrium simulation.

Alloy Al B Ti N Tso1 AIN Tso1 BN Tso1 AIN Tso1 BN Tso TiN
in wt.-% experiment in °C simulation in °C
Al36B25Ti0 0.036 0.0025 0.000 0.0069 1140 £ 20 1230 4 20 1170 1240 -
AI38B36Ti20 0.038 0.0036 0.020 0.0052 - 1120 + 20 - 1100 1430 £ 20
Al42B38Ti30 0.042 0.0038 0.030 0.0045 - - - - 1440 £ 20
Al44B39Ti42 0.044 0.0039 0.042 0.0042 - - - - 1450 £ 20
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As illustrated in Figure 10, the results of the particle analysis for alloy Al42B38Ti30
after annealing at 1000 °C for 10,000 s indicate the presence of TiN and MnS. The blue
and red dots denote the positions of these two phases, respectively. The precipitate size
in the plot is multiplied by 20 to enhance the visibility of the particles. The absence of
BN and AIN in the present measurement further suggests that AIN and BN are not stable
within the alloy and annealing temperature under investigation. The diameter of titanium
nitride (TiN) is distributed over a wide range, from a mere hundred nanometers to several
micrometers. The formation of large TiN precipitates is hypothesized to occur at elevated
temperatures or primarily from the liquid phase [78]. Small TiN particles are thought to
nucleate as secondary precipitates from the solid state at lower temperatures during the
subsequent production process.
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Figure 10. Results of particle analysis for alloy Al42B38Ti30 after annealing at 1000 °C for 10,000 s.
(a) Position of the TiN (blue) and MnS (red) precipitates. The precipitate size in the plot is multiplied
by 20 to make the particles more easily visible. (b) Distribution of the TiN precipitates diameter.

Figure 11 shows the resulting austenite grain size after annealing at 1000 °C for
500 s and 10,000 s, respectively. A profound bimodal grain size distribution can be observed,
indicating the abnormal grain growth behavior. This behavior is explained by the absence
of grain boundary pinning AIN precipitates. A similar effect is reported by Roy et al. [37]
and Monschein et al. [35] in HSLA steel, where the dissolution of second-phase particles at
higher soaking temperatures is reported to allow AGG. In the alloys without Ti alloying,
AGG was not observed, further supporting the theory that the lack of AIN leads to AGG.
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Figure 11. Comparison of the resulting austenite grain size for alloy Al42B38Ti30 after annealing
at 1000 °C for 500 s and 10,000 s, respectively. Etching is performed with PM1998, adapted from
Ref. [75]. Black lines are drawn to highlight the PAGB.
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4.3.2. Pseudo-Binary Fe-Ti Phase Diagram Within the Fe-N-C-Al-B-Ti System

Figure 12 shows a calculated pseudo-binary Fe-Ti diagram for the Fe-rich side with
0.5 wt.-% C, 79 wt.-ppm N, 0.03 wt.-% Al, and 36 wt.-ppm B for the austenite region of the
Fe-C-N-Al-B-Ti system, using the thermodynamic database ME-Fe_CDLIPE2.0.2.tdb [18].
The blue circles, red triangles, and green stars represent the experimental results from
Section 4.2.1 for the T, of TiN, BN, and AIN, respectively. However, small discrepancies
between simulation results and experimental data are observed, and they are attributed to
experimental evaluation uncertainties, primarily due to resolution limits and the complex
interactions with numerous degrees of freedom in the multicomponent system. In fact, the
calibration of such interactions can be achieved, but we prefer to accept deviations due to
the high doubt of the appropriate physical base for their modeling. The collective analysis
of the simulation results indicates a reasonable agreement between the simulations and the
experimental observations, suggesting a satisfactory overall outcome.
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Figure 12. Calculated pseudo-binary Fe-Ti phase diagram with 0.5 wt.-% C, 79 wt.- ppm N, 0.03 wt.-%
Al, and 36 wt.-ppm B for the austenite region of the Fe-C-N-Al-B-Ti system, ME-Fe_ CDLIPE2.0.2.tdb.
The blue circles, red triangles, and green stars mark the experimental results with error bars for the
Tso1 of TiN, BN, and AIN for the alloys Al36B25Ti0, AI38B36Ti20, A142B38Ti30, and Al44B39Ti42. (For
the interpretation of the references to color in this figure legend, the reader is referred to the Web
version of this article).

5. Summary

Our experimental investigation of high-purity vacuum induction-melted alloys con-
firms that Ti, B, and Al exhibit decreasing affinities to nitrogen, forming nitrides in mi-
croalloyed steel. In the competitive interaction with aluminum, in the Fe-C-N-Al-B sys-
tem with approximately 80 wt-ppm N and 20 wt.-ppm B, increasing the Al content to
0.09 wt.-% effectively inhibits the formation of BN, in contrast to previous understanding of
the negligible protective role of Al at high temperatures. AIN is found to heterogeneously
nucleate on MnS. Titanium proves to be very effective in blocking the formation of other
nitrides. The presence of 0.02 wt.-% Ti completely blocks the formation of AIN and shifts
the T, of BN by 150 °C. The addition of 0.03 wt.-% Ti is sufficient to suppress the formation
of both BN and AIN, in steel with approximately 50 wt.-ppm N. By integrating available
binary and ternary descriptions into a thermodynamic database, we predict the stabilities
of the multicomponent system Fe-C-N-Al-B-Ti. A new Gibbs energy description of the BN
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phase is presented, which provides a comprehensive characterization of the experimentally
accessible solubility products. Overall, considering the simulation results for nitride phase
boundaries, the outcomes are satisfying, as reflected by a reasonable agreement between
the simulations and experimental observations. This further confirms the control by the
thermodynamics of binary and ternary subsystems, since the extension to quaternaries,
quinaries, and the multi-component steel system studied has been considered ideal, and
the applicability of the steel database, being optimized by new experimental data in the
Fe-rich corner for dilute microalloyed steel is confirmed.

In alloys with even a small amount of Ti, abnormal grain growth behavior is observed.
This inhomogeneous grain growth is attributed to the absence of AIN precipitates, which
are known to retard grain boundary movement.
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Abstract: Selective Laser Melting (SLM) of 316L stainless steel exhibits great potential
prospects for engineering applications due to its high strength, high forming freedom,
and low material waste. However, due to the unique processing technology of additive
manufacturing, challenges related to the microstructure and differences in the mechanical
properties of the formed parts are inevitable. To investigate the influence of building direc-
tion and grain boundary strength on the fracture parameters of SLM 316L stainless steel,
electron backscatter diffraction (EBSD) experiments were conducted to characterize the mi-
crostructure of SLM 316L stainless-steel specimens. A representative volume element (RVE)
model reflecting the microstructure of SLM 316L stainless steel was established based on a
combination of the crystal plastic finite element method (CPFEM) and UMAT subroutine
technology. The crystal plasticity parameters were determined by comparing the results
of tensile tests. Cohesive elements were employed and inserted at the grain boundaries
of the polycrystalline RVE to simulate the intergranular fracture behavior of SLM 316L
stainless steel under uniaxial tensile loading. The damage and fracture mechanisms of
the material at the microscale were analyzed. The simulated tensile stress—strain curves
were in good agreement with the experimental results; hence, the combined CPFEM model
is suitable for characterizing the mechanical response and fracture behavior of the SLM
316L stainless steel. The results revealed that cracks initiate at stress concentration sites
and propagate along grain boundaries with increasing external load, ultimately leading to
rupture. Additionally, the building direction influences the location of microcracks and
their propagation significantly.

Keywords: additive manufacturing; 316L stainless steel; microstructure; fracture behavior;
representative volume element

1. Introduction

Additive manufacturing presents promising development prospects owing to its
distinct advantages: the rapid fabrication of complex structural components, seamless inte-
gration of design and manufacturing processes, customization capabilities for individual
components, and precise control over localized component properties. Among additive
manufacturing technologies, Selective Laser Melting (SLM) stands out for its ability to
produce components with superior precision and quality. SLM 316L stainless steel not
only exhibits high strength, exceptional forming freedom, and minimized raw material
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waste, but also demonstrates excellent toughness and superior corrosion resistance. While
maintaining mechanical performance comparable to conventionally produced alterna-
tives, it offers significantly reduced costs, thereby facilitating its widespread adoption
across aerospace, shipbuilding, medical device manufacturing, and various other industrial
sectors [1-3].

In additive manufacturing processes, microstructural variations emerge in compo-
nents compared to traditional castings due to process parameters, operational procedures,
and other influencing factors. These variations manifest as distinctive grain orientations,
heterogeneous grain sizes, and defects such as porosity and inclusions. Such microstruc-
tural differences directly influence the mechanical behavior of components and represent
the primary constraints limiting the broader implementation of additive manufacturing
technologies. Consequently, extensive research efforts have focused on elucidating the
relationships between process parameters, resultant microstructural characteristics, and
mechanical properties through systematic experimental investigations. Song et al. [4] eval-
uated five distinct scanning strategies to establish correlations between the microstructural
features, crystallographic morphology, and mechanical properties of SLM 316L stainless
steel. Their findings revealed that scanning strategies exert significant influence on mi-
crostructural development, grain growth behavior, grain size distribution, and consequent
mechanical properties. The implementation of specific scanning methodologies promotes
the formation of equiaxed grain structures, thereby enhancing both tensile strength and
ductility in SLM 316L stainless-steel components. Jaskari et al. [5] conducted compre-
hensive analyses on the microstructure, defect characteristics, and mechanical properties
of SLM 316L stainless-steel specimens fabricated using varying volume energy densities.
Their research demonstrated that low-energy-density processing conditions generate in-
creased porosity and unfused powder defects, resulting in diminished elongation properties.
However, these detrimental phenomena can be effectively mitigated by employing higher-
energy-density parameters during fabrication. The research by Zhai et al. [6] demonstrated
that incorporating titanium alloy as an additive element during stainless-steel processing
refines grain structure (reducing average grain size from 16.7 pm to 0.8 pm) without induc-
ing the formation of detrimental intermediate phases at the grain boundaries in SLM 316L
stainless-steel specimens. This microstructural refinement concurrently produces signifi-
cant enhancements in ultimate tensile strength. Piazza et al. [7] investigated the influences
of component geometry and laser power parameters on porosity development and melt
pool characteristics in SLM 316L stainless-steel specimens. In complementary research,
Fri et al. [8] performed detailed metallographic examinations and heat treatment studies
on SLM 316L samples at various temperatures (650 °C, 800 °C, and 1050 °C), characteriz-
ing the material’s microstructural evolution. Their results confirmed that SLM-produced
316L stainless steel exhibits excellent high-temperature stability that is directly attributable
to its distinctive microstructural features. To further elucidate process—microstructure—
property relationships in additive manufacturing, Zinovieva et al. [9] examined the effects
of scanning patterns on microstructural development and mechanical behavior in SLM
316L stainless steel. Comparing unidirectional and bidirectional scanning strategies, they
observed that bidirectional scanning produced microstructures with more pronounced
Gaussian and cube crystallographic texture distributions. In contrast, unidirectional scan-
ning resulted in coarser grain structures, more prominent texture patterns, and anisotropic
properties. Researchers conducted experimental studies using uniaxial tensile testing [10]
and ultrasonic wave velocity methods [11] to obtain the elastic constants of 316L steel
under different scanning strategies. Due to the different degrees of shear and tensile forces
affecting the interfaces between deposited layers in different printing directions, addi-
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tively manufactured metals also exhibit significant anisotropic behavior [12-14]. Currently,
the reasons for the orthotropic nature of additively manufactured 316L are complex and
deserve further investigation.

It is evident that the majority of scholarly research has concentrated on the influence
of microstructure on the tensile properties of SLM 316L stainless steel, with comparatively
limited investigation into fracture and fatigue behaviors. Suryawanshi et al. [15] conducted
a comprehensive evaluation of tensile properties, fracture characteristics, and fatigue crack
propagation in SLM 316L stainless steel, benchmarking against conventionally manufac-
tured (CM) austenitic 316L stainless steel. Their experimental findings revealed that SLM
316L stainless steel possesses yield strength compared to its CM counterpart, though at the
expense of diminished ductility. Byun et al. [16] employed scanning electron microscopy
coupled with electron backscatter diffraction (EBSD) techniques to perform in situ tensile
testing on SLM 316L stainless-steel specimens. The EBSD analysis demonstrated that
complex microstructural features—encompassing grain morphology, grain orientation
differentials, and porosity—exert profound influence on tensile deformation mechanisms
and fracture processes. Solberg et al. [17] investigated fatigue behavior in SLM 316L stain-
less steel through the dual perspectives of internal porosity and surface roughness. Their
research established that surface roughness predominantly governs fatigue microcrack
initiation under high-cycle fatigue conditions, whereas internal porosity emerges as the
principal driver of microcrack formation in low-cycle fatigue regimes.

Experimental methodologies are valuable and constrained by significant drawbacks,
including high costs, extensive time requirements, and numerous confounding variables.
In contrast, finite element methods are computationally efficient and cost-effective. Contem-
porary research predominantly utilizes the crystal plastic finite element method (CPFEM)
in conjunction with representative volume elements (RVEs) to simulate the mechanical
behavior of SLM 316L stainless steel. Ahmadi et al. [18] developed an advanced sim-
ulation framework incorporating both grain structure and melt pool characteristics to
examine how various specialized microstructures influence the mechanical properties
of SLM 316L stainless steel. They integrated cohesive zone elements (CZMs) into their
model to simulate mechanical behavior, though notably, their approach did not account
for the actual microstructural configurations of test specimens. Cai et al. [19] pioneered an
integrated approach combining CPFEM and CZM to investigate the effects of microstruc-
tural morphology, grain dimensions, crystallographic orientation, and temperature on the
mechanical properties of TWIP steel. Their research conclusively demonstrated that grain
boundaries exhibit greater brittleness than grain interiors, resulting in preferential microc-
rack nucleation at the interfaces between grains. Furthermore, building direction has been
shown to significantly impact the mechanical properties of SLM 316L stainless steel [20,21].
This anisotropic behavior stems primarily from preferential grain orientation in the build-
ing direction, a critical factor that demands explicit consideration in numerical simulations.
In recent years, Nazari-Onlaghi et al. [22] have used various crystal plasticity finite element
simulations to model the deformation process of alloys, and Wang et al. [23] inferred
that inhomogeneous grain distribution would lead to plastic anisotropy in the stress lev-
els of tensile and compressive behaviors. Therefore, the crystal plasticity finite element
method encompasses fundamental aspects of materials science, including lattice structures,
dislocation theory, and stress—strain relationships. The application of this method to inves-
tigate intragranular microstructure and mechanical behavior provides direct insights into
deformation mechanisms under external loading conditions. Consequently, employing
crystal plasticity finite element analysis to examine how microstructure and building di-
rection influence fracture behavior in SLM 316L stainless steel contributes to advancing
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our understanding of damage and failure mechanisms in additively manufactured metallic
materials.

This research aims to establish CPFE models and calibrate material parameters based
on data obtained from uniaxial tensile experiments and EBSD characterization. Combining
CZMs, the proposed CPFE models accurately capture the actual microstructural features of
the material, enable the simulation of fracture behavior, and facilitate in-depth analysis of
how microstructural characteristics influence fracture mechanisms in SLM 316L stainless
steel.

Section 2 presents a brief description of the specimen fabrication of the SLM 316L
material and the test methodology, including the methodology of the printing process, the
EBSD experiment, and the uniaxial tensile test at room temperature. Section 3 presents
and analyzes the uniaxial mechanical properties and microstructure characteristics (EBSD).
Section 4 develops a computational framework, integrating crystal plasticity theory with
cohesive zone (CZM) element formulations, and outlines the numerical model theory,
construct, simulation conditions, substructure model technology, and the results of both the
RVE and compact tension tests. Finally, Section 5 summarizes the conclusions and future
research directions.

2. Specimen Preparation and Experimental Method

SLMB316L stainless steel is an austenitic stainless steel with low carbon content, exhibit-
ing excellent corrosion resistance and weldability. The powder size distribution for 316L
is determined according to the previous work [15]. The diameter of particles is between
10 pm and 45 pm. Its chemical composition by mass fraction is shown in Table 1.

Table 1. Chemical composition of SLM316L stainless steel (weight percentage %).

Type of Element Cr Ni Mn Mo C Si Fe
Content proportions 16-18 10-14 2 2-3 0.03 1 Remainder

The SLM316L stainless-steel specimens used in this study were custom-fabricated via
the Shenzhen Speed Platform using an SLM280 3D printer manufactured by Sino-Swiss
Metals (ZRapid Tech, Suzhou, China). Prior to the experiment, the specimens were treated
to ensure good surface conditions and to confirm that they were intact without obvious
notches. The dimensional parameters of the specimens are shown in Figure 1a. There
are many printing parameters that affect the forming of SLM technology. After a series
of trials, the SLM printing parameters used in this study were determined (laser power:
225 W; scanning speed: 1000 mm/s; hatch spacing: 90 um; powder layer thickness: 30 um;
laser beam diameter: 70 um). The scanning strategy is illustrated in Figure 1b. Before
the experiment, the oxygen concentration in the forming chamber was reduced to below
1000 ppm; 316L stainless steel was used as the base plate, and argon gas was employed as
the protective gas. During printing, the layers were rotated by 67° successively. Through
layer-by-layer accumulation, the SLM 316L specimens were successfully fabricated accord-
ing to the two-dimensional data imported into the software before testing. The formed
specimen is shown in Figure 1c.

Building upon the work of Suryawanshi et al. [15] and Wang et al. [23], this study
conducted room-temperature quasi-static tensile experiments on SLM316L stainless steel
in accordance with the previous work [15] at a strain rate of 0.00033 s~ ! (with a crosshead
speed of 0.11 mm/min). Uniaxial tensile tests were conducted at room temperature using
an MTS universal material testing machine (Eden Prairie, MN, USA). The tensile direction
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of the specimens was along the X-axis (TD direction), and the experimental data were
automatically recorded by a computer.
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Figure 1. Specimen fabrication: (a) schematic diagram of specimen dimensions; (b) SLM scanning
strategy; (c) fabricated specimen.

Electron backscatter diffraction (EBSD) has emerged as a critical microstructural
characterization methodology in materials science. The successful implementation of this
technique necessitates rigorous specimen preparation protocols to achieve both compliance
with analytical requirements and optimal data quality [24,25]. The preparation process
typically involves sequential mechanical polishing, followed by final chemo-mechanical
treatment to obtain ultra-smooth surfaces with minimal topographical variations. Moreover,
the meticulous execution of these preparatory stages proves essential for eliminating
residual surface damage that could otherwise generate crystallographic artifacts during
pattern acquisition. First, a wire-cutting machine was used to cut the complete specimens
to obtain samples of appropriate size for the experiment. Then, to ensure that the cut
specimen surfaces were flat and smooth, sandpapers of different grit sizes were used to
repeatedly perform coarse and fine grinding on the surfaces to be examined. Finally, to
ensure the quality of specimen preparation, an electrolytic polishing machine was used for
electrolytic polishing treatment. Using a trial-and-error method, parameters of 3 V voltage
and 15 A current were set for a 45 s processing treatment. Microstructural observations
were conducted using an Apreo S HiVac field-emission scanning electron microscope (FEI
company, Hillsborough, OR, USA).

3. Experimental Results and Discussion
3.1. Microstructure

Figure 2 presents EBSD images of the X-Y plane of the test sample. Figure 2a displays
the EBSD inverse pole figure (IPF) of the SLM316L stainless steel. The image clearly demon-
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strates that the grain morphology of SLM316L stainless steel differs markedly from the
coarse grains typically observed in traditionally cast stainless steel. While traditionally
cast stainless steel predominantly exhibits regular block-shaped grains, SLM316L stainless
steel features elongated grains aligned along the TD direction, frequently spanning multi-
ple melt pools [26]. The diverse colors in the figure represent varying grain orientations,
indicating that grain orientations within the X-Y plane do not follow any apparent distri-
bution pattern. However, in some large grain, it can be observed that there are still some
continuous trends, and they are distributed along the same direction holistically. It can be
observed that although the orientations of the grains are not entirely the same, there are
still some continuous trends, and overall, they are distributed along the same direction.
Figure 2b illustrates the EBSD grain boundary quality map of the SLM316L stainless steel,
where solid lines denote high-angle grain boundaries (>10°) and dashed lines indicate
low-angle grain boundaries (2-10°). The analysis of this plane’s EBSD image reveals a
uniform distribution of both high-angle and low-angle grain boundaries, with high-angle
boundaries slightly predominating. Notably, low-angle boundaries typically correlate with
high-density dislocations within the material structure.

1PF Coloring || 20
Iron bec (old)

(@) (b)

Figure 2. EBSD images of the fabricated sample: (a) EBSD inverse pole figure (IPF); (b) EBSD grain
boundary quality map.

With the entire region serving as the analytical focus, comprehensive grain size dis-
tribution data were extracted and statistically analyzed. Figure 3 illustrates the grain size
distribution of the fabricated sample. The average grain size throughout the dataset is
26.8 um, which is considerably smaller than traditionally cast samples. Characteristically,
the grain size distribution in the additively manufactured sample is dominated by fine
grains (<50 um), which constitute over 80% of the total population, although larger grains
(>50 um) are also present. Significantly, these larger grains typically function as the primary
facilitators of slip occurrence in the material.

3.2. Tensile Property

Figure 4a illustrates the measured engineering stress—strain curves, juxtaposed with
results from traditionally cast 316L stainless steel (Figure 4b) obtained by Suryawan-
shi et al. [15]. As can be seen from Figure 4, compared with the traditionally cast 316L
specimen, SLM316L stainless-steel specimens demonstrate markedly different mechanical
behavior compared to their traditionally cast counterparts. During the elastic regime, stress
values escalate rapidly with increasing applied load, approaching the material’s elastic
strength while maintaining a robust linear stress—strain relationship. Following elastic
deformation, the specimen enters an extended plastic hardening phase characterized by
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a significantly reduced but steady stress growth rate. At elevated stress levels, localized
reduction in the specimen’s cross-sectional area (necking) occurs, ultimately leading to
fracture at a specific location.

Grain size arrangement settings
Threshold angle: 10.0°

Grain boundary grain: contains
Entire data set

All phases (except zero analy-

sis)

Result

Count

Grain count: 647
Average value: 26.8um
Area weighted average:
134.9um

Minimum value: 5.0um

Maximum value: 345.0um
Standard deviation: 32.4um

T T T T T T
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Equivalent circular diameter (pum)

Figure 3. Grain size distribution along the X-Y plane of the fabricated sample.
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Figure 4. Engineering stress—strain curves: (a) cast 316L stainless steel [15]; (b) SLM316L stainless
steel.

Table 2 summarizes the tensile properties of both the SLM316L specimens and ref-
erence traditionally cast 316L specimens. The SLM316L stainless steel exhibits a yield
strength of 362 MPa, tensile strength of 556 MPa, and elongation of 7.5%, whereas the tradi-
tionally cast 316L stainless steel demonstrates a yield strength of 306 MPa, tensile strength
of 685 MPa, and remarkably higher elongation of 65%. These comparative data reveal that
while SLM316L stainless steel possesses superior yield strength, it underperforms in terms
of tensile strength and ductility relative to its traditionally cast counterpart.

Table 2. Comparative tensile properties of SLM316L stainless steel and traditionally cast 316L stainless

steel.
Sample Yield Strength/MPa Tensile Strength/MPa Elongation/%
SLM316L 362 556 7.5
Rolled316L 306 685 65

4. Finite Element Simulation and Verification
4.1. Crystal Plasticity Model

4.1.1. Kinematics

In this paper, based on Huang’s work, a phenomenological rate-dependent plastic
constitutive model of the crystal is used to simulate the mechanical response inside the
grain. Hill presented a mathematical description of crystal geometry and kinematics in
the theory of crystal plasticity. Crystal grains usually undergo lattice rotation and elastic
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deformation under external loads. If the single crystal has no elastic deformation at all and
causes slippage, the gradient of total deformation F is given by

F=Fe.FP 1

where gradient elastic deformation F¢ is mainly caused by rigid rotation, and FP is plas-
tic deformation gradient caused by shear slip of the crystal along the sliding direction.
The plastic deformation gradient satisfies the following equation:

=y ¥s@m@ 2)

where s(? and m(?) are the slip direction in the reference coordinated system and the
sliding surface normal direction.

4.1.2. Constitutive Equations

The stretching rate of the lattice and the Jouman rate of Cauchy stress has a relation-
ship:
\%
c*+o(l:D*)=L:D" 3)

where I and L are the unit tensor and the elastic modulus tensor.
During the slip process, the slip process satisfies SCHMID’s law:

20 m*(a).%og.s*m @)

where py is a reference configuration material density and p is the density of the current
configuration.

4.1.3. Hardening Laws

According to Schmid’s law, each slip system’s slip rates of rate-dependent crystalline
materials are defined as

n

7@ = 7{Vsgn(z®)/g)|®)/ g ()
n is the rate sensitivity index. Here, ¢(*) is denoted by
. N :
§= Y hapg? ®)

p=1

where h, is slip-enhanced modulus. When a = f, the hardening mode is self-hardening,
and when a # f, the hardening mode is latent-hardening. Self-hardening is adopted as

hoy
T—T0

haw = (h) = hgsech?

@)

where hj represents the initial hardening modulus, 7y denotes the material’s initial yield
stress, and T signifies the critical shear stress required for plastic flow to occur. The term y
corresponds to the sum of accumulated shear strain across all slip systems.

The relationship between the self-hardening modulus and latent-hardening modulus
is expressed as

hap = Gh(7) (e # ) ®)
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Here, q is a constant that characterizes the proportional relationship between self-
hardening and latent-hardening mechanisms.

In 1991, Bassani and Wu introduced a distinctive expression to describe the hardening
modulus of crystalline materials. This formulation encompasses the three characteristic
stages of crystal material hardening:

oa = {(ho — hg) sech? [W} +hs}G(7(ﬁ);,B # ) ©

hop = qhaa(B # ) (10)

The parameter /; introduced in this model represents the hardening modulus during
the initial stage of easy slip processes in the hardening phase. The function G pertains to
interaction hardening and is defined as

(a)
G(/}/(D‘)IIB 7& 0() =1+ IBZ faﬁtlli’lh <’):)/0> (11)
#D(

As one of the earliest and most widely implemented crystal plasticity models, this ex-
ponential formulation has been extensively utilized in research and subsequently enhanced
by numerous investigators. The present study likewise employs this crystal plasticity
model as a primary research tool. The aforementioned crystal plasticity formulation is im-
plemented through Huang’s UMAT subroutine, which assigns the specific crystal plasticity
parameters.

4.1.4. Cohesive Zone Model

The cohesive zone model integrated within Abaqus software 6.14 represents a power-
ful analytical tool for investigating fracture behavior and has gained widespread adoption
in research examining failure mechanisms, particularly delamination in composite materi-
als. In this section, we implement a bilinear cohesive zone model utilizing zero-thickness
cohesive elements to simulate both the initiation and propagation of cracks along grain
boundaries during tensile loading. The theoretical foundations and physical principles
governing these elements are comprehensively documented in the Abaqus manual and
thus will not be reiterated here.

Within the Abaqus environment, users can define the maximum threshold value for
the damage variable to determine the fate of cohesive elements upon failure. The default
setting of 1.0 dictates that when the damage variable reaches this value, the software
automatically removes failed cohesive elements from the model, effectively completing
the simulation of material fracture processes. For analytical purposes, the SDEG variable,
which can be selected in the output settings analysis step, provides real-time tracking of
the damage variable, enabling researchers to precisely monitor both the spatial distribution
and temporal progression of damage accumulation throughout the loading sequence.

4.2. Finite Element Model of Representative Volume Element

The representative volume element was constructed using the Voronoi tessellation
method [27,28], with Neper 4.7.0 [29-31] employed to generate a Voronoi structure com-
prising 50 distinct grains. Based on experimentally determined grain size measurements,
we developed a structural model measuring 0.2 mm in length and 0.12 mm in width.
As shown in Figure 5a, each uniquely colored set represents an individual grain, with all
50 single crystal grains collectively constituting the representative volume element of the
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polycrystalline structure. The random crystallographic orientation data acquired from our
EBSD experiments were processed and systematically assigned to each grain set through
orientation parameters specified in the UMAT subroutine configuration.
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Figure 5. Calibration of representative volume element model (RVE): (a) meshing and boundary
condition of FE model; (b) comparison of tensile stress—strain curves obtained from experiment and
simulation.

The numerical model utilized CPE3 mesh elements. In order to balance the calculation
efficiency and the number of elements, mesh independence studies were conducted. The initial
mesh size is set to 10 pm, and the density is gradually increased. After each refinement,
the Von Mises stress of the observation point is recorded. Finally, the mesh size is optimally
set to 4.8 um. To eliminate rigid body motion during load application, we implemented
strategic boundary constraints. Specifically, the boundary conditions included the following;:
displacement constraints on the left boundary plane: U, = 0; fixed nodal constraints at the
origin located at the lower left corner: U, = U, = 0. For load application, all nodes on the
right boundary plane were coupled and subjected to displacement-controlled tensile strain to
simulate uniaxial tension. The loading strain rate is consistent with the experiment.

For the accurate numerical simulation of SLM316L stainless steel, we implemented
customized material parameters in the UMAT subroutine [32], with specific parameter
sets assigned to individual grains. The elastic modulus of SLM316L stainless steel was
precisely determined from tensile test stress—strain data to be C1; = Cjp = C4q4 = 206 GPa.
The remaining crystal plasticity parameters were established through an optimization
process that minimized the mean square deviation between the experimental and simu-
lated stress—strain curves. The complete set of optimized crystal plasticity parameters is
presented in Table 3. In the simulation process, SLM316L is considered as having static
recrystallization with no phase transformation.

Table 3. Crystal plasticity parameters of SLM316L stainless steel.

Material Parameter Parameter Value
Ciiii/MPa 206,000
Ciiij/MPa 206,000
Cjjij/MPa 206,000

ho/MPa 171
Ts/MPa 214
To/MPa 156
n 59
q 111
7@ 0.001
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Figure 5b presents a comparative analysis of the tensile stress—strain response obtained
from experimental testing versus finite element simulation. The results demonstrate excel-
lent correlation between experimental and simulated values across the full deformation
range, with minor discrepancies remaining well within acceptable tolerance limits for
crystal plasticity modeling.

4.3. SLM316L Stainless Steel—Fracture Behavior Simulation

In order to simulate the fracture behavior, the grain boundaries of the RVEs were
realized by combining the COH2D4 cohesive elements between adjacent grains in the
model shown in Figure 6a. The models in Figures 5 and 6 maintain consistency in boundary
condition settings and grain size.

- - - - TD(Transeverse Direction)
—— SD(Scanning Direction)

I A I e M B B e ) B I
2 4 6 8 10 12 14 16 18 20 22 24 26 28
Engineering Strain/%

(a) (b)

Figure 6. RVEs combined with cohesive zone elements: (a) meshing and boundary conditions of FE

model (red lines represent CZM elements); (b) comparative stress—strain response curves for RVE
models with different grain orientations.

The crystal plasticity parameters employed in this section are consistent with those
established in the preceding section. For the cohesive element parameters, it was essential
to define the normal stiffness K;;;;, tangential stiffness Kss = Ky, maximum normal and
tangential traction forces t) = t) = %, and energy dissipation rates G,. These specific
values are comprehensively detailed in Table 4. The cohesive element thickness was
configured at 0.001 mm for all simulations.

Table 4. Cohesive element parameter configurations.

Material Parameter Numerical Value
Kyn /MPa 206,000
Kss/MPa 78,000
Kyt /MPa 78,000

t9 /MPa 550
t9/MPa 550
1 /MPa 550

Gy, 5.5

The representative volume elements were configured with two distinct sets of crystal-
lographic orientations. The transverse direction (TD) is basically consistent with the EBSD
experimental measurements. Since SLM 316L stainless steel belongs to the face-centered
cubic (FCC) structure of austenite, its grain orientation has a high degree of symmetry,
and Euler angles within 90° can fully express all grain orientations. A normal distribution
probability is used to control the range of Euler angle values, with the specific distribution
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shown in Table 5. For the scanning direction (SD), the above method is used to randomly
generate grain orientations for each grain.

Table 5. The distribution probability of Euler angle values.

Euler Angle +7.5° +15° £22.5° +45°
91 0.382 0.682 0.866 0.954
47 * * * *
P2 0.382 0.682 0.866 0.954

* means the data along the RD (100) direction actually measured by EBSD experiment.

Following the computational analysis of both RVE model sets, the stress—strain curves
of different grain directions are presented in Figure 6b. During the elastic deformation
stage, the RVE models in the TD direction and the SD direction exhibit the same mechanical
response, indicating that grain orientation has almost no influence on the mechanical
properties of the material in the elastic deformation stage. However, in the subsequent
plastic deformation stage, the yield strength and fracture limit in the SD direction are
somewhat higher than those in the TD direction.

Figure 7 illustrates the von Mises stress distribution contour maps for both orientation
configurations at the point of computational non-convergence, which corresponds to
material failure. The stress contours reveal pronounced heterogeneity in the internal stress
distribution across models with different forming directions. While fracture locations vary
among different grain boundaries depending on crystallographic orientation, a consistent
pattern emerges where fractures in both models initiate at triple junctions—locations
where three grain boundaries intersect. A significant disparity in fracture elongation is
evident between the two orientation configurations: the SD-direction model demonstrates
substantially greater ductility, achieving approximately 27% elongation before failure,
whereas the TD-direction model exhibits limited elongation of only about 18%. These
computational findings corroborate existing experimental research, which has established
that specimens fabricated in the SD direction possess enhanced ductility compared to
their TD-direction counterparts. In all cases, fractures initiate at grain boundaries and
subsequently propagate along these interfaces until complete material separation occurs.
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Figure 7. Von Mises stress distribution contour maps of RVE models: (a) SD; (b) TD.
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To elucidate the progressive fracture behavior of the RVE model under uniaxial tensile
loading, we extracted and analyzed the damage variable (SDEG) contour maps throughout
the crack propagation process, as illustrated in Figure 8. These sequential images capture
the complete evolution from crack initiation through propagation to ultimate fracture
under sustained uniaxial tension. Five critical stages representing characteristic mechanical
behaviors were selected for comprehensive analysis.

At 7.3% tensile strain, the cohesive elements begin to exhibit initial stiffness degrada-
tion, signaling the onset of crack nucleation. Although no macroscopically visible cracks or
significant cohesive element deformation are apparent at this stage, incipient micro-cracks
have formed at the locations highlighted in red, with stiffness degradation quantitatively
detectable through numerical analysis. As tensile strain progresses to 9.5%, the cohesive
elements manifest substantial stiffness deterioration, with micro-cracks becoming clearly
visible at triple junctions where the grain boundaries intersect. These crack initiation sites
correspond precisely to regions of stress concentration, conforming to the well-established
experimental observation that fracture nucleation preferentially occurs in high-stress re-
gions. Despite this progressive damage to cohesive elements and associated micro-crack
formation, the global stress—strain response of the RVE model remains in the strain hard-
ening regime. With continued external loading, cohesive element degradation intensifies
and propagates to additional locations, gradually dominating the mechanical response.
When tensile strain reaches 14.4%, cohesive elements near a second stress concentration
region experience complete degradation (SDEG = 1), indicating total loss of load-bearing
capacity. In accordance with the simulation parameters, these failed cohesive elements
are removed from the model, resulting in distinct, observable cracks. During subsequent
deformation, these primary cracks propagate continuously along grain boundaries with
increasing strain, while secondary micro-cracks simultaneously develop throughout other
regions of the model. The proliferation of these multiple crack networks progressively
diminishes the model’s residual strength, initiating a load-shedding process that ultimately
culminates in complete material fracture.
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Figure 8. Cont.
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Figure 8. Evolution of damage variable (SDEG) distribution in cohesive elements for the TD-direction
model: (a) € = 7.3%; (b) € =9.5%; (c) € = 14.4%; (d) € = 16.6%; (e) € = 17.9%.

4.4. Influence of Grain Boundary Strength

Grain boundaries, the interfacial regions between adjacent crystalline grains, play a
pivotal role in determining both the strength and ductility of metallic materials. The in-
trinsic strength of these boundaries governs their structural stability and resistance to
tensile deformation, thereby significantly influencing the overall mechanical integrity and
deformation behavior of the material. In this study, we hypothesized that stainless-steel
specimens fabricated using varied process parameters during additive manufacturing
would develop fundamentally different grain boundary characteristics and strengths.

To systematically investigate this hypothesis within our computational framework,
we maintained the cohesive model parameters established in the preceding section while
strategically varying the maximum traction forces of the cohesive elements across three
distinct values: 500 MPa, 550 MPa, and 600 MPa. Throughout these simulations, crystal
plasticity parameter settings remained constant, while crystallographic orientations were
configured to represent both TD (transverse direction) and SD (scanning direction) forming
orientations. The resulting stress—strain responses from these six distinct RVE model
configurations are illustrated in Figure 9.

The analysis of these results reveals a consistent and significant trend: models with an
SD forming direction consistently demonstrate superior mechanical performance, exhibit-
ing both enhanced strength and improved ductility compared to their TD counterparts.
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This observation underscores that crystallographic orientation and forming direction exert
a more profound influence on overall mechanical behavior than variations in grain bound-
ary strength. Comparative assessment of the stress—strain curves further indicates that
incremental increases in maximum traction force (from 500 MPa to 550 MPa to 600 MPa)
correlate with progressive improvements in both material strength and ductility.
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Figure 9. Comparative stress—strain responses of RVE models with varying cohesive element parameters.

Notably, however, when the maximum traction force reaches 600 MPa, the material
exhibits negligible additional enhancement in mechanical strength. This plateau effect
emerges because at such elevated grain boundary strengths, the interfaces no longer
constitute the limiting factor in determining fracture strength. Instead, extensive plastic
shear strain accumulates within the grain interiors, shifting the dominant failure mechanism
from interfacial separation to intragranular deformation. In this regime, the crystal plasticity
characteristics become the primary determinant of material strength. During continued
loading, widespread crystallographic slip occurs across numerous grains throughout the
microstructure, ultimately triggering load redistribution and the onset of material softening
behavior.

4.5. Fracture Performance Parameter Simulation

The RVE (representative volume element) finite element model provides a sophis-
ticated framework for simulating material mechanical behavior at the mesoscopic scale,
effectively characterizing the microscopic mechanical properties of materials under uniaxial
tensile loading. In this section, we implement a hierarchical submodeling technique to sys-
tematically map the stress—strain responses derived from our RVE models to a macroscopic
CT (compact tension) specimen model, thereby facilitating a comprehensive analysis of
material mechanical performance at the macroscopic scale.

The material constitutive relationships established through RVE model simula-
tions are strategically incorporated into the CT specimen finite element model depicted
in Figure 10. Specifically, the region surrounding the crack tip is designated as the sub-
model domain, wherein the mechanical response characteristics obtained from the RVE
model under uniaxial tension are implemented as the governing elastoplastic constitutive
behavior. The remaining portions of the model are assigned the macroscopic mechanical
properties of the SLM316L stainless-steel specimen. The CT specimen finite element model
is dimensioned with planar measurements of 75 mm x 75 mm and a uniform thickness of
5 mm. Boundary conditions are configured with fixed constraints applied to the coupling
point of the lower circular aperture, while the coupling point of the upper circular aperture
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is subjected to a prescribed displacement of 1 mm. A seam definition is implemented at the
crack tip, accompanied by a graduated mesh refinement pattern that progressively increases
element density toward the crack tip region. The computational domain is discretized
using CPS4 elements (four-node bilinear plane stress quadrilateral elements).

Figure 10. Finite element model of the CT specimen.

Figure 11 illustrates six distinct curves representing the J-integral evolution obtained
from simulations utilizing the various RVE-derived stress—strain relationships described
previously. All simulation results demonstrate consistent behavioral patterns: as the
material approaches the fracture threshold, the J-integral values exhibit a pronounced rapid
increase, corresponding to significant plastic deformation accumulation in the vicinity of the
crack tip. This accelerated growth continues until specific grain boundaries initiate fracture
and subsequent load redistribution occurs, at which point the J-integral values transition to
a relative plateau. Notably, the J-integral magnitudes associated with models incorporating
the SD forming direction consistently surpass those of their TD-direction counterparts
across all simulation scenarios. The results further demonstrate that increasing maximum
traction force values correlate with enhanced resistance to fracture initiation. When the
maximum traction force exceeds a critical threshold, grain boundaries develop substantial
resistance to crack propagation, causing the dominant fracture mechanism to transition
from interfacial separation to intragranular plastic slip. Collectively, these computational
findings establish that specimens fabricated in the SD forming direction exhibit superior
comprehensive mechanical performance characteristics, including enhanced yield strength,
fracture resistance, elongation capacity, and overall fracture toughness.
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Figure 11. J-integral evolution curves obtained from CT specimen finite element simulations.
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5. Conclusions

Based on crystal plasticity finite element theory, room-temperature uniaxial tensile
experiments, materials science experiments, and crystal plasticity finite element simulations
were conducted to investigate the microscopic mechanical behavior and fracture properties
of SLM316L stainless steel. The main conclusions are as follows:

(1) The RVE model exhibited significant anisotropy at the mesoscopic level. Considering
microstructural characteristics, under uniaxial tensile loading, several stress concen-
tration regions appeared, predominantly at triple-grain boundaries. The extracted
accumulated plastic shear strain shows a banded distribution, forming a 45° angle
with the loading direction. The extracted cumulative plastic shear strain also indi-
cated that grains accumulate varying degrees of plastic shear strain under external
loading based on different activated slip systems, showing strong dependence on
grain orientation.

(2) Generally, grain boundaries tend to be more brittle than grains. Building upon the
established RVE model, cohesive elements were inserted at grain boundaries to simu-
late fracture behavior, creating an RVE model that reflects forming direction and grain
boundary strength. The SD-direction model had an elongation of about 27%, while the
TD-direction model had an elongation of only about 18%. The model in the SD direc-
tion exhibited delayed fracture compared to the TD direction, and also demonstrated
greater elongation at final fracture than the TD-direction model. This is attributed
to grain orientations in the SD direction inhibiting slip and dislocation within the
grains. Furthermore, the results showed that when the corresponding tensile strain
was 9.5%, the cohesive elements had already shown significant stiffness degradation,
with microcracks appearing at the triple-grain junctions. When the tensile strain was
14.4%, the cohesive elements failed and macroscopic cracks occurred.

(3) The J-integral of the material simulated by combining the macroscopic CT model and
the RVE model during the loading process indicated that the maximum traction force
of the cohesive elements also affects the fracture properties of the material. Compared
to high grain boundary strength, weaker grain boundary strength caused the cohesive
elements in the model to reach the threshold earlier, i.e., the model began to fracture
with damage. However, the cohesive elements are no longer the main factor for
fracture occurrence when the maximum traction force reaches 600 MPa; they are
replaced by the plastic slip within the grains.

In future research, more detailed EBSD and SEM tests will be conducted to replicate
and modify the proposed FE model, particularly considering the actual morphology of
grain growth in SLM316L stainless steel. A CPFE-CZM model is suggested to enhance the
calculation accuracy based on comparisons in the tensile tests. Furthermore, a 3D FE model
considering X-Y, Y-Z, and X-Z should be calibrated and validated.
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Abstract: In the design of metal bar coverings, the key problem is to correctly determine the numerical
model of the analyzed structure. The description of numerical models may differ from the actual, real
behavior of the structure. Therefore, there is a need to verify and calibrate them using experimental
studies. The aim of this research will be to verify and assess the accuracy of the numerical model
of a metal bar roof by conducting experimental studies. A series of repeatable experimental tests
will be conducted on the structure model to determine the path of static equilibrium and the form
of stability loss of the steel covering. During the test, as the load increases, data will be collected
on the displacements of nodes. The displacements of the nodes will be verified using precise
triangulation laser sensors and electronic sensors. Based on the results of the tests, conclusions
will be drawn regarding the accuracy of the numerical models. Comparison of the results obtained
from the numerical models with the experimental data will allow for the identification of possible
discrepancies and understanding how the numerical models can be improved. This in turn will
contribute to the development of more advanced and more accurate methods for the analysis of
metal bar roof structures in the future.

Keywords: finite element method; metal bar roof; equilibrium path; stability loss; imperfections

1. Introduction

Construction failures resulting in the damage of load-bearing structures made of steel
members are one of the most severe not only in terms of material loss but also because of
potential life and health loss. The phenomena related to stability may be decisive in the
design of steel roofs. Stability theory [1-5] is distinguished in structural mechanics by the
need to depart from the stiffness principle, which means that nonlinear equations of at
least the second order should be used. Geometrically nonlinear analysis (GNA) allows a
complete description of the potential form of stability loss. The mathematical model of
nonlinear discrete systems formulated on the basis of the FEM corresponds to a system of
nonlinear algebraic equations [6,7]. Methods for solving nonlinear systems of equations are
often based on the Newton—-Raphson algorithm, in which points lying on the equilibrium
path are determined in successive steps. In each step of the algorithm, a sequence of
iterations is performed in such a way that at the end of the step, the solution is obtained
with the accuracy of the given error. Depending on the step method (control), we can
distinguish: load, displacement, or arc parameter control. The basic problem in numerical
analysis of nonlinear problems is the occurrence of singular points on the equilibrium path
(bifurcation points, limit points, turning points). At these points, standard algorithms for
solving systems of linear equations fail. In this paper, we intend to use the constant arc
length method [8,9] to determine and evaluate equilibrium paths. The structures analyzed
in this paper will be made of class 1 steel members. In some situations, there is a need
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to track equilibrium positions after exceeding critical load or displacement values (post-
critical states). If the critical parameters of the load correspond to qualitatively different
equilibrium positions or if qualitatively different post-critical states are possible, then such
a critical equilibrium position is called a bifurcation. The case when, after exceeding the
state of critical equilibrium, only unstable equilibrium positions occur corresponding to
the values of the load parameters lower than the critical ones is called the limit equilibrium
position. It happens that a further increase in displacements causes the system to move to
another, distant equilibrium position, which may turn out to be stable. This phenomenon
is called node snapping. In the case of low steel bar coverings, this form of stability
loss is often decisive. Numerical analysis of steel bar coverings is the subject of many
works. In [10], the authors describe the influence of ball joint deformations on the inelastic
buckling behavior of domes and vaulted structures. The authors present results for single-
layer domes and a stiffened barrel vault. In [11], the phenomenon of node snapping
of shallow lattice domes is analyzed. The equilibrium paths are presented for different
load combinations. In the paper [12], a few shallow domes were produced using a 3D
printer and tested using a load cell and proximity laser sensor. The lattices studied here
incorporate moment-transmitting joints and clamped boundary conditions at the perimeter.
The flexure is the dominant mode of deformation under lateral loading. The complete
displacement-load relationship and multiple equilibrium configurations are shown both
in simulation and in experiment. In [13], the authors analyze elastic space trusses in the
shape of a regular pyramid. Equilibrium paths are derived for each load condition under
the hypotheses of linear material law, small or moderate axial deformation in bars, and
large nodal displacements. These mechanical systems exhibit a wide variety of post-critical
responses and are not exhausted by the classical snapping and bifurcation phenomena. In
addition to regular primary and secondary branches, the equilibrium paths may include
neutral branches. These branches are particularly difficult to handle by the standard
numerical procedures of nonlinear analysis. Despite the efforts to unify nonlinear solution
methods, researchers have not yet created an ideal algorithm that could correctly determine
the equilibrium paths for all problems. Verification of these methods requires accurate
equilibrium equations of some structures. In the case of structures susceptible to large
displacement gradients, complicated behaviors after buckling with different critical points
are observed. The analysis of equilibrium paths and their features, along with the provision
of exact expressions, is described in [14]. Detailed experimental study and numerical
simulation of the progressive collapse resistance of single-layer latticed domes are shown
in [15,16]. The nonlinear finite element model used to simulate equilibrium paths is
presented in [17]. Special interest is focused on the identification of critical points which
contribute to the understanding and quantification of stability processes in a nonlinear
system. The paper discusses the methods of stochastic and sensibility analyses which are
frequently applied to the assessment of the safety and reliability of supporting structural
systems. It is pointed out that the failures of the slender structural system caused by stability
loss very often causes its decrease in safety and reliability. Therefore, reliable methods of
stability analysis are important instruments to ensure the general effectiveness of modern
structural systems. The snap-through phenomenon is very important in the stability
analyses of steel members with initial imperfection. It is also observed in real engineering
structures, as well as during experiments. This issue is studied by the authors of [18]
on the example of geometrically nonlinear truss structures. By tracing their equilibrium
paths, using an arc length approach within a finite element analysis, snap-through behavior
is demonstrated. The snap-through phenomenon of the Mises truss taking into account
spatial asymmetric and symmetric buckling with an out-of-plane lateral linear spring is also
investigated in [19]. In the paper, the tangent stiffness matrix, for the primary equilibrium
trajectory, is obtained in a closed form and eigenvalues of the stiffness matrix are also
derived analytically. They are used for the detection, classification, and sequencing of
critical points in the primary equilibrium path of the Mises truss. In the article [20], the
authors presented an analysis of a low-rise rod dome subjected to wind loading in terms
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of verifying the type of stability loss and the influence of geometric imperfections on the
dimensioning of the structure’s bars. The article [21] proposed verification of the stability
of a frame rod structure using a probabilistic description. The analysis involved a rod dome
for which the standard safety level (reliability index) was compared with the determined
reliability index for the designated load of the structure. Verification of critical load-bearing
capacity is an extremely important aspect of structural design. The paper [22] focuses on
the influence of the node density of a geodesic dome on its critical load-bearing capacity.
The authors considered both truss and frame models. Design of structures focuses on
verification of load-bearing capacity and verification of displacements assuming static
loads. Verification of the dynamic response of the structure to applied loads (including
wind load) is often an omitted issue. In the paper [23], the authors attempted to verify the
influence of the geometry of bar domes on the results of modal analysis. Two domes were
verified: a Schwedler dome and a geodesic dome. Additionally, the domes were verified in
terms of stability loss.

In the articles [24,25], thin-walled elements made of cold-formed channel sections
were analyzed. The static analysis of the buckling state and after buckling of sections
subjected to eccentric compression was presented. Equilibrium paths for different values
of eccentricities were determined, and deformation maps of the analyzed sections were
presented. The authors compared numerical analyses with experimental studies. In the
studies described in [26], the buckling characteristics of spherically segmented toroidal
shells subjected to external pressure were determined. The authors tested and evaluated
two laboratory models with the same nominal dimensions. The sensitivity of the tested
models to imperfections with closely spaced eigenvalues was verified. The first 50 eigen-
modes were used for the evaluation. Additionally, the post-buckling behaviour of the
models was evaluated, for which a modified Riks algorithm was used. The results indicated
that the deviation between the results of the experimental and numerical analyses was
within a reasonable range of about 14%.

Numerical problems of controlling the incremental-iterative process during the genera-
tion of equilibrium paths are very important. Correct modeling of the structure is an equally
important issue. The model of the structure should take into account the real structure as
faithfully as possible. The difficulty of this stage can be seen when performing experimental
tests and numerical calculations. Initially, we most often verify the description of the ideal
structure (we assume perfectly straight bars, supports as non-deformable). In practice,
however, we rarely deal with such a situation. In order to bring the numerical model
closer to the real structure, it is often necessary to check the flexibility of the supports and
imperfections of the bars, which is often not a simple task. A number of scientific works
have been devoted to these issues. Nonlinear FEM formulations based on von Kédrman kine-
matics with initial geometric imperfections were considered in [27]. The authors included
a reduced-order predictor-corrector modeling method for nonlinear buckling analysis of
thin-walled structures with initial geometric imperfections based on Koiter’s theory. In
this work, the biggest innovation of the introduced method is the implementation of an
initial geometric imperfection instead of equivalent loads. This allows the application of
the reduced-order Koiter-Newton modeling method to pre- and post-buckling buckling,
even for relatively large imperfection amplitudes. In [28] the idea of increasing the buckling
resistance by means of modal geometric imperfections is discussed. The authors pointed
out that not all imperfections are harmful for buckling problems. A recent design trend
called “modal nudging” uses geometric imperfections to change the original structure to
equilibrium paths with higher capacity. An automated procedure based on the reduced-
order model inspired by Koiter is proposed, enabling fast estimation of equilibrium paths
of structures with geometric imperfections according to the first linearized buckling modes.
In this method, the selection of the geometric imperfection that pushes the structure to a
favorable equilibrium path is performed by means of a fast random search. In such cases,
geometric imperfection can play a favorable role. The “Modal nudging” method aims to
improve the buckling response of slender elastic structures by introducing a small change in
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the base geometry, capable of pushing the structure towards higher equilibrium paths, both
for unstable and stable equilibrium paths. However, the authors noted that guaranteeing
a response that is insensitive to imperfections is not sufficient. In fact, designers should
be aware that small random imperfections can push the structure back towards unstable
paths. The paper [29] addresses the subject of stability of steel elements with a complex
initial pattern of geometric imperfections. This aspect is extremely important for slender
structures, which are characterized by many close critical loads and modal actions, leading
to possible unstable postcritical paths and imperfection sensitivity. A model of a structure
consisting of four rigid bars connected by elastic nodes is analyzed. For which a set of
nonlinear algebraic equilibrium equations is developed. The formulas are considered for
structures with and without initial geometric imperfections. In order to develop a complex
imperfection formula, a linear superposition of buckling modes obtained from a linear
eigenvalue problem is used. The nature of bifurcation points is studied, adopting the
concept of minimum potential energy. The influence of imperfections on the behavior of
the structure is verified based on numerous examples, finding that for specific imperfec-
tion patterns, an increase in the amplitude of the initial geometric imperfection can result
in an increase in the critical load defining the bifurcation point. Cases in which initial
geometric imperfections can play a positive role result in stable behavior after buckling.
This phenomenon corresponds to the so-called "modal nudging". Its aim is to improve
the buckling response of slender elastic structures by introducing a small perturbation
in the initial geometry of the structure. This can result in equilibrium paths with higher
load-bearing capacity. A snap through phenomenon caused by the transition from the
local to the global minimum of potential energy is also observed. This observation was
caused by a specific configuration of the initial geometric imperfections, which in this case
played a rather dangerous role. It is crucial that the proposed model structure allows for
a complete description of the post-critical behaviour as well as for tracing the impact of
complex imperfection configurations in a simple and transparent way:.

The task of verifying numerical simulations using experimental tests is a very im-
portant and difficult task. First of all, it allows us to detect possible errors and better
understand the work of the structure. The authors of the paper tried to take up this task.
In this paper, example of the low steel bar covering is analyzed. This structure is charac-
terized by a strongly nonlinear static response. Ignoring nonlinear effects leads to large
computational errors. Structural analysis is carried out in accordance with EN 1990:2002
and EN 1993-1-1 [30,31] using Abaqus Learning Edition 2022 software. The main aim of
the research is to verify and assess the accuracy of numerical models of steel bar roof by
conducting experimental studies. At the beginning a mechanical and chemical properties
of the material are calculated. Next a series of repeatable experimental tests are conducted
on the structure model to determine the static equilibrium path. During the test, as the load
increases, data are collected on the displacements of nodes. The displacements of nodes
are verified using precise triangulation laser sensors and electronic sensors. Based on the
results of the tests, conclusions will be drawn regarding the accuracy of the numerical mod-
els. Comparison of the results obtained from the numerical models with the experimental
data will allow for the identification of possible discrepancies and understanding how the
numerical models can be improved. This in turn will contribute to the development of
more advanced and more accurate methods for the analysis of metal bar roof structures in
the future.

The structure of the paper is as follows. The next section is devoted to the detailed
description of material parameters. The chemical composition of the tested steel is exam-
ined using a Phenom XL scanning electron microscope (Thermo Fisher Scientific, Waltham,
MA, USA). Next, we checked mechanical properties of the material: tensile strength, yield
strength, Young’s modulus. Then, the experimental model of the structure and load are
defined. The next section briefly describes nonlinear geometrical analysis by the finite
element method. Section 3 presents the obtained results. This paper ends with a discussion
of the obtained results and conclusions.
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2. Materials and Methods
2.1. Description of a Mechanical and Chemical Properties of the Material

The surface and chemical composition of the samples were examined using a Phenom
XL scanning electron microscope. During the tests, an accelerating voltage of 15 kV
and a magnification of x5000 were used. This allowed for precise determination of the
morphology of the samples and confirmation of their chemical composition.

The geometric structure of the surface of the samples was observed before testing the
surface wettability with a Leica DCMS (Leica, St. Gallen, Switzerland) optical microscope in
confocal mode. Observations were performed in confocal mode at a magnification of x20.
The measured surface area was 1.22 mm x 1.78 mm. The measurement was performed
three times at different locations on the surface.

The Theta Flex optical tensiometer from Attension (Biolin Scientific AB, Espoo, Fin-
land) was used to examine the contact angles of steel using the sessile drop method. The
measurement was carried out by precisely placing a 5 uL. drop of measuring liquid—
distilled water on the surface of the samples. After approximately 1 s from the moment the
drop settles on the sample surface, photos are taken using a digital camera. Figure 1 shows
the scheme for determining the wetting angle value. The measurements were repeated five
times at randomly selected locations on the sample and based on them, the average values
of the wetting angle were determined.

Figure 1. Schematic diagram of a liquid droplet applied to the sample surface (hydrophilic surface);
©—equilibrium contact angle (Young's angle).

Figure 2 shows SEM images of steel showing the surface microstructure observed
at x10,000 magnification and the distribution of elements on the tested surface. Table 1
contains the chemical composition of the tested steel determined using a scanning electron
microscope. The map of the distribution of elements shows the most intense color for iron.
This indicates its largest share on the tested surface. Manganese has a less intense color,
which means its content is a much lower percentage. The colors on the map describing
silicon, chromium, copper, and nickel are characterized by similar intensity. The lowest
intensity and density of color are presented for phosphorus and sulfur, which confirms a
very similar percentage content of these elements in the material.

Table 1. Chemical composition of steel.

Steel [% Mass Content]

Fe

C Mn Si Cr Cu Ni P

97.26

0.4 1.32 0.35 0.22 0.18 0.16 0.06

0.05

The chemical composition of the tested steel, presented in Table 1, indicates a pre-
dominant iron content. The analysis of the chemical composition revealed a higher carbon
content than originally assumed. The additions of manganese, silicon, chromium, copper,
nickel, and phosphorus are within the assumed limits.
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a)

b)

Iron Carbon Manganese

Silicon Chromium Copper

Nickel Phosphorus Sulfur

Figure 2. SEM image of steel: (a) microstructure magnification x10,000, (b) distribution of elements
on the surface.

The tested surface was characterized by the following amplitude parameters Sq = 3.2 um,
Sku = 4.34, Ssk = —0.64, and Sa = 2.48 pum. This proves that the tested surface is very
developed. The average contact angle was about 41°, which indicates its hydrophilic
surface (Figure 3).

The study of the applied materials is an important aspect of the research work. The
authors in the work [32] evaluated the effect of surface roughness on the properties of
a-C:H:Si coatings obtained using plasma-assisted chemical vapor deposition (PACVD). The
substrate was characterized by, among others methods, microscopic observation, thickness
measurements, wettability, surface topography, and tribological tests. A scanning electron
microscope with energy-dispersive spectroscopy (EDS) was used to examine the coating
microstructure, thickness, and chemical content. The authors used a confocal microscope
to examine the geometric structure of the surface before and after the tribological tests.
The tribological tests used a ball-on-disc sliding configuration in reciprocating motion
under dry friction and cutting oil lubrication. The work [33] concerns the study of the
effect of DLC coatings doped with tungsten coatings (a-C:H:W) obtained using plasma
vapor deposition (PVD) on the properties of 100Cr6 steel. Samples of 100Cr6 steel with
and without coating were verified. In the studies, scanning electron microscopy (SEM)
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was used to observe the surface morphology of coatings and identify the elements in the
composition of the coating. The authors assessed the effect of coatings on the tribological
properties of lubricated friction pairs. Based on the studies, it was found that the use of
DLC a-C:H:W coatings increases the hardness of 100Cr6 steel threefold. The diamond-like
coating with a tungsten dopant in friction conditions reduced the coefficient of friction and
wear. DLC a-C:H:W coatings lubricated with a cutting fluid improve the mechanical and
tribological properties of the sliding surfaces of 100Cr6 steel in friction conditions.

pm
10

'
wn

-15
Figure 3. Examples of photographs showing demineralized water droplet and isometric view.
In order to determine the mechanical parameters (tensile strength, yield strength,

Young’s modulus), the sample was tested on the TecQuipment SM1002 (Nottingham, UK)
tensile testing stand and TeQuipment VDAS software (version 5.6.2.9196) (Figure 4).

Figure 4. TecQuipment SM1002 Tensile Testing Station.

The tensile strength and the conventional yield strength of the sample were determined
in the study. Based on the obtained results, the percentage elongation and the percentage
reduction of the surface area were determined (Figure 5).

The determination of Young’s modulus was carried out using an extensometer (Figure 6).
For the collected data, a stress—strain graph was made and the Young’s modulus was
determined (Figure 7).

The collected data from both the tensile test and the determination of the Young’s
modulus allowed for determining the basic strength parameters of the material under con-
sideration. The average tensile strength was determined to be approximately 714.58 MPa,
the estimated yield strength was approximately 640 MPa, and the Young’s modulus was
estimated at 214.5 GPa. The percentage elongation of the sample in the tensile test was 5.7,
while the reduction in the surface area was 58.7%.
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Figure 5. Stress—strain curve for the tested sample.

Figure 6. Sample with attached extensometer.
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Figure 7. Stress—strain curve for Young’s modulus determination.
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2.2. Experimental Model of the Structure and Load

The test stand consists of two parts: a solid base with a load module made of rolled
sections (I-beams and C-beams) and a ring made of square tubes on which the tested
structure is based (Figure 8). Both parts are connected with clamps during the test.

Figure 8. Rod dome deflection test stand.

The structure is loaded using a hydraulic actuator. The hydraulic actuator is placed
on a leveled pan. The pan is attached to a crane scale using a steel shackle. The currently
applied load is read from the crane scale mounted in the keystone using a snap hook. The
position of the hydraulic actuator is controlled in two directions using laser levels.

The tested structure is made of PO10 and PO12 drawn rods (Figure 9). The structure
has rigid connections in the nodes, and the rods in the model made have been welded
in the nodes. Nuts have been welded in the support nodes to secure the structure to the
circumferential ring (the structure is bolted with one M12 bolt in each node, simulating an
articulated support).

In order to accurately represent the existing structure for numerical analysis, the model
was carefully measured after installation at the test site. The lengths of the bars in the
nodes, the distances between the supports, and the height of each node (using a laser level
as a reference plane for height) were measured.

During the test, displacements of the central node (keystone) and the support in node
no. 1 were measured using vertical and leveled finger sensors. Five measurement series
were carried out, and the results are the average values of all measurements.

The research was carried out as part of the National Science Centre, Poland, Miniatura
7 project (No. DEC-2023/07/X/ST8/00942) and constitutes preliminary research for
further analyses.
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(a)

Figure 9. Geometry of the rod dome (a) view, (b) top view.

2.3. Nonlinear Geometrical Analysis by Finite Element Method

The choice of calculation method depends on the type of structure. The linear analysis
(LA) is based on linear geometrical and physical relations between displacements, strains,
and stresses. This analysis is reduced to the solution of a linear set of algebraic Equation (1):

Krq =P 1)

where: Ky—linear stiffness matrix of the structure, q—vector of nodal displacements,
P—vector of nodal load.
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Nowadays, the FEM software is usually equipped with a linear bifurcation analysis
(LBA), which is to solve its own problem (2):

[Ki+nKglq =0 2

where Kg—geometrical stiffness matrix, y—load multiplier.

Unfortunately, shallow, single-layer domes are subject to large displacement gradients.

These structures should be designed according to geometrically nonlinear analysis. The
mathematical model of nonlinear FEM analysis corresponds to a set of nonlinear algebraic
equations. We can write this system of equations in the incremental-iterative version
as follows:

Kr(q)-Aq = ApP+R ®3)

where Kt(q)—tangent stiffness matrix of the structure, R = P — F—vector of residual forces,
F—vector of internal forces.

The tangent stiffness matrix Kt(q) is composed of linear stiffness matrix Kp,, stress
stiffness matrix Kgn, and nonlinear stiffness matrix displacements Ky1 , Ky2. In the
equilibrium state R = 0, while in the iterative process the standard R determines the distance
from the equilibrium state. The iterative process converges if R -> 0. In geometrically
nonlinear problems we are dealing with a quadratic form of the eigenproblem:

[KL-FH' [KGN + Ky + Kuz]]'q =0 (4)

In this paper, the constant arc-length method developed by Riks [8,9] was applied to
compute nonlinear equations using Abaqus software (Finite Element Method code).

3. Results and Discussion

A low-rise rod dome modelled as a frame structure is considered. The geometry of
the dome was assumed based on the measured coordinates of the nodes of the constructed
structure. The determined coordinates of the nodes are listed in Table 2. The structure is
loaded at the central node (keystone). The material and strength data necessary for the
numerical analysis were assumed in accordance with the performed experimental analyses
(Section 2.1), i.e., Young’s modulus E = 214.5 GPa, fy = 640 MPa.

Table 2. Node coordinates.

No. of Node X [m] Y [m] Z [m] No. of Node X [m] Y [m] Z [m]
1 0.0 —0.5280 0.1545 8 —0.1480 —0.2560 0.1155
2 —0.5280 —0.3050 0.1560 9 —0.2960 0.0 0.1190
3 —0.5280 0.3050 0.1590 10 —0.1480 0.2560 0.1190
4 0.0 0.5280 0.1565 11 0.1480 0.2560 0.1150
5 0.5280 0.3050 0.1510 12 0.2960 0.0 0.1160
6 0.5280 —0.3050 0.1505 13 0.0 0.0 0.1000
7 0.1480 —0.2560 0.1150

3.1. Experimental Research

In the first stage, the actual structure was analyzed. The structure assembled as
described in Section 2.2 was loaded with a manual hydraulic actuator. Table 3 presents the
average force values read from the crane scale and the corresponding displacements. For
each load, the displacement of the central node (keystone) and the vertical displacement of
support node no. 1 were read.
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Table 3. Experimental analysis results.

Displacement Displacement
Load [mm] Standard [mm] Standard
[N] [Node No.13] Deviation Support [Node Deviation
No. 1]

0 0 0 0 0.0000
187.2 0.51 0.017 —0.02 0.0050
276.8 0.83 0.035 —0.01 0.0050

535 1.65 0.191 0.01 0.0082
717 2.27 0.200 0.02 0.0050
893 2.88 0.083 0.03 0.0129
1080 3.57 0.231 0.06 0.0050
1215 4.06 0.227 0.09 0.0096
1500 5.24 0.057 0.13 0.009
2007 7.94 0.067 0.23 0.005
2307 10.11 0.255 0.3 0.0129
2596 14.89 0.332 0.39 0.0096

3.2. Numerical Analysis—'Standard’

The second stage was the numerical analysis of the rod dome. A numerical model
was created in the Abaqus program with analogous assumptions as in the case of the
experimental structure (adopted geometry (Table 3), load scheme, material characteristics).

The dome was modelled as a frame structure (rigid joints were assumed). In the stan-
dard version, the structure bars are treated as ideal, without any deformations. It was as-
sumed that the dome is based on hinge-resistant supports placed on an undeformable base.

The structure bars were divided 10 times to increase the accuracy of numerical calcu-
lations using the finite element method. The first step was linear buckling analysis. The
structure was loaded in the keystone with a unit load. The critical load multiplier was
8.897. The first buckling form is presented in Figure 10. For the critical load multiplier
value LBA < 10, the standard recommends performing nonlinear analysis.

U, U3
1.000
0.834
0.668
0.501
0.335
0.169
0.003
-0.163
-0.330
-0.496
-0.662

-0.828
-0.994

Figure 10. First form of buckling.

In the next step, a geometrically nonlinear analysis of the structure was carried out for
loads analogous to those in the experimental study. The obtained results are presented in

71




Metals 2024, 14, 1319

Table 4. Figure 11 shows the equilibrium paths for the results obtained from experimental
measurements and numerical calculations.

Table 4. Standard numerical analysis results.

Displacement [mm]

Load INI [Node No.13]
0 0.000
187.2 0.212
276.8 0.318
535 0.638
717 0.874
893 1.111
1080 1.375
1215 1.573
1500 2.018
2007 2.922
2307 3.552
2596 4.277
33725 9.175; 3 372,400
3035.25
2698 14.89; 2 596.00
4.277,2 596990
2360.75
2023.5
zZ
T 168625
1349
1011.75
e ——Numerical Path Standard
337.25 —Txperimental Path
0
0.00 149 298 447 5.9 7.45 8.93 10.42 197 1340 14.89

Displacement [mm]
Figure 11. Equilibrium path for the keystone.

The determined values indicate significant differences in the results reaching more
than 10 mm difference in displacements for the maximum loads. The authors decided
to investigate what caused the situation. It was observed that the displacements of the
support nodes were not equal to zero. The assumption regarding the non-deformable
substrate is therefore incorrect. In the next calculation step, it was decided to take into
account the determined elasticity of the supports based on the results contained in column
2 of Table 3.

3.3. Numerical Analysis—Taking into Account Flexible Support

After introducing the flexible support, the numerical model was changed. In each of
the supports, the elasticity coefficients were taken into account with the following values:
in the Z direction Kz = 1160 kN/m, in the X and Y directions Kx = Ky = 35,000 kN/m. The
obtained results are presented in Figure 12 and Table 5.
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9.175; 3 372.400
33725

11.06;3272.19
303525

14.89; 2 596.00
2698 9 6. 0: 2 596.14 :
4.277,2 596.990 5.90; 2 596.1.

2360.75
20235

1686.25

Load [N]

1349

1011.75

— e Bupport
6745 Fl

—Numerical Path Standard

—Experimental Path
337.25

0

0.00 149 298 447 5.96 745 8.93 1042 1191 1340 14.89
Displacement [mm]

Figure 12. Equilibrium paths for the keystone.

Table 5. Numerical analysis results.

Load [N] Displacement [mm]

[Node No.13]

0 0.000
187.2 0.289
276.8 0.445
535 0.907
717 1.245
893 1.582
1080 1.953
1215 2.230
1500 2.843
2007 4.071
2307 4916
2596 5.867

3.4. Numerical Analysis—Taking into Account Flexible Support and Imperfection

In the next step, for the case with flexible supports, the influence of geometric im-
perfections was taken into account. Linear buckling analysis generates buckling modes
of the structure and corresponding values of the critical force. Imperfections in Abaqus
were introduced to the *Static Riks analysis, using the *imperfection command, as x%
eigenvalues of the first buckling mode. For the realized structure, four imperfection values
of 0.5, 1, 1.5, and 2% were considered. Figure 13 shows a comparison of values in relation
to the experimental results. The best fitting curve is that corresponding to the construction
with respect to 1% of the first eigenmode of LBA.

To evaluate the fit of the experimentally obtained graph to the numerically obtained
graph, the mean square error (MSE) can be calculated (5):

= % (o sil) ®

(i) (@)

where N—number of measurement points, y,yp—experimental value, y,;,,,—numerical
value.

73



Metals 2024, 14, 1319

2876
25884
2300.8
20132
Z 1725.6
E
S 1438
x|
11504
8628 ——Flexible Support + Imperfection 0.5%
5752 —— Flexible support + Imperfection 1%
——Flexible support + Imperfection 1.5%
287.6 —— Experimental Path
Flexible support + Imperfection 2%
0
0.00 1.49 298 4.47 5.96 745 8.93 10.42 11.91 13.40 14.89

Displacement [mm]
Figure 13. Equilibrium path for different values of imperfection allowance.

The mean square error between the experimental and numerical results taking into
account flexible supports and imperfections of 0.5%, 1%, 1.5, and 2% were as follows: 13.76,
0.1,2.07, and 5.56. The mean square error value indicates that the best fitting curve is the
one with 1% imperfection value. Figure 14 shows a comparison of the equilibrium paths
for all analyses performed.

9.175; 3 372.400
33725

11.06;3272.19
3035.25

2608 | 13.71;2596.15
4277:2596.990 P
236075 14.89;2596.00
_ 20235
Z
2 1686.25
(=]
iy
1349

1011.75

—Flexible Support

674.5 —Tlexible support + Imperfection 1%

~——Numerical Path Standard
337.25

—Experimental Path

0.00 149 298 447 5.96 745 8.93 1042 1191 13.40 1489
Displacement [mm]

Figure 14. Equilibrium paths for the keystone.

3.5. Discussion

In this work, experimental results were verified with the results obtained from numer-
ical analyses. The numerical model was developed based on the inventoried real structure.

The obtained results indicate significant differences in displacement values between
the considered cases for analogous load values. The differences between the results from
the standard analysis and the experimental ones reach over 10 mm of displacement for
the maximum assumed load. Relative errors for the analyzed displacement results are
presented in Table 6. The maximum determined error value determined for the load of
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2596 N between the experimental and numerical results was 71.3%. It concerns the situation
of modelling the reference structure, for which nominally rigid nodal connections and nom-
inally pinned non-sliding supports were taken into account. As part of the experimental
tests, it was observed that the supports were subject to displacements, and therefore in the
next step the coefficient of elasticity of the supports was estimated. Taking into account the
flexibility of the supports influenced the numerical results, reducing the maximum differ-
ence in displacement in the keystone to about 9 mm. However, the differences between the
experimental and numerical results taking into account the elasticity of the supports are
still noticeable. The relative errors for such a solution range from about 43% to about 60%.

Table 6. Relative errors in displacement.

Relative Error

Experimental—
Experimental— Experimental— Numerical Analysis with
Load Standard Analvsis Numerical Analysis with Flexible Supports
[N] [%] y Flexible Supports Taking into Account
[%] 1% of Imperfection
[%]
187.2 58.4 43.3 45
276.8 61.7 46.4 11.8
535 61.3 45.0 10.5
717 61.5 45.2 10.5
893 61.4 45.1 8.1
1080 61.5 45.3 7.7
1215 61.3 45.1 7.7
1500 61.5 45.7 3.9
2007 63.2 48.7 15
2307 64.9 514 -1.2
2596 71.3 60.6 7.9

After taking into account 1% of the eigenvalues of the first buckling mode, the results
obtained described the experimental results well. The largest error in displacements
between the experimental and numerical results taking into account imperfections was
about 11.8% for 276.8N.

4. Conclusions

The inclusion of imperfections in the numerical model of a low-rise bar covering was
crucial for accurately representing the actual behaviour of the structure under loading. In
the context of low-rise bar covering, the inclusion of imperfections is particularly important.
They can significantly affect the local and overall stability of the structure. For low-rise
bar covering, initial imperfections can lead to significant changes in the behaviour of
the structure. Even small curvatures with respect to the initial geometry can reduce the
load-bearing capacity of the roof. The inclusion of imperfections in the numerical model
often requires the inclusion of nonlinear effects in both the geometry and the material
context. The cross-sections of low-rise bars are often subjected to large deformations,
which makes their behaviour in the post-critical phase strongly nonlinear. The inclusion
of initial imperfections can lead to significant deformations that would not be predicted
in linear models. For this reason, in order to obtain realistic results, it is necessary to
use more advanced models that take into account both nonlinear material properties and
time-varying member characteristic curves. Including imperfections in the numerical
model leads to more realistic results, especially in the case of nonlinear analyses. Thanks to
such corrections, it is possible to obtain more accurate predictions of the behavior of the
structure under the influence of loads, which is crucial for the design of safe structures. In
the next stages of the analyses, it is planned to take into account material imperfections
and modal analysis.
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Abstract: Silicon carbide (SiC) has been widely added into light metals, e.g., Al, to enhance their
mechanical performance and corrosion resistance. SiC particle-reinforced metal matrix composites
(SiC-MMCs) exhibit low weight/volume ratios, high strength /hardness, high corrosion resistance,
and thermal stability. They have potential applications in aerospace, automobiles, and other spe-
cialized equipment. The macro-mechanical properties of Al/SiC composites depend on the local
structures and chemical interactions at the Al/SiC interfaces at the atomic level. Moreover, the added
SiC particles may act as potential nucleation sites during solidification. We investigate local atomic
ordering and chemical interactions at the interfaces between liquid Al (Al(l) in short) and polar SiC
substrates using ab initio molecular dynamics (AIMD) methods. The simulations reveal a rich variety
of interfacial interactions. Charge transfer occurs from Al(l) to C-terminating atoms (Ag = 0.3e/Al
on average), while chemical bonding between interfacial Si and Al(l) atoms is more covalent with
a minor charge transfer of Ag = 0.04e/Al. The prenucleation at both interfaces is moderate with
three to four recognizable layers. The information obtained here helps increase understanding of the
interfacial interactions at Al/SiC at the atomic level and the related macro-mechanical properties,
which is helpful in designing novel SiC-MMC materials with desirable properties and optimizing
related manufacturing and machining processes.

Keywords: ceramic—metal interfaces; liquid-Al/SiC interfaces; prenucleation; interfacial interactions;
ab initio molecular dynamics

1. Introduction

Silicon carbide (SiC) is a ceramic material. It exhibits advantageous properties, such as
high hardness, good fatigue resistance, high thermal conductivity, low coefficient of thermal
expansion, high chemical inertia, and resistance to corrosion [1,2]. Thus, SiC has many
applications, including in automotive water pump seals, bearings, pump components,
and extrusion dies [1-4]. Moreover, SiC has a mass density of 3.2 g/ cm? [2-4], which is
comparable with that of Al (2.7 g/ cm®) [5]. It has thus been utilized as an additive into
light metals, such as Mg and Al, to manufacture (nano-sized) SiC particle-reinforced metal
matrix composites (5iC-MMCs). SiC-MMCs display excellent mechanical performance,
high corrosion resistance, and high volume/weight ratios [6-9]. They have potential
applications in aerospace, automotives, etc. [8-10].

Experimental efforts have been focused on the preparation of SiC particle-enhanced
composites, e.g., Al metal matrix composites (Al/SiC-MMCs) with different SiC contents [8-11],
developments of preparation techniques, and properties measurements [6-10]. Recently,
experimentalists worked hard at machining Al/SiC-MMCs and found various phenomena
related to Al/SiC interfaces, such as matrix deformation and debonding between Al and
SiC substrates [9-11]. These macroscopic properties of Al/SiC-MMCs originate from local
atomic arrangements and interfacial chemical bonding. Knowledge about local crystal
chemistry at the interfaces between liquid Al metal and SiC substrate surfaces is therefore
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vital to understand their macro-mechanical properties and applications and to understand
the related manufacturing and machining processes.

Along the [0001] orientation, the structures of the hexagonal (4H-, or 6H-) SiC forms
consist of SiC double-atom layers which can be regarded as the building blocks [1,12]. Rich
SiC polytypes originate from the different stackings of SiC blocks. Each atom is tetrahedrally
coordinated by the other species: three in the double-atom layer and one in the neighboring
layer. Both Si and C atoms in the structures satisfy the sp> bonding. The unusual SiC
structure indicates that cleaving the structure between the SiC double-atom layers is easier
for creating SiC{0001} substrate surfaces. In this way, the produced SiC{0001} substrate
surface is terminated either by C or by Si. In chemistry, the electronegativity is 1.90 in
Pauling scale for silicon and 2.55 for carbon, respectively. Such a large electronegativity
difference results in the created SiC{0001} surfaces having a polar nature, making them
unstable at ambient conditions [13]. Fortunately, it is different in (liquid) metals since
the free electrons of the metal atoms balance the polarity of the substrate surfaces [14,15].
Meanwhile, it is expected that the orientational sp® bonding of the outmost Si and/or C
atoms with one dangling bond has impacts on the atomic ordering in the liquid adjacent to
the substrates and the interfacial chemical bonding.

Above its nucleation temperature, there is atomic ordering in the liquid adjacent to a
solid substrate [14,15]. This phenomenon is referred to as prenucleation [16,17]. Prenucle-
ation supplies a precursor for following nucleation, which is crucial for solidification [18].
Such atomic ordering relates to interfacial bonding. The atomic arrangements of lig-
uid Al atoms adjacent to the substrates and interfacial chemical bonding remain during
casting [14,16,17]. Interfacial chemical bonding largely determines the mechanical prop-
erties of SiC-MMCs. Information about the local structure and chemical interaction at
the liquid/solid interfaces thus helps us understand not only the nucleation potency of,
e.g., the SiC substrates, but also the mechanical and chemical performances of the cast
products [9,19] and the Al matrix deformation and interface debonding between the Al
and SiC while machining SiC-MMCs.

Experiments have been conducted to understand the local structure at Al/SiC interfaces
using various techniques, including high-resolution electron microscopy (HR-TEM) [20-22].
The HR-TEM images provided significant information about the atomic arrangements at
the interfaces for the prepared samples. However, the obtained knowledge is mainly on
the averaged atomic arrangements and is far from complete. In this aspect, theoretical
approaches, especially parameter-free first-principle/ab initio methods, have advantages.
This has been evidenced by previous studies on the assorted interfaces between liquid metal
and solid substrates [14,15,23,24]. There have been reports on first-principles calculations
for the interfaces between solid Al and SiC{0001} substrates with 3C- [25], 4H- [26,27], or
6H-stackings [28-31]. The calculations revealed stronger chemical interactions between the
Al- and C-terminated substrates than between Al- and Si-terminated interfaces. Wang and
Chen [32] performed atomistic modeling on misfit dislocations at the interfaces between
SiC and several metals, including Al, using the potentials derived from ab initio calcula-
tions. Recently, ab initio molecular dynamics (AIMD) simulations were performed for the
interfaces between liquid Mg and SiC{0001} substrates, and atomic ordering was observed
in the liquid Mg near the SiC substrates [33]. Moreover, the simulations found atomic
vacancies at the Mg layer adjacent to the substrates. To date, there is no report on the local
structure and chemical interactions at the interfaces between liquid Al and SiC substrates
(in short, Al(l)/SiC interfaces). Here, we investigate the atomic ordering/prenucleation
and interfacial chemical bonding at the Al(/)/SiC{0001} interfaces using AIMD methods.
Electronic band structure calculations are performed for equilibrated configurations. Bader
charge analysis is employed to obtain the interface charge transfer between the liquid Al
atoms and the substrate atoms based on the electron density distribution at the interfaces
from the band structure calculations. This study reveals a rich variety of atomic ordering in
the liquid Al atoms adjacent to the substrates and interfacial chemical interactions. There
is a notable charge transfer from Al(/) to C-terminating atoms. Meanwhile, interfacial Si

79



Metals 2024, 14, 1258

and Al(/) atoms exhibit more covalent interactions. The information obtained here helps us
understand the interfacial interactions of Al/SiC at the atomic level, which relates to the
macro-mechanical properties of SiC-MMC materials and helps us design novel MMCs and
related manufacturing and machining processes.

2. Methods

The ab initio approach employed in this study utilizes the periodic boundary conditions [34].
Thus, the usage of supercells is required. A hexagonal supercell was created with a = 54y,
where ap is the length of the a-axis of the conventional hexagonal cell of 4H-SiC with
consideration of the thermal expansion at the simulation temperature [33,35]. The c-axis
is determined by the thickness of the SiC slab and the volume of the Al atoms with the
density at the simulation temperature [5]. A supercell with a = 15.53 A and ¢ = 43.83 A for
the Al(l)/SiC{0001} interfaces was obtained accordingly. This cell contains 400 Al(/), and
the substrate contains 100 Si and 100 C. The input interface model is shown schematically
in Figure 1a. Such a sizable supercell helps attain statistically meaningful results and avoid
the risks of artificial crystallization in the liquid metal.
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Figure 1. A schematic of the input structure (a), the relation between the total valence electron energy
and simulation duration (b), and a snapshot of L-Al/SiC{0001} interfaces equilibrated at 1000 K (c).
The meaning of the spheres (d) for (a,c) is as follows: the blue spheres represent Si, dark brown
represents C, and silver represents Al. The liquid Al atoms adjacent to the substrates exhibit atomic
ordering, and they are solid-like.

A plane-wave pseudo-potential path within the first-principle’s code VASP was
utilized [34,36]. This code employs the electronic density functional theory within the
projector-augmented wave framework [37]. The generalized gradient approximation cre-
ated by Perdew, Burke, and Ernzerhof (GGA-PBE) [38] was used for the exchange and
correlation terms. The cut-off energies are Ecyt/Eauc = 520.0 eV/700.0 eV. These val-
ues are higher than the default values of the atoms (Eniax/Eaucg = 240.3 eV /291.1 eV
for Al, 245.3 eV /322.1 eV for Si, and 400.0 eV /644.9 eV for C, respectively) for electronic
structure calculations.

For the AIMD simulations, a cut-off energy of 320.0 eV was employed. This energy
value is reasonable compared with the Eyn values of the pseudopotentials of the related
atoms. The I'-point in the Brillouin zone was used [39]. The latter is due to the lack of
periodicity of the whole Al(l)/SiC system. The AIMD simulations were carried out utilizing
the NVT ensemble [34,36].
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Liquid Al samples were produced first by equilibrating for about 3 ps (picoseconds)
at 3000 K. Then, they were quenched to the designed temperature. The obtained liquid Al
samples were inserted into the space between the SiC{0001} surfaces. A vacuum of about 2.0
A was created between the surface of the liquid and the substrates (Figure 1a). AIMD simu-
lations were performed via a two-step method. First, AIMD simulations were carried out
with the substrate atoms pinned for over 1000 steps (1.5 fs (femtoseconds) per step). Then,
the simulations were continued with full relaxation of the atoms for another 4000 steps.
Analysis found no notable changes in atomic ordering at the interfaces. This two-step
path prevents possible collective atomic movements which may occur when all atoms are
relaxed from the start. The samples of the interfaces over 3.0 ps were used to ensure the
results were statistically meaningful [34,40].

3. Results

Figure 1a shows the schematic structure of the input Al(/)/SiC interfaces, the model
of which is described in the above section. There is a space between the solid substrates
and the liquid Al at each side. The Al atoms display no long-range ordering. The ab initio
calculations reveal a high total valence electron energy at t = 0 (Figure 1b).

When the simulation starts, the liquid Al atoms move around. The Al atoms at the
borders move towards the fixed substrate atoms, gradually forming chemical bonding
with the atoms at the substrate surfaces. Consequently, the energy decreases quickly in
the first 0.3 ps and then decreases more smoothly until it reaches a constant value at about
1.6 ps (Figure 1b). Releasing the substrate atoms raises the energy dramatically. The
energy reaches the equilibrium value within another 0.5 ps. Then, the energy varies around
the equilibrium value. We equilibrated the system for another 5 ps. During the AIMD
simulations, the substrate atoms vibrate around their equilibrium positions, remaining
solid-like. An analysis revealed that from about 3.0 ps, the overall structure of the Al atoms
remains unchanged. A snapshot of the equilibrated Al(/)/SiC{0001} system at 1000 K is
presented schematically in Figure 1c.

Figure 1c shows obviously that the substrates” atoms and the (liquid) Al atoms are
well-separated. The substrate atoms are well ordered and behave like they are in a solid
phase at the simulation temperature. Meanwhile, the Al away from the interfaces displays
no long-range ordering, and it is liquid-like. The Al atoms adjacent to the substrates
exhibit localization, which decreases with the distance from the substrate surfaces. A
closer look at Figure 1c shows the atomic density changing with an increasing distance
from the surfaces. This phenomenon that atomic density varies with distance from the
substrate in the direction perpendicular to the substrates is defined as layering. Layering
can be described using the atomic density profile (ADF) [16,17,33,41]. An analysis for the
equilibrated configurations over 3 ps was carried out, and the results are shown in Figure 2a.
Variations in the peak heights for the layers around the interfaces are shown in Figure 2b.
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Figure 2. The atomic density profile, p(z) (a), and the variation in the peak heights of atomic layers (b).
The straight dotted straight in (b) shows the average Al(/) density. The Al atoms adjacent to the SiC
substrates form sharp layers.
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Figure 2a shows sharp peaks for the Si and C atoms in the substrates, corresponding to
their solid-like nature (Figure 1c). The termination Al atoms at both interfaces form peaks
at13.1 A and 44.3 A, respectively. These peaks are well separated from the neighboring
layers. The ADF peak heights of the Al layers decrease with an increasing distance from
the interfaces. The density of the third Al layer at both interfaces is just above the average
Al(l) value (Figure 2b). There are three recognizable Al peaks near the Si substrate. Near
the C substrate, there are three to four apparent Al(l) peaks, but the fourth peak is rather
weak (Figure 2a). This indicates that layering phenomenon at the Al(/)/SiC{0001} interfaces
(three to four layers) is moderate. The analysis also showed that the peak distance between
the outmost C-layer and the Al(I)term layer is 1.8 A, which is shorter than that between the
outmost Si-layer and the terminating Al layer (2.0 A).

In the heterogeneous nucleation of light metals, solid grows layer by layer [42]. The
atomic ordering in the liquid metals adjacent to the substrates acts as a template for the
nearby liquid to nucleate. The atomic arrangements in the layers near the substrates for the
equilibrated configurations over 3 ps are analyzed and shown in Figure 3.

(a) C-substrate (b) Al term. layer (c) 15t Al layer (d) 2¢ Al layer

° 8 2 @ @ © & ©° Do B9
O 8 ° ~ &

Figure 3. Averaged atomic arrangements of the outmost substrate layer and the Al layers at the
C-terminated (a—d) and the Si-terminated (e-h) substrates over 3 ps. The red lines represent the
in-plane axis for the supercells. The blue spheres represent Si, dark brown represents C, and silver
represents Al. The terminating Al atoms (b,f) are highly ordered. The ordering of the terminating Al
atoms at the C-terminating interface (b) is more significant than that at the Si-terminated interface (f).

To assess the ordering of the atoms in the layers near the substrates, an in-plane ordering
coefficient [14,15,33,41] was employed for the configurations over 3 ps. The results are plotted
in Figure 4.

From Figures 3 and 4, we obtained the following results:

(i) Both the surface C (Figure 3a) and Si (Figure 3e) atoms in the substrates are well
ordered and solid-like. Their in-plane ordering coefficients are close to each other and to
those in the substrates (Figure 4).

(ii) The terminating Al atoms at both substrates are highly ordered (Figure 3b,f), which
corresponds well to the sharp ADP peaks and sufficient separation from the neighboring
atoms (Figure 1b,c and Figure 2a). There are some subtle differences in atomic arrangements
in the two terminating Al layers. The terminating Al atoms on the C substrate are separated
from each other and show a localized nature, while some of the terminating Al atoms above
the Si-terminated substrate show higher mobility and are connected to each other in the
averaged arrangements (Figure 3f). Correspondingly, the in-plane ordering coefficient of
the terminating Al atoms at the Si-terminated substrate is about 0.22, which is lower than
that at the C-terminated substrate (0.31). The first Al layers at both substrates (Figure 3c,g)
exhibit moderate atomic ordering, with the in-plane ordering coefficients being about 0.03.

82



Metals 2024, 14, 1258

There is little atomic ordering for the Al atoms at the second layer at both substrate surfaces,
as shown in Figure 3d,h and Figure 4.
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Figure 4. The in-plane ordering coefficients for the atomic layers nearby the L-Al/SiC{0001} interfaces.
The S(z) value for the terminating Al atoms at the C-terminated interface is higher than that at the
Si-terminated interface.

We make statistics of atoms at each layer. The atomic ratio between those at the
Al layer (n(Al)) and the substrate layer (1(C)), n(Al)/n(C), is 1.00 for the terminating Al
layer, 1.05 for the first Al layer, and 1.13 for the second Al layer for the C-substrate. At
the Si-terminated substrate, the corresponding ratios of n(Al)/n(Si) are 1.03, 1.06, and
1.13 for the terminating Al and the first and second Al layers, respectively. The atomic
density of the second Al layer is close to the bulk values of the liquid Al misfit between
a[SiC{0001}]/a[Al{111}] ~ 1.06 at the melting temperature of liquid Al, which corresponds
to an area ratio of 1.13 [5].

The above results indicate stronger interfacial chemical bonding between C-Al than
between Si-Al. The value of the atomic ratios at the interfaces is about 1, indicating that the
majority of the outmost C/Si atoms have one Al neighbor, forming distorted tetrahedral
coordination. Here, we analyzed the interfacial chemical interactions and chemical bonding
in more detail. The atomic arrangements and local bonds at the C-substrate (Figure 5a) and
the Si-substrate (Figure 5b) and the typical local coordination of the surface C (Figure 5c)
and Si (Figure 5d) atoms are schematically presented, respectively.

Figure 5 shows that the terminating C or Si atoms have one Al atom as the nearest
neighbor, forming a distorted tetragonal coordination which satisfies the sp® hybridization
together with the three Si/C neighbors in the subsurface layer, according to Pauling’s
theory [43].

To obtain a deeper understanding of the local chemical interactions at the interfaces,
we performed electronic band structure calculations for the Al(l)/SiC system. The obtained
electron density distributions are shown in Figure 6a. Based on the electron density
distributions, we also analyzed the charges at the atomic sites at the interfaces using Bader’s
charge analysis model [44]. The obtained charges at the atomic sites at the interfaces are
shown in Figure 6b. Moreover, we plotted the partial density of states for selected atoms at
the interfaces in Figure 7.
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(c)

(d)

Figure 5. The atomic ordering of the terminating Al layer and the SiC surface layers with the
C-termination substrate (a) and the Si-termination substrate (b) and the typical local coordination of
the surface C (c) and Si (d) atoms. The red lines in (a,b) represent the in-plane axis. The blue spheres
represent Si, dark brown represents C, and silver represents Al.
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Figure 6. Electron density iso-surfaces with py(r) = 0.035e/ A3 (a) and related Bader charges at the
atomic sites (b). In 6a, the yellow clouds represent the iso-surfaces. The blue color represents regions
with higher electron densities, and white represents regions with lower electron densities. The red
regions represent the core regions of intensive electron densities. The blue spheres represent Si, dark
brown represents C, and silver represents Al. In (b), the red dots represent charges at C, the green
represents charges at Si, and black represents charges at Al. The charge transfer at the C-terminated
interface (S1) is notably higher that at the Si-terminated interface (S2). All the snapshots and electron

density iso-surfaces were produced via the program VASTA [45].
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Figure 7. The partial density of state (pDOS) curves of selected atoms in the L-Al/SiC{0001} interfaces.
The black curves represent the s-characters, and red represents the p-characters.

Figure 6a shows the localized electrons around the Si/C atoms in the substrates, while
the Al atoms show its naked ions with (free) electrons around them. This corresponds to the
strong Si-C covalent bonding and the free-electron nature of Al metals. Figure 6b shows the
results of interatomic charge transfer from the Bader analysis. The Si atoms in the substrate
are positively charged with a loss of about 1.5e/Si, whereas the C atoms obtained the same
amount of electrons. The Al atoms away from the substrates are electronically neutral.

Figure 6b shows the occurrence of interfacial charge transfer (0.3e/Al on average)
from the terminating Al atoms to the C-terminated substrate. Meanwhile, the terminating
Al atoms lost little electrons (<0.1e/Al on average) to the outmost Si atoms. It is also
noted that the outmost Si atoms lost fewer electrons than those in the substrate bulk.
Those results are in good agreement with the electronegativity values, which are 2.5 for C,
1.8 for Si, and 1.5 for Al in Pauling’s scale. The moderate charge transfer between Al and Si
atoms corresponds to their more covalent interactions (the difference in electronegativity
values is 0.3) compared with that between C and Al (the difference is 1.0).

Figure 7 shows the curves of the partial density of states for selected atoms around the
interfaces. Around the Fermi level (zero eV), the electron densities of the Si (Figure 7b) and
C (Figure 7c) in the center of the substrate slab are very low and more like pseudo-gaps. This
corresponds to the semiconducting nature of SiC [4]. Meanwhile, there are nonignorable
densities of states around the Fermi level for the outmost Si (Figure 7a) and C (Figure 7d).
An analysis revealed that they originate from interfacial chemical interactions. Figure 7d
shows a sharp peak at the top of the C 2 s states at —11.0 eV, which arises due to the C-Al
interaction, as shown in Figure 7h, where there are some Al 3 s 3p states at the same energy
range. Figure 7f,g show free-electron-like DOS curves for the Al atoms in the center of the
Al slab. Even the partial density of states curves for the Al near the outmost Si (Figure 7a)
shows weak densities in the low Si 3 s, 3p part between —15.5 eV and —11.0 eV. This
indicates weak chemical bonding between the Al and Si atoms. The notable densities of
states of the Si atom (Figure 7a) are the tails of the neighboring Al atoms.

4. Discussion

The AIMD simulations and electronic band structure calculations provided informa-
tion about the local structures and interfacial interactions at the Al(l)/SiC{0001} interfaces.
Each of the terminating C atoms is bonded to one Al, and thus, every C atom terminating
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the substrate has four (three Si and one Al) neighbors, fulfilling sp® hybridization. The
interfacial interactions between Al and the terminating C atoms are strong with a charge
transfer of about 0.3e/Al from Al to C (as summarized in d in Table 1). Therefore, energy
costs for debonding at the Al(/)/SiC{0001}¢ interfaces will be high.

This study also showed anisotropy of chemical bonding at the interfaces: the bond
between Al and the Si atoms terminating the substrate is relatively weaker and covalent
compared to that between C and Al There is a minor charge transfer from the terminating
Al atoms to the Si atoms terminating the substrate (0.04e/Al on average; see e in Table 1).
Moreover, the simulations also showed mobility of the terminating Al atoms, and there are
some extra Al atoms in the terminating Al layer, with the n(Al)/n(Si) ratio being about 1.03.
Such weaker Si-Al bonding means easier interfacial debonding at the Al/SiC{0001}s;
interfaces during machining.

Prenucleation at a liquid metal/solid substrate interface is associated with the intrinsic
capability (potency) of the substrate [46,47]. There are four factors affecting prenucleation
at a solid metal/liquid substrate interface at a temperature above the nucleation point,
including (i) the temperature, T [17]; (ii) the lattice misfit between the substrate and the
metal, f [16,47]; (iii) the interfacial chemical interaction [17]; and (iv) the atomic roughness
of the substrate, R [24,46—48]. The interfacial interaction can be scaled by charge transfer at
the interfaces [24,49].

The present study gives us an opportunity to address the impacts of these factors
of the polar substrates on prenucleation in liquid light metals adjacent to the substrates.
We compare the present results of the Al(/)/SiC interfaces with the interfaces of polar
substrates: Mg(l)/SiC{0001} [33] and Al(/)/AIN [50] in Table 1. An idealized non-polar
Al(l)/ Al{111} interface [17] is included in Table 1 as a reference. All of these systems were
simulated at the same temperature (T = 1000 K).

The Al(l)/ Al(s) interface is idealized and non-polar [17]. It does not contain a lattice
misfit, atomic roughness, or an interfacial charge transfer (a in Table 1). The prenucleation
at this interface is pronounced. There are six recognizable Al layers. The in-plane coefficient
of the terminating Al layer is as high as 0.50.

The AIN{0001} substrates are polarized with either an Al-(g in Table 1) or N-terminated
(f in Table 1) surface [50]. The lattice misfit is large: f = —7.0%. The AIMD simulations
provide strong anisotropy of the interfacial interaction and prenucleation at the interfaces.
There are extra Al atoms at the terminating Al(/) layers at both Al-terminated (10%) and N-
terminated (2%) interfaces, which correspond to an atomic roughness of 5.0% for the former
and 1.0% for the latter (Table 1). Moreover, there are significant differences in interfacial
interactions: there is a notable charge transfer from the terminating Al(/) atoms to the N
in the substrate (0.52e/Al), which is opposite to the case at the Al-terminated substrate
in which the terminating Al(l) atoms receive some electrons from their neighbors. The
results indicate strong interfacial bonding at the Al(/)/ AIN{0001}y interface and weaker
bonding at the Al(l)/ AIN{0001} ; interface. Consequently, layering at the former is strong
with six recognizable layers, while it is moderate at the latter (four layers). The strong
layering at the Al(/)/ AIN{0001}y interface indicates a weak effect of the lattice misfit on
layering, agreeing with the atomistic model [16]. The larger atomic roughness at the
Al(l)/ AIN{0001} ) interface causes it to have weaker layering. The in-plane ordering for
the terminating Al layer at the Al(l)/ AIN{0001}y interface is moderate (0.18) due to the
large lattice misfit and atomic roughness [16]. More seriously is the in-plane-ordering at
the Al(/)/ AIN{0001} 51 interface diminishing, which is caused by the combination of the
large lattice misfit, atomic roughness [16,48,49], and the weak interlayer interactions [17].

Here, we compared the interfacial interactions and prenucleation of Al(/) and Mg{l} at
the same SiC substrates and the Al(/)/SiC{0001} and Mg(/)/SiC{0001} [50] interfaces (Table 1).
The large atomic size of Mg causes a positive lattice misfit (about 6.0%) to SiC{0001} (b and
¢ in Table 1), whereas the lattice misfit between Al{111} and SiC{0001} is about -6.0% (d and
e in Table 1). Table 1 shows that the charge transfers at the Mg(/)/SiC{0001} are notably
higher than the corresponding ones at the Al(1)/SiC{0001} interfaces, indicating a more
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ionic nature at the former interfaces. This is due to the higher electronegativity value
(1.61 in Pauling scale) of Al than that of Mg (1.31). Interestingly, there are notable amounts
of atomic vacancies at the terminating Mg(/) layers, namely 5.0% for Mg(l)/SiC{0001}¢
(b in Table 1) and 15.0% for Mg(/)/SiC{0001}g; (c in Table 1) compared with that at the
Al(l)/5iC{0001} interfaces (d and e in Table 1). This means there are stronger effects of the
atomic volume at the Mg(/)/SiC{0001} interfaces than at Al()/SiC{0001}. Table 1 also shows
that the recognizable layers in the liquid metals at the C-terminated substrates are slightly
higher than those at the Si-terminated substrates. This indicates that stronger interfacial
chemical interactions enhance layering. The numbers of recognizable layers in the liquid
Mg (five to six) are higher than the corresponding one in the liquid Al (three to four). This
partially comes from the larger Mg interlayer space, as shown in the pronounced layering
at the Mg(l)/Zr interfaces (seven recognizable layers) in liquid Mg [51].

Table 1. A list of the lattice misfits between the substrates and the light metals, the substrates’
surface features, and prenucleation (the number of ordered layers, n1payers; the in-plane-ordering
of the terminating metal layers, Sy1(z), for the interfaces between light metals and polar substrates,
Al(l)/5iC{0001} (this work)) (d,e), Al(l)/ AIN{0001} reprinted from Ref. [47] (f,g), and Mg(l)/SiC{0001}
reprinted from Ref. [33] (b,c). The related properties for the idealized L-Al/s-Al{111} interface
reprinted from Ref. [17] (a) were included as a reference. * The outmost Al atoms bonded to N are
classified as the terminating atoms in the AIN substrates, while they were formerly defined as the 1st
Al layer in reprinted from Ref. [50].

Interface f (%) Igc %) R(%) ge/M)  npayers Sm(z) Prenucleation
a: Al()/s-Ali111) +0.0 100 0.0 0.00 6 0.50 Strong layering
[17] Strong in-plane ordering
%)3:31\]/[5;(1)/SIC{OOOHC % 25 +0-50 St06 045 gg‘gﬂg 1?1}-];{:1?% ordering
+5.9%
c: Mg(l)/SiC{0001}s; Strong layering
[33] 85 75 +0.21 > 0.10 Weak in-plane ordering
Weak layering
?T:tﬁsl(a g 2115{0001}c 100 0.0 1030  3tod 031 xg‘jzrrf‘gte in-plane
—6.0%
e: Al(1)/SiC{0001}s; Weak layering
[This work] 103 15 +0.04 3 0.22 Moderate in-plane
ordering
: Strong layering
Fsal(l)/AlN{OOOl}N 102 1.0 +0.52 6 0.18 Moderate in-plane
] —7.0% ordering
[géo’i‘l(l)/ AIN{000) 110 5.0 —031% 4+ 0.02*  Strong layering

Weak in-plane ordering

Table 1 shows the relation between in-plane ordering and atomic roughness. The
interfaces with smaller atomic roughness values for the C-terminated substrates have
higher in-plane ordering coefficients with the Si-terminated substrates. This agrees with
the previous conclusions from atomistic molecular dynamics modeling [48].

Table 1 also shows the anisotropy of chemical interactions at the interfaces between
liquid metals (Mg, Al) and the polar substrates. The charge transfers from the metals to
the more electronic negative atoms in the substrates (C and N) are notably larger than the
values corresponding to the less electronegative atoms in the substrates (Si and Al). The
obtained charge transfer between C and Al is 0.5e/Al (b), which is close to that between
N and Mg at the interfaces (f). Therefore, these interactions are strong and more ionic.
Meanwhile, the charge transfer from Al to C at the Al(/)/SiC{0001}¢ interface has a value
of 0.3e/Al (d). This means that the bonding between Al and C at Al(/)/SiC{0001}¢ is more
moderate compared with the other two, (b) and (f). The terminating Al atoms obtained
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0.3e/Al on average from the substrate Al atoms (case g in Table 1). This is caused by
the strong polarity of the AIN substrate where the outmost AIN slab with Al termination
donates electrons to the terminating Al atoms, which means there is strong chemical
bonding between the liquid Al and the substrate in (g). The charge transfer between Mg
and the Si in the substrates in (c) is still notable (0.2e/Mg). Meanwhile, the charge transfer
is insignificant between the Al and Si substrates (e) in Table 1. This corresponds to the
weak interaction between them from the electronic structure calculations (Figure 7). Thus,
comparatively, the chemical interactions between the liquid Al and SiC substrates are
moderate, indicating easier deformation and debonding between the Al matrix and the SiC
substrates during machining, as shown in the literature [9-11].

Information about the chemical bonding between the light metals and the polar
substrates (Table 1) is helpful to understand the wetting at the M(/)/solid interface. Stronger
interface interactions mean smaller wetting angles. Thus, the wetting angles at the Al(l)/SiC
interface are expected to be larger than those at the Mg(l)/SiC and Al(l)/ AIN systems.
However, one must also be alert that polar surfaces such as the SiC and AIN substrates are
unstable at ambient conditions [13]. Such polar substrates can be stabilized by defects [52]
or the absorption of small molecules [53]. This would impact wettings when added into
liquid metal [54,55]. This topic deserves further investigation.

In brief, the present ab initio study revealed that the interfacial interactions at the
C-terminated substrates are more significant than those at the Si-terminated substrates at
the Al(l)/SiC{0001} interfaces. Prenucleation at the Al(l)/SiC{0001} interfaces is overall
moderate due to the large lattice misfit and moderate interfacial interactions.

5. Conclusions

The present AIMD simulations for the interfaces between liquid Al and the polar
SiC{0001} substrates provide the following results:

(i) The substrates and liquid Al at the Al(/)/SiC{0 0 0 1} interfaces are well separated.

(ii) The Al layers adjacent to the SiC{0001} substrates are flat with the absence of or a
moderate content of atomic vacancies.

(iii) Overall prenucleation at the Al(l)/SiC{0001} interfaces is moderate.

(iv) There is a moderate charge transfer from the Al atoms to the outmost C (0.3e/Al),
while no significant charge transfer occurs from Al to Si.

(v) The moderate interface interactions between the Al and SiC substrates indicate possi-
ble interface debonding during machining.

This study provides insights into the interfacial interactions between Al and SiC
particles in and macro-mechanical performances of Al/SiC-MMCs and the role of SiC
particles in the nucleation of Al metals/alloys [9,56] and other MMCs [57,58]. Furthermore,
it is useful to design novel manufacturing and machining processes for nano-sized SiC-
MMCs of desirable properties in practice.
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Abstract: This paper uses a two-scale material modeling approach to investigate fatigue crack initia-
tion and propagation of the material X10CrMoVNDb9-1 (P91) under cyclic loading at room temperature.
The Voronoi tessellation method was implemented to generate an artificial microstructure model at
the microstructure level, and then, the finite element (FE) method was applied to identify different
stress distributions. The stress distributions for multiple artificial microstructures was analyzed by
using the physically based Tanaka-Mura model to estimate the number of cycles for crack initiation.
Considering the prediction of macro-scale and long-term crack formation, the Paris law was utilized
in this research. Experimental work on fatigue life with this material was performed, and good
agreement was found with the results obtained in FE modeling. The number of cycles for fatigue
crack propagation attains up to a maximum of 40% of the final fatigue lifetime with a typical value of
15% in many cases. This physically based two-scale technique significantly advances fatigue research,
particularly in power plants, and paves the way for rapid and low-cost virtual material analysis and
fatigue resistance analysis in the context of environmental fatigue applications.

Keywords: X10CrMoVNDb9-1 (P91); two-scale material modeling (TSMM); Tanaka—Mura model
(TMM); Paris law; fatigue life cycles

1. Introduction

Power plants have been generating massive quantities of electricity and refining raw
materials into final products. The typical life span of a power plant is 402,960 h [1,2].
Low cycle fatigue stresses are imposed on machinery that operates at high temperatures
and with some vibration due to its surroundings. Increasing a power plant’s operating
temperature within the allowed range is a principal means of improving energy efficiency,
but it requires remarkable structural integrity [3]. Monitoring structural integrity and
detecting local failures are critical for ensuring that respective components remain fit for
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service. Understanding a material’s fatigue life under cyclic load is essential because
structures can collapse under fatigue loading at loads lower than the material’s yield stress.

Numerous researchers [4,5] have examined the X10CrMoVNDb9-1 P91 steel’s high-
temperature crack development characteristics under constant load. Saad et al. investigated
P91 materials to develop a constitutive viscoplasticity model capable of reproducing the me-
chanical behavior of power plant materials under thermomechanical fatigue conditions [6].
They discovered that viscoplasticity might be employed in predicting P91 steel behavior at
temperatures ranging from 400 °C to 600 °C. Jinbiao et al. investigated the prediction of
high-temperature fatigue crack onset in P91 steels [7]. They observed that high-angle grain
boundaries were reinforced by 74% when they compared the fine-grain heat-affected zone
alongside the coarse-grain heat-affected zone.

The accumulation of damage under cyclic loading is the key issue of fatigue, making
it a nuanced phenomenon [8]. The fatigue life of engineering constructions is an intricate
process with different phases. To simplify this procedure, engineering structure design
often considers three superordinate phases: fracture initiation, fatigue crack propagation,
and unstable crack growth. These phases are frequently evaluated separately. Figure 1
shows a graphic representation of the stage of the fatigue life cycle. Zhan investigated the
fatigue behavior of TC4-TC11 titanium alloys through laser-melting deposition [9], while
Huang et al. adopted a damage mechanics approach to examine the effects of overload on
notched specimen fatigue, combining residual stress and plastic damage [10].

e A Crack Growth
Initiation Crack Period Period
Crack Micr Macro crack Final
Cyclic sli .
4 P Nucleation "cff growth fracture
VA P 2 1A%

Ke K, J,CTOD Kic, Jic, CTODIc
Stress Concentration Factor Stress Intensity Factor g ture toughness

(Fracture parameters)
Figure 1. Life cycles of fatigue.

Several researchers [2,11-13] have employed the Tanaka—Mura model (TMM) as a
modeling tool to determine the initiation of cracks. The concept was first presented by
A. Briickner-Foit and X. Huang [14], who developed a computer model for the evolu-
tion of fracture due to fatigue in martensitic steels (F82H) using an updated version of
the TMM. Briickner-Foit’s research focuses more on quantifying cycles than does Kram-
berger et al.’s [13] investigation into the segmental crack nucleation process. Mlikota and
Schmauder et al. [15] used the improved TMM to establish multiscale modeling and simu-
lation of the metal fatigue method. The researchers estimated the number of cycles needed
for the ultimate fracture using a dual-scale and a multiscale framework to assess crack
initiation and propagation. They successfully evaluated the simulation of crack initiation
with experiments on various steel varieties, including AISI 1141, high-strength steel S960,
and martensitic steel.

Santus et al. investigated the development of small metal cracks [16]. They discovered
that crack development has three stages. The first stage is the microstructurally short
crack (MSC) stage, which raises questions about the applicability of continuum mechanics
when the crack dimension is equivalent to or less than the grain size. The second stage
is the physically short crack (PSC) stage, in which the crack barely grows due to reduced
closure and other influences. The final stage is the long crack (LC) stage, in which the crack
continues to develop following the Paris law until it ultimately fractures.

Following Tanaka and Mura’s argument [17,18], a dislocation model that incorporates
a double pile-up positioned on a single slip band effectively captures the inception phase
of the crack. The interaction between forward and reverse loading results in fatigue, and
over time, materials exhibit flaws, such as dislocations. As the cycles increase, new crystals
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show evidence of slip bands, and the existing bands widen, with some eventually evolving
into short cracks. The slip band or slip lines initially appear in a few well-aligned crystals
(grains) within the substructure as narrow and sharp lines. In most metals, the slip systems
are numerous, and the active ones are oriented close to the planes with the maximum shear
stress. When a force is applied in only one direction (uniaxial loading), the crack planes
will always be angled at an estimated 45°.

The Paris law frequently illustrates the propagation of long cracks (as shown in
Equation (1)). It develops a relationship with the stress intensity factor (SIF) K, which
occurs at the crack’s tip during the steady crack growth duration and the fatigue crack
growth rate, which is also known as FCGR or da/dN [19,20].

da/dN = C(AK)™ 1)

The constants obtained via experimentation are C and m. The equation formally
describes an experiment on the formation of fatigue cracks. An essential detail to recognize
is that physical laws guide the development of fatigue cracks. The relationship between
the crack growth rate (da/dN) and the stress intensity factor range (AK) curve is where
the Paris law is applied, as shown in Figure 2. The mechanism that causes the fracture to
propagate is pushed by the crack driving force. This specific force is related to the value of

the critical SIF AKj..
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Figure 2. da/dN vs. AK plot describing the three regions and influencing factors associated with
crack growth rate.

In the microstructural study field, few investigations focus explicitly on the material
X10CrMoVND9-1 (P91) that analyze the initiation of short cracks in fatigue. The integration
of the Voronoi tessellation (VT) technique with the TMM at the microstructure level,
particularly for the P91 material, provides a novel approach to understanding the material’s
fatigue behavior, particularly regarding crack initiation and propagation in elastic—plastic
modeling [7]. The steps of crack initiation and propagation are different, which is why the
entire fatigue lifetime needs to be understood and the evaluation of the crack initiation and
growing processes needs to be compared through experiments. The physical TMM [11]
determines how many cycles a single grain needs to start to microcrack. This analytical
model is evaluated numerically and is based on the physical principles of dislocation
movement. Three artificial microstructure models were created for this investigation using
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the VT technique at room temperature. Simulation findings will be reviewed and discussed
for conclusions and recommendations.

2. Methodology
2.1. P91 Material

The P91 material is a corrosion-resistant steel, whose principal alloying components
are approximately 0.1% carbon, 9.0% chromium, and 1.0% molybdenum. This struc-
ture includes micro-alloying components such as vanadium and niobium in addition to
manganese and silicon. These substances produce MX thermally resistant carbides and
carbonitride, particularly V (C,N) and Nb (C,N). At high temperatures, the high strength
results from the interaction between these precipitates and dislocations in the matrix. P91
is typically utilized in its hardened state. M23C6 carbides stabilize the structure by locating
themselves within grains and sub-grains [21-23]. The high chromium concentration of P91
is partly responsible for its excellent oxidation resistance. Through solid solution hardening,
manganese and silicon contribute to an increase in mechanical strength. The chemical
composition of the specifications and the investigated heat are detailed in Table 1.

Table 1. Mechanical characteristics of P91 material at ambient temperature.

Mechanical Properties (Data from Ref. [24]) 24°C
Shear modulus, G (MPa) 78,986
Poisson’s ratio, v 0.38
Young’s modulus, E (MPa) 218,000
Yield stress (MPa) 550
Ultimate tensile stress (MPa) 690

Martensitic steel in its 9Cr-1Mo (P91) form is the substance used in this study, ac-
cording to ASME Section II and the experimental results. Table 1 displays the material’s
mechanical properties [24], and Table 2 displays its chemical composition [4].

Electron backscatter diffraction (EBSD) (Figure 3b) was performed to observe the
crystallographic orientation and shape of the grains of the microstructure of P91. Three
representative microstructures were used to obtain better fatigue crack initiation results, as
in Figure 3c.

(@) (b)

Figure 3. Two-scale models illustrating macrostructure as a global model and 3D submodel (a), SEM
and EBSD image (b), and three artificial microstructures (submodel) derived from EBSD image (c).
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Table 2. Chemical composition of P91 steel in wt%.

Chemical Composition in Mass (%) (Data from Ref. [4])

C Si Mn P S Cr Mo Ti A% Nb Ni N Al
Minimum  0.09 0.26 0.37 0.15 0.0 0.88 0.91 0.01 0.20 0.08 0.08 0.44 0.01

2.2. Experimental Procedure

The experimental approach was used to determine the number of fatigue cycles
that X10CrMoVNDb9-1 can withstand at room temperature. The specimens for the fa-
tigue test were made of P91 steel (yield stress = 550 MPa; tensile strength = 690 MPa;
elongation = 46%). Table 2 displays the chemical composition of the material. This steel
is frequently used to create different structural components for power plants, such as
superheaters and steam pipelines that can operate up to 600 °C. The samples were taken
from a tube with a 57.0 mm diameter and 15.6 mm wall thickness.

The fatigue test was performed at ambient temperature and used constant strain
and stress amplitudes. An Instron 8502, from INSTRON (Norwood, MA, USA), testing
machine with additional parts for low-cycle testing at room temperature was used for
these tests, Figure 4. The stress amplitude-controlled testing used four unique total stress
amplitude levels, namely, 300, 425, 475, and 558 MPa. The parameters related to every
fatigue test are listed in detail in Table 1. The loading frequency was held constant at 0.5
Hz across all experiments. Instantaneous loads were imposed on the specimens, and the
consequent fatigue cycles were measured. The loading ratio (R) was set as —1 and the
specimen dimensions as in Figure 5.

The procedure follows ASTM E606-04 standards for strain-controlled fatigue testing [25].

Figure 4. Specimen during the fatigue test.
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Figure 5. (a): Sketch and dimension (unit in millimeters); (b): actual experimental fatigue specimen.

2.3. Modeling Fatigue via Elastic—Plastic Analysis

TMM helps to determine how many cycles are needed for cracks to start and grow in
individual grains. The crack-initiation stress-number (5-N) of cycles curves estimate how
many cycles a crack will last before it breaks. The material being investigated in this study,
9Cr-1Mo (P91), has a body-centered cubic crystal structure [26] and is commonly utilized
when high temperatures are involved. The fatigue life curve was derived by assessing the
number of cycles required for the initiation of short cracks across varying microstructures.
An enhancement over previous studies is the incorporation of plasticity, better aligning
the model’s characteristics with the real material properties. This adjustment is particu-
larly relevant because it accounts for crack initiation, marking the onset of irreversible
material deformation.

The deformation of the elastic—plastic model can be divided into an elastic part and an
inelastic (plastic) part. This statement is written as Equation (2):

F = FoF/ 2)

where F is the total deformation gradient; F is the fully recoverable part of the defor-

-1
mation at the point under consideration ( {Fez } is the deformation that would occur if,
after the deformation F, inelastic responses were somehow prevented, but at the same

time, the stress at the point was reduced to zero); F?! is defined by Frl = {Fd] 1oF [27].
We consider the slip mechanisms in the microscale as a constitutive model for crystal
plasticity. Consequently, the critical resolved shear stress (CRSS) is incorporated into the
TMM equation.

2.4. Fatigue Crack Initiation Model

In 1981, Tanaka and Mura developed a dislocation model [18,19] that included a dual
pile-up formation on a single slip plane to explain how cracks nucleate. The number of
fatigue crack initiations needs to be determined before calculating the total number of
cycles for fracture due to fatigue. Crack nucleation inside a single grain can be predicted
using the TMM, as indicated in Equation (3):

8GW,
Ng = — 5 (3)
(1 — v)d(AT — 2CRSS)

where N is the number of cycles for fatigue crack initiation, G is the shear modulus, W,
is the specific fracture energy per unit area, v is the Poisson’s ratio, d is the length of the
slip band, AT is the average shear stress range on the slip band, and CRSS stands for
critical resolved shear stress, which is the critical value of shear stress in the glide direction,
whereby the dislocation movement can occur. Grain boundary dislocation pile-up is
prevented if the resolved shear stress is smaller than the CRSS.
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2.5. Fatigue Crack Propagation

The growth rate of prolonged fatigue cracks (stated as da/dN) at particular stress
conditions for a wide range of technical alloys is generally defined by the Paris law [28],
which is a widely recognized theory based on linear elastic fracture mechanics (LEFM):

da

N = C(aK)" @)

where da/dN is the crack growth rate, AK = Knax — Kmin is the SIF range at the crack tip
during stable crack growth, and C and m are (the Paris) constants of the material that can
be inferred via fitting to experimental data or computed mathematically, respectively [29].

Figure 11 shows how the a — N curve can be utilized to determine the number of cycles
needed for an LC to propagate, Nyrp, spanning from the point at which crack initiation is
complete, 4, to the eventual failure point and ay of a specimen or component. This curve
can be obtained by integrating a power-law equation, such as [30]:

I da
~ Clay (AK)"

N(a) ®)

In terms of the final failure, the 2 — N curve and fracture toughness, AK, have an
impact such that Ny, = f(Na, Kj). The Paris law and its amendments [31] should be
noted as the sole set of criteria that can be used to determine the durability of structural
components with early cracks.

A numerically based S-N (Wohler) curve can be created by integrating the results from
the TMM and the Paris law (Equations (1) and (3)), and it can be used to predict when the
final failure can be expected to happen for various loading levels.

2.6. Physical Model

A physical model represents a real model of an object or system. It is designed
to represent, simulate, or predict the behavior of the actual object or system in the real
world. This model is applied when conducting experiments or gathering data would be
impractical, costly, or impossible. Numerical simulations of crack initiation were carried
out using ABAQUS [32], which included a plug-in for the TMM and VT, to specifically
address micro-crack nucleation. The ABAQUS scripting interface is used by the Python
code that invokes the graphical user interface [33]. The execution, in this case, consists of
two parts: Python programming, which manages and directs the simulation procedure,
and ABAQUS, which handles tasks such as pre-processing, solving the actual finite element
(FE) problems, and post-processing (Figure 6).

Automatic Abaqus N Output
meshing Solver database

Abaqus Abaqus/CAE

Generate polycrystal
sk Wilh [etom = PREEReeeR SR ESRERE RN S MRRAR SRR SRR RRSSE Se M S = Result
orientation by Voronoi

Recoding

Continuum Interface Asses micro
2 ; le—]
configuration

configuration update [ crack (< 1mm)

Python coding

A 4

External file |

Figure 6. Algorithm for evaluating the number of initiation cycles during the crack initiation phase.
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Figure 6 depicts the algorithm for evaluating fatigue crack initiation. The initial stage
involves the development of a polycrystalline microstructure. This process requires four
main parameters in VT, namely, seeds, perturbation, grain size, and boundary. Seeds are
starting points for the initiation of grain structure, perturbation is a slight displacement to
these seeds to ensure randomness and mimic natural microstructure variations, grain size
is the average size of the grains, and grain boundaries refer to the outline of the simulated
microstructure and the interface between grains. The micro-model is derived based on
VT to simulate the assembly of polycrystalline grains. Each grain’s displacement field in
the micro-model, which collectively represents an infinite variety of orientations, is used
to calculate the characteristics of the boundary interface. An auxiliary file is created with
microcrack geometry, slip band, and slide segment properties for every grain. This model
serves as the ground zero for the next phase of the crack initiation process.

The model is meshed using the Mesh module in ABAQUS, and the solver provides
a database of displacements, strains, and stresses as outputs. The next microcrack in the
micro-model can be predicted using a custom-developed routine (Python algorithm) using
the shear stress magnitude on each segment. Grain boundaries—representing the grains
within the microstructure—are said to have failed if a microcrack forms on an already
present slip plane segment.

On the basis of the TMM in Equation (3), the average shear stress on a slip plane,
AT, must exceed twice the CRSS (AT — 2CRSS) value. This will ensure the activation
of the necessary slip systems to identify the most vulnerable segments. The equation’s
denominator (AT — 2CRSS) provides an indirect justification for this condition. The TMM
predicts a slip plane segment fracture that satisfies the criterion and requires the fewest
cycles for nucleation. After a new crack that starts at a particular place is added, the
microstructural model is remeshed, and the evaluation under further cyclic loading is
repeated until no more segments can be cracked.

The microscale model shown in Figure 3¢ is used to analyze the initiation of fatigue
cracks [13]. This model shows that microcrack nucleation models can reliably forecast
the beginnings of fatigue cracks. The VT technique creates an extensive microstructure
before this model can be used. On the basis of the experimentally acquired EBSD image in
Figure 3b, the microstructure of the submodels (M1, M2, and M3) was produced randomly,
with an average grain size of 20 um. X. Yang et al. [34] and Li et al. [35] similarly found
20 um grain sizes for 9Cr-1Mo at different temperatures.

Representative volume elements (RVEs), which are produced using the VT approach,
are a key component of the simulation model. A random orientation is assigned to each
cell in the Voronoi structure. Each cell represents a prior martensite grain, which cause
the random angles of the cells; thus, the crystal structure orientations in the plane are
defined [13]. The Voronoi method correctly represents the average grain size of a material’s
microstructure. The micro-models of this work typically comprise 104,501 distinct elements
and an average of 199 grains. The 3D shell models possess a non-zero thickness and differ
from their 2D equivalents in containing non-constant through-thickness stresses. This 3D
shell submodel represents a layer of grains in the XY plane with a thickness equal to the
average grain size (20 pm) (Figure 3c).

2.7. Evaluation of Short Crack Initiation Wohler (S-N) Curve Utilizing Numerical Methods

The microstructural model estimates brief fatigue crack nucleation and propagation.
Generating the micro-model for fatigue initiation analysis is crucial. This model is carefully
placed at the area of maximal stress concentration where crack initiation is expected. In
this work, 0.3 mm x 0.3 mm micro-models with an average grain size that mimics the
initiation process were chosen. This scale was selected to balance computational feasibility
with the model size that accurately represents physical crack initiation processes. These
dimensions were enough to view the crack nucleation. Figure 3c shows the carefully
designed artificial microstructure model based on the EBSD image. This scientific approach
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gives a granular view of material fatigue behavior, improving our understanding of crack
initiation before propagation.

Although the micro-model is generated in 2D in Figure 3¢, implementing the M3D4R
elements makes the model a three-dimensional deformable shell mesh. This model uses
membrane components and simplified integration techniques to reduce computational
complexity. One common use of these elements is to model thin stiffening components
within a continuum. These components usually act as reinforcing layers in various materials
and structure systems.

The micro-models employed in this study exhibit orthotropic elastic—plasticity material
properties, which allow an enriched understanding of material behavior, conforming to the
requirements in Table 1. The incorporation of plastic properties within the microstructure
model marks an enhancement over previous research [2]. This condition represents that the
microstructure has direction-dependent properties toward the elastic region and undergoes
plastic deformation. Equations (6) and (7) are used to obtain the elastic constants for
cubic symmetry, which are then applied to the micro-models and are shown in Table 3.
Notably, C44, as expressed in Equation (8), corresponds to the material’s shear modulus.
The CRSS and the crack initiation energy (W,) are the two material parameters included in
the TMM, which was used in this study. According to earlier research [35], the W, value
can be derived from the J-R curve as derived from experiments or from calculations of a CT
specimen. The CRSS, set at 134.5 MPa for this study, was determined by experimental data,
the specifics of which will be covered in a subsequent paper.

Table 3. Elastic constants for cubic crystal structures applied in the micro-model to characterize the
material behavior.

Elastic Properties Equation of Elastic Constant for Cubic Crystal Value of Elastic Constant at 24 °C, MPa
Cy1=Cpx =Cs3 Cn =1 fg*_vvg) (6) 408,092
Cip = Cy3 = Cp3 Cpp = ﬁ 7) 250,121
Cas = Cs5 = Ceg Cyu=G= Z(m) (8) 78,986

2.8. Geometry of the Macro-Models

Developing a thorough macro-scale model known as the global model for the specimen
is required to create a numerical representation for analyzing crack propagation. This model
has two purposes: first, to convey the stress amplitude and as a boundary condition to
the microstructure model, and second, to aid in the precise computation of the SIF for
crack propagation analysis. The critical SIF would be achieved by adjusting the seam crack
length a on the model using the extended FE method (XFEM).

As demonstrated in Figure 7, the model utilized in this investigation is axisymmetric.
Axisymmetric modeling is a type of FE analysis that can be performed within Abaqus under
the presumption that the model’s geometry, material properties, and loading conditions
are all symmetric about some central axis. This method is also called 2.5D and makes
computing much more efficient by letting a rotational symmetric three-dimensional object
be shown and studied as a cross-section in two dimensions. A study on mesh convergence
guided the determination of mesh density.
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Figure 7. The 3D FE model, incorporating symmetrical boundary conditions, utilized to compute the
SIF, K for varying crack lengths: (a) in unit MPa and (b) in unit mm.

3. Result and Discussion

On the basis of the EBSD image in Figure 3b, three separate micro-models mirroring
a particular microstructure were chosen for the numerical investigation of fatigue crack
initiation lifetime. These models were subjected to seven stress amplitudes at room tem-
perature: 300, 350, 400, 425, 475, 524, and 558 MPa. Figure 4 depicts the experimental
results obtained by the School of Mechanical Engineering at UiTM Shah Alam, Malaysia,
serving as a premise for comparison with the simulated outcomes. The fatigue test with
stress amplitudes of 350, 400, and 524 MPa was not conducted experimentally due to the
limitation of specimens and to observe the pattern of the number of cycles from TMM.
The grains subjected to the maximum stress levels, typically the weakest grains expected
to initiate the first MSCs, were identified by using an Abaqus plug-in enhanced with the
TMM. Figure 9b shows the microcrack model in which the shear stresses change between
grains and within each grain due to the orientation of each grain and the load applied. The
TMM Equation (3) indicates that this result means the first microcrack starts along the grain
slip line with the shortest expected lifetime.

The average shear stress range (AT) on the slip line, obtained from the FE analysis, is
a crucial input in this equation. The local stress field changes once the crack is initiated,
making it less tight. The number of cycles required to initiate a new crack is subsequently
recalculated for each grain and slip line in the microstructure. Similar to the case where
the microstructure is unaffected, the subsequent MSC that needs the fewest cycles to start
is found. Then, a crack appears in the RVE. The model was improved to support the
sequential nucleation of cracks at the segmental level, which aligns with the improvement
described in [12]. In each simulation step, only one slip line segment of a specific grain
develops a crack. If a segment from one grain breaks in one stage, then a segment from
another grain may probably crack in the next step at the same cycle number or at a higher
one. For this change, the TMM equation had to be changed by changing the grain-breaking
cycles (Ng) to segment-breaking cycles (N;) and the slip line length (d) with the slip line
segment length (ds) [36,37]. The model was remeshed after creating each segmental crack,
and the process was then repeated.

For this investigation, each grain slip line was divided into four equal-sized segments.
On the basis of the TMM equation, each MSC or segmental crack that forms in the micro-
model has its length and number of life cycles. The crack growth rate is calculated by
dividing these two output numbers. Figure 8b shows this crack growth rate when plotted
against the number of cracked slip line segments. In all the studied cases, the crack growth
rate oscillated and went down after a certain number of cycles. Figure 8b, which depicts the
300 MPa stress amplitude instance, shows this different behavior in action. In the example
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under discussion, the state of retardation is indicated by the decreasing and flattening trend
of the crack growth rate at the end of the crack initiation period. Similar decreasing trends
in small crack growth were documented by Newman et al. [38], as seen in Figure 8a at S1.
In Figure 8a, the growth of PSC is represented by the dotted lines, which occur to the left
of the LC growth curve, indicated by a solid line. The threshold for long crack growth is
defined by the SIF range, AK};,. Values of AK below this threshold indicate regions where
no crack growth is observed.

Fatigue crack growth rate (da/dN), S=1, 300 MPa (M1)
Constant-amplitude loading 3.0x10°
R = constant
S1<82<83
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2 Short crack 8
3 —— .3 g
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Figure 8. (a) Fatigue crack growth for rate for short and long cracks (data from Ref. [38]); (b) fatigue
crack growth rate in case of retardation for stress level 300 MPa (M1).

As depicted in Figure 8a, the data points indicate short crack growth declines in the
number of cycles and merge with the LC curve at increased loading levels (52 and S3),
as described by Newman et al. [38]. This merging is an indication that the cracks have
transitioned from the short crack initiation phase to the LC growth regime. Therefore, the
completion of the crack initiation process can be precisely identified at the juncture where
the short crack initiation data align with the LC curve, indicating that the behavior of the
crack growth has entered the LC propagation stage. The proposed idea is that the crack
had changed from the crack initiation stage to the LC growth phase when the crack growth
rate reduced noticeably (Figure 9c). As a result, the total number of cycles required for
crack initiation could be calculated by adding the cycles required for the nucleation of all
segmental cracks until a discernible crack growth rate reduction was noticed. However, at
a lower loading point (S1), short cracks may stop growing and not continue propagating
to an LC because of the vast number of cycles with shallow da/dN magnitude. This
condition causes the oscillation of the da/dN to follow the usual downward trend, as
shown in Figure 8b. In Figure 8b, the case study conducted at a stress amplitude of 300
MPa demonstrates a flattening trend in the da/dN graph as it approaches the final data
points, indicating crack retardation. The cumulative number of cycles associated with the
crack initiation stage in the microstructural model can be determined from the aggregate
number of cycles associated with the initiation of each segmental crack. The existence of
flattened da/dN curves demonstrates crack retardation and marks the end of this stage. For
the exact situation shown in Figure 8b, 1,477,326 cycles were cumulated. The pattern curve
in Figure 8b shows periodic fluctuations in the fatigue crack growth rate, indicating that
the crack interacts variably with the material’s microstructure. These interactions suggest
that different regions of the grains possess a distinct resistance to crack propagation.
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Figure 9. (a) Microstructure under a stress of 425 MPa; (b) microstructure depicting scattered crack
initiation following 33 iterations; (c) fatigue crack growth rate plotted at 425 MPa stress amplitude.

The micro-model shown in Figure 9b contains a nucleated MSC, in which the shear
stress distribution field can also be recognized. The projected number of cycles needed
to complete initiation is shown in Figure 9c on the basis of the above conditions. In this
specific instance, 15,283 cycles are required for a stress level of 425 MPa at microstruc-
ture 2 (M2). Short cracks are defined as those having a depth of less than 1 mm, as
stated by Anderson [30]. Most fatigue fractures remain in the short crack phase for the
bulk of their lifetime. Thus, learning about the characteristics of these flaws is of great
practical importance.

The model illustrates that cracks typically nucleate in a scattered manner according to
the damage course, especially in grains with favorable orientations. According to the TMM,
crack formation occurs within the grains when the conditions for microcrack nucleation
are favorable. Existing crack segments tend to spread along the entire grain, thus causing
localized stress relaxation and concentration at their ends. This condition makes it more
likely that new cracks will form in the area. The total number of cycles, N;,;, required for
the entire crack initiation is equal to the cumulative sum of cycles required for all segmental
cracks that form until the observed rate drop, as illustrated in Figure 9c.

As illustrated in Figure 10, a crack initiation Wohler (S-N) curve has been generated to
graphically depict the initiation phase of a fatigue crack under varied stress amplitudes.
The curve is a significant improvement over the previous results in [2] due to the addition
of plasticity to the global model and the microstructure models.

In the microstructure model, plastic deformation will happen when the material is
stressed beyond its elastic limit, leading to crack nucleation. Considering plasticity is
essential for understanding and predicting material fatigue under various high, medium,
and low loads. The black curve demonstrates the average fatigue crack initiation from
three different micro-models with similar grain size predictions for each data point. In the
absence of experimental data of the 350, 400, and 524 MPa stress amplitudes, the TMM
produced a result that aligned with the overall trend of the Wohler curve. As seen in
Table 4, more than a million cycles at a stress amplitude of 300 MPa occurred during the
experiment. The average number of cycles over the three microstructures is 1,479,969, as
obtained by the TMM equation, shown in Table 4.
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Figure 10. Crack initiation Wohler (S-N) curve for fatigue crack initiation.

Table 4. Number of fatigue crack initiation cycles for artificial microstructures and complete fracture
from the experimental observation.

Stress Amplitude Number of Cycles for Fatigue Crack Initiation Number of Cycles for Complete Fracture
(MPa) M1 M2 M3 Average (Experimental Data at Room Temperature)
300 1,477,326 1,479,435 1,480,134 1,479,969 >1 million
350 266,628 277,132 276,872 273,544 Not provided
400 36,223 36,937 38,255 37,138 Not provided
425 15,033 15,283 15,761 15,359 20,944
475 1360 1396 1364 1373 2361
524 394 364 398 385 Not provided
558 194 210 213 206 356

LC propagation was examined using the LEFM parameter, the SIF K. The model
presented in Figure 7 calculated this value using the Abaqus-built XFEM. Table 5 contains a
part of the AK values calculated for different crack lengths under a 425 MPa cyclic load. The
experimental value of critical SIF 185.5 MPa/m was provided by Materialpriifungsanstalt,
Universitat Stuttgart [24].

Table 5. Critical SIF Kj. computed for different crack lengths under a 425 MPa stress amplitude.

Crack Length, a (mm) 0.21 0.42 0.44 0.70 0.90 1.19 1.28 1.30

1.301

Kje, MPay/m 49.93 74.83 77.07 104.79 127.66 166.06 181.61 184.39

185.84

As shown in Equation (4), incorporating the Paris law approach can estimate the
number of cycles required for crack propagation to reach final failure. This procedure is
dependent on the AK values determined in the previous phase. The blue line in Figure 11
is the outcome of this integration for a 425 MPa stress amplitude. In the micromechanical
model, the final crack length is determined by summing up the projected lengths of
individual crack segments identified in the grains. In order to accurately represent the
transition from initiation to the propagation stage, the dimensions of the microstructural
model were increased to 0.5 mm x 0.3 mm. Based on the micromechanical model’s
dimensions of 0.3 mm X 0.3 mm and the extended microstructure model’s dimensions
of 0.5 mm x 0.3 mm, the initial crack segment length is found to be very similar, namely,
0.21 mm and 0.19 mm, respectively. This accumulation marks the point transition from
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micro- to mesomechanical modeling. Within the mesomechanical scale model, the crack
length begins at 0.21 mm. Table 5 shows the breakdown of the SIF at different crack lengths.
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Figure 11. Number of cycles of LC growth at 425 MPa.

The critical SIF K. is determined to be 184.4 MPay/m at the crack length of 1.3 mm,
which is nearly close to the experimental value mentioned above. The number of cycles it
would take for a crack initiation to propagate and cause failure is estimated by using the
Paris law. Figure 11 depicts how this was accomplished by drawing a vertical line from the
intersection of the 2 — N curve (the blue line) and the crack length, 2y = 1.3 mm. The total
number of cycles (Ny) from both simulations is further explained in Figure 11, including
fatigue crack initiation (Njy; ave.) and propagation (Npyop).

Figure 12 shows an integrated graph exhibiting the stages of fatigue crack initiation
(denoted in black curve), fatigue failure curve (depicted in a light blue curve), and the
overall number of cycles resulting in fatigue failure as derived from experimental data
(represented by red curve). Within statistical tolerances, a difference between 2.5% and
39.0% between the fatigue crack initiation period and propagation phase is acceptable.
The apparent difference can be attributed to the stress amplitude applied at the micro and
macroscale level; a higher stress amplitude has a pronounced effect on the difference of
fatigue crack propagation and fatigue crack initiation. The importance of fatigue crack
initiation over fatigue crack propagation in predicting the fatigue life of a material is a
crucial finding of this study and has been known for a long time from the literature and
for other materials. Short cracks behave very differently from longer cracks during fatigue
loading. Another important detail to remember is that the crack initiation phase consumes
most of the fatigue life [30]. Additional investigation into the CRSS value is significant to
assess its impact on the onset of fatigue crack initiation in the P91 material.
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Figure 12. Wohler curve for fatigue initiation and failure of X10CrMoVNDb9-1 (P91).

4. Conclusions

On the basis of the experimental and numerical methods of estimating fatigue life
using the TMM and the derivation of the Paris law, predicting fatigue life on the basis of
crack initiation and propagation is promising. The following conclusions can be drawn
from this work:

The dimensions of the specimen are in accordance with ASTM E6060-04 standards.
The local stress field within a component and the material’s qualities significantly
impact the initiation and development of cracks along slip planes within polycrys-
talline materials.

e  The findings of this study are an improvement over earlier results [2] and have more
realistic agreement with the Wohler curve compared with experimental data in respect
to the number of cycles. The enhancement is attributed to incorporating elastic—plastic
parameters in the TMM, addressing the previously observed overestimation of cycles
for short crack initiation, especially at higher stress levels in the case of neglecting
additional continuum plasticity effects in the model.

e  This approach offers a way to enhance the durability and dependability of polycrys-
talline materials in various technical applications and improve the design of their
constituent parts.

e  The TMM and an artificial microstructure model, in combination with VT, successfully
define the fatigue crack initiation location.

e  The critical SIF K|, can be determined using the 2.5D axisymmetric model. Subse-
quently, applying the Paris law equation facilitated the calculation of the number of
cycles required for fatigue crack propagation. This research emphasizes the crucial
roles of the TMM and Paris law in evaluating fatigue life cycles and paves the way for
the analyses of fatigue life at elevated temperatures.

e  The TMM was applied to artificial microstructure models at high, medium, and low
stress levels. Findings show that fatigue crack propagation affects up to 40% of the final
lifetime, with a typical effect of around 15% in agreement with standard knowledge
also for other materials.
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Abstract: The grain texture of the as-printed material evolves during the laser-based powder bed
fusion (PBF-LB) process. The resulting mechanical properties are dependent on the obtained grain
texture and the properties vary depending on the chosen process parameters such as scan velocity and
laser power. A coupled 2D Cellular Automata and Finite Element model (2D CA-FE) is developed
to predict the evolution of the grain texture during solidification of the nickel-based superalloy
625 produced by PBF-LB. The FE model predicts the temperature history of the build, and the
CA model makes predictions of nucleation and grain growth based on the temperature history.
The 2D CA-FE model captures the solidification behavior observed in PBE-LB such as competitive
grain growth plus equiaxed and columnar grain growth. Three different nucleation densities for
heterogeneous nucleation were studied, 1 x 1011, 3 x 10!, and 5 x 10!. It was found that the
nucleation density 3 x 10" gave the best result compared to existing EBSD data in the literature.
With the selected nucleation density, the aspect ratio and grain size distribution of the simulated
grain texture also agrees well with the observed textures from EBSD in the literature.

Keywords: additive manufacturing; SLM; microstructure; equiaxed; columnar; CET; numerical; simula-
tion

1. Introduction

Additive manufacturing (AM) is transforming the manufacturing industry by allowing
complex-shaped geometries to be manufactured while reducing material waste compared
to subtractive methods such as milling [1]. In additive manufacturing, the material is
added in a layer-by-layer approach and by subsequently melting the added material with
a heat source it is fused into a solid structure [2]. Laser-based powder bed fusion (PBF-
LB) is one of the most common additive manufacturing methods where a thin layer of
metal powder is first spread and then selectively melted using a laser beam, also known
as selective laser melting (SLM) [3]. The nickel-based superalloy 625 is a common AM
material and it is widely used in the aerospace, chemical, and petrochemical industries due
to its good yield strength, creep strength, and weldability [4], as well as its good oxidation
and corrosion resistance [5]. Dendritic columnar and equiaxed microstructures are typically
seen in alloy 625 parts produced by PBF-LB [6,7]. These microstructural features arise from
dendritic crystal growth. As the crystals grow, grains are forming consisting of dendritic
crystals that share the same crystallographic orientation. The grain texture refers to the
distribution of these grains and their crystallographic orientations. Each oriented crystal
has its preferential growth direction. If the preferential growth direction is aligned with
the maximum heat flow direction it is more likely to sustain its growth and outcompete
other growing crystals. This is known as competitive grain growth which has a significant
influence on the grain textures of PBF-LB produced materials. The maximum heat flow
direction in additive manufacturing is along the build direction which causes pronounced
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columnar grain textures oriented along the build direction as seen in Malmel6v et al. [8].
The mechanical properties of the produced material will vary depending on the obtained
grain texture. Through modeling, the desired mechanical properties can be obtained, while
costly, time consuming, and material-demanding physical tests can be avoided. To be
able to model the grain texture evolution, the solidification process in AM needs to be
understood. Figure 1 illustrates the solidification process and the characteristics of the
as-solidified grain texture. Additive manufacturing is comparable to many repetitive welds
and therefore it is assumed that the nucleation and grain growth mechanisms are similar to
those of the welding described by Kou [9]. There are two competing nucleation mechanisms
that take place while the melt pool is solidifying: epitaxial nucleation and heterogeneous
nucleation. Epitaxial nucleation occurs [10] at the interface between solid material and the
end of the solidification zone. Pre-existing crystals that are partially re-melted start to grow
into the undercooled liquid to form columnar grains. Heterogeneous nucleation occurs in
the undercooled liquid where grains nucleate due to bulk nucleation which forms equiaxed
grains. If the equiaxed zone grows large enough, the columnar front will be prevented from
growing further and the Columnar-to-Equiaxed Transition (CET) takes place. By varying
the process parameters, the equiaxed zone can be more likely to sustain its growth due to
more favorable conditions which promotes the CET [11,12].

Start of End of
solidification zone solidification zone
] |}

Scan direction

[ L]
® Undercooled liquid :

= *: _________ epese . 4

Melt pool ; i~ Equiaxed grains

— Columnar grains
(epitaxial nucleation)

Previously
= deposited material
(or build plate)

Figure 1. Nucleation and grain growth mechanisms in welding [9] which is assumed to be similar as
in additive manufacturing.

There are three common models used to predict the grain texture during solidification:
the Phase Field (PF) model, the Cellular-Automata (CA) model, and the Kinetic Monte-
Carlo (KMC) model [13,14]. The PF model is used to predict the dendritic growth during
solidification, resulting in a high-resolution prediction of the dendritic growth but is thus
also limited to predictions containing a few dendrites [15]. The CA model describes the
dendritic growth on a cell grid where each cell can exist in different states and the cells
evolve between states according to predefined transition rules. The model applies to
mesoscale objects since only the growth of the dendrite tip is considered which significantly
reduces the computational time compared to the PF model that considers the entire liquid—
solid interface of the dendrite. The KMC model is computationally efficient enough
to reproduce full 3D microstructures that agrees with experimental findings [16], but it
cannot predict grain texture since it does not incorporate the effects of crystallographic
orientation and competitive grain growth [13,16]. The CA model was deemed as most
suitable to predict the characteristics of the printed grain texture efficiently and accurately
in a mesoscale context applied to PBF-LB.

In the 1990s, Gandin and Rappaz developed a CA model to predict the grain texture
evolution during solidification of casted parts [12,17,18]. CA models have gained popu-
larity for simulating the grain texture evolution in alloys manufactured by PBF-LB due
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to the advancements in the field of additive manufacturing. Typically, 2D CA models are
used for their computational efficiency while being capable of simulating realistic grain
textures [19,20]. Dezfoli et al. [19] used a 2D CA model to simulate the grain texture from
single-track PBF-LB processed alloy 718. A cell spacing of 0.2 um was used in their CA
model when considering the PBF-LB process conditions of 150 W for three different scan ve-
locities of 500, 400, and 300 mm/s. The cell spacing is an important parameter that controls
the spatial resolution in the CA model. Rai et al. [20] developed a 2D CA model to predict
the grain texture of alloy 718 consisting of 10 layers processed by electron beam powder
bed fusion (PBF-EB). The CA model with a cell spacing of 0.5 um was used to compute the
grain texture based on the thermal history obtained with a 2D Lattice Boltzmann model. In
their case, the process condition for PBF-EB was a scan velocity of 2200 mm/s and a power
of 594 W.

Although 2D models do produce realistic results for AM, they do not capture all
aspects of grain growth. For example, the 2D model would not be able to capture the
influence on the grain texture when grains are growing out of the plane. Numerous
researchers have developed 3D CA models capable of simulating the grain texture evolution
that also captures the growth of grains out of the plane [21,22]. Koepf et al. [21] developed
a 3D CA-FE model that re-uses the thermal field obtained using a finite element (FE) model
with four printed layers. They predicted the grain texture of the nickel-based alloy CMSX-4
produced by PBF-EB. With the re-use of the temperature field, the computational time
was significantly reduced. The process conditions included a power of 300 W and a scan
velocity of 500 mm/s. A spatial resolution of 10 um was used to capture the evolution of the
grain texture. Teferra and Rowenhorst [22] developed a 3D CA model where parallelization
was implemented to increase computational efficiency. The PBF-LB process with a power of
175 W and a scan velocity of 500 mm/s was simulated to study the grain texture evolution
of 316 L stainless steel using a spatial resolution of 1.875 pm in the CA model.

First and foremost, in the highlighted findings mentioned above, it is seen that the
spatial resolution is lower for 3D models than for 2D models, and thus the accuracy of
a 3D model is inherently lower. Hence, there is a need for 2D CA models that can be
used both with a fine spatial and temporal resolution while also giving a reasonable
computational time. In 2D CA modeling, the two competing nucleation mechanisms have
a significant influence on the predicted grain texture. One of these is, as mentioned earlier,
heterogeneous nucleation, and the choice of nucleation parameters are essential for success
in grain texture modeling as highlighted in the review by Korner et al. [13]. The importance
of choosing nucleation parameters for 2D CA models is often neglected such that nucleation
density and heterogeneous nucleation are not considered. In this work, a method of finding
suitable nucleation parameters for heterogeneous nucleation is proposed by calibrating
them with respect to existing EBSD data in the literature. Secondly, the largest contribution
to the computational time is from the thermal model. Therefore, there is a need for efficient
3D FE models that can resolve the temperature history for complex scan strategies seen in
PBF-LB. In this work, a 3D FE heat transfer model is developed capable of simulating the
temperature history over many deposited layers. Thermal models coupled with fluid flow
such as in Dezfoli et al. [19] are used in conjunction with models for grain texture evolution.
These models have the possibility to give a high resolution of the temperature field but
with the price of a high computational cost. Typically, 2D Lattice Boltzmann methods are
also used coupled with particle interactions such as in Rai et al. [20]. However, since heat
transfer is a 3D phenomenon, the accuracy of the temperature history from such a model
will be inherently lower and it cannot resolve the temperature history involving rotation
scanning strategies which are often used in PBF-LB.

The aim of this work is to develop an efficient 2D CA-FE model that can predict the
grain texture of the nickel-based superalloy 625 processed by PBF-LB. Both heterogeneous
nucleation and epitaxial nucleation are considered in the model. Such a model can be
used to obtain a better understanding of how the grain texture of the printed material
is influenced by the many process parameters in PBF-LB. The prediction is based on
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the temperature history obtained with a 3D FE heat transfer model for a set of process
parameters from the work by Malmelov et al. [8]. The heat transfer model combined with
a 2D CA model is proposed to efficiently compute grain growth and nucleation in alloys
produced by PBE-LB. This enables an efficient modeling approach capable of predicting the
grain texture in PBF-LB which evolves over many deposited layers. Nucleation parameters
are determined through calibration with regard to existing EBSD data in the literature.
The PBF-LB process conditions are then changed relative to the calibration case for model
validation to see if the model captures changes in the grain texture depending on the
process conditions.

2. Materials and Methods

This section describes the coupled CA-FE model for simulating the grain texture of
PBF-LB processed alloy 625. The coupling between the CA and FE model is a one-way
coupling. The temperature field is first computed with the FE model and the grain texture is
computed as a post-process procedure after all timesteps are computed in the FE model. The
finite element model is simulated in MSC Marc with in-house developed AM subroutines
and the temperature history is imported into MATLAB where the computations of the
CA model are made. The grain texture is computed from a two-dimensional cross section
based on the thermal history obtained from the finite element model.

2.1. Finite Element Model

The finite element model was developed to take into account the process conditions
for PBF-LB processed alloy 625 as presented in Malmel6v et al. [8]. A wall geometry (length
60 mm, width 4 mm, and height 30 mm) was built in their work and the thermal history for
a small part of that build is simulated here (total hatch width 540 um, scan length 300 um,
total build height 200 um). The FE model consists of 15 deposited layers with a layer
thickness of 20 pm where each layer consists of 9 hatches with the hatch spacing 60 um
and hatch length 300 pm. The scanning strategy was bi-directional and the elements were
activated according to the “inactive” element approach. Figure 2 illustrates the multi-layer
deposition model composed of the finite element discretization of all deposited layers and
the build plate.

Deposited
material

Figure 2. Finite element discretization of the deposited material and substrate where the grain texture
is predicted with the CA model in the cross-section in the middle of the deposited layers (green lines).
The red arrows indicate the bi-directional scanning strategy.

The discretization of the added layers consists of hexagonal elements with a height
of 5 um which means that one layer consists of four elements in the build direction. In
between the added hatches and layers there is a short time of cooling to take a real-life
scenario into account. Cooling between hatches was set to the total width of the printed
wall divided by the scanning velocity. Cooling between layers was set to the total number
of hatches of the printed wall multiplied by the time for cooling between hatches plus
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additional time for powder recoating. The grain texture is modelled on the BD-TD plane
(build direction, transverse direction) indicated by the green lines in the figure. Two
different process parameters are considered, case A and case B, where the power and
scan velocity changes. Case A is used for model calibration and case B is used for model
validation of the simulated grain texture.

The temperature history is computed from the finite element model by solving the
heat conduction equation,

) oT ) oT 0 oT . oT
ax("ax> - ay("ay) * az(kaz) T =pogy @

where T is the temperature, g is the internal heat generation, p is the density, and ¢ is the
time. The heat conductivity k and specific heat c;, is given as a function of the temperature
as shown in Figure 3.
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Figure 3. Conductivity [23] and specific heat [24] for alloy 625.

The initial condition is applied as,

T(x,y,2,0) =T ()
where T is the ambient temperature, and the boundary conditions for a free surface are
applied as,

oT
ke —qs +h(T—Ty) +oe(T* - Tg) =0 @)

where ?TZ is the temperature change with respect to the normal direction of the surface
and g is the external heat flux. (T — T) is heat flow from convection where & is the
heat transfer coefficient. The term ce(T* — Tj) gives the heat dissipation from radiation
where ¢ is Stefan-Boltzmann’s constant and ¢ is the emissivity. Dissipation of heat through
convection and radiation is considered during deposition and cooling between layers on
the top surfaces with the emissivity and convective heat transfer coefficient set to 0.28 and
18 W/(m?K) , respectively [25]. After cooling between layers, recoating occurs and another
powder layer is spread onto the deposited layer. During this time, the convection and
radiation is inactivated in the model. This is motivated by the fact that the conductivity of
the powder is considerably much lower than that of the solidified material [26]. A heat flux
film of 500 W /(m?-K) is applied as a boundary condition to the bottom and the sides of the
build plate to represent the heat that is conducted to the remaining parts of the build plate
and to the fixture of the build plate [8]. Latent heat was set to 150 k] /kg in the interval
1189-1336 °C for both solidification and melting [27]. The latent heat is released as a linear
function between the liquidus and solidus temperature.

112



Metals 2023, 13, 1846

Goldak’s double ellipsoid heat input model [28] is used to replace the physics of the
generation of heat and to mimic the heat input from the laser beam. This model applies a
heat flux to all integration points inside of the ellipsoidal geometry which can be described
by the following equation,

5 73(z+v(‘r—r))2
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where Q is the power input, v is the velocity of the heat source, t is the time, j is a scale
factor, T defines the position of the heat source at f = 0, and f, , defines the fraction of heat
deposited in the forward or rear region. The subscripts f and r denotes the forward and
rear part of the ellipsoid. The lengths a, b, and ¢ are half of the width, depth, and length of
the ellipsoid. The net input power Q is given by,

Q = 171Qnom 5)

where Qo is the nominal heat input and 7 is the efficiency factor accounting for losses
such as reflection and spattering. Table 1 gives a summary of the parameters used in
the finite element model. The heat source parameters were chosen based on previous
experience and it was ensured that the entire added layer was melted and that the previous
deposited layers and hatches were partially remelted.

Table 1. Parameters in the finite element model.

Property Value Unit
Power input Q4 [8] 100 Y
Scan velocity v [8] 1200 mm/s
Power input Qp [8] 160 W
Scan velocity vp [8] 1400 mm/s
Heat source efficiency factor i 0.34 -

Half width of heat source a 35 um
Depth of heat source b 20 um
Forward length of heat source c¢ 15 pum
Rear length of heat input source c, 25 pum
Initial and ambient temperature Ty 500 °C
Density p [24] 8440 kg/m3

To ensure that the correct amount of heat input is added to the model in each timestep,
the scale factor f is added to Equation (4). This scale factor has two parts that it compensates
for. The first part is related to the 5% cut-off limit that was proposed by Goldak et al. [28].
This cut-off limit is such that if the volumetric heat flux is below 5% of the peak value it is
set to zero. In Lindgren [29], an analytical integration of the heat source equation with the
given boundary conditions shows that only 89% of the power is supplied into the model.
The second part is related to the loss of heat input due to the discretization. A coarser
mesh will generally give a larger loss from the numerical integration of the heat source
equation. This loss will vary between each time step depending on the element length in
the welding direction, the velocity, and the time step length. The scale factor  is added
to Equation (4) to compensate for the heat loss. The scale factor is computed as the ratio
between the wanted heat input over the actual heat input. Since the second part of the heat
input loss varies in a non-predictive way, it must be computed in each time step. In the
current approach, it is conducted such that the scale factor from the previous time step is
used as a first guess in the first iteration of the current time step. The scale factor is then
computed and applied in the subsequent iteration. Principally, the change in the scale
factor can perturbate the solution between the first and second iterations. However, in
practice it has been seen that there is little to no increase in the total number of iterations
when solving an AM model using this approach.
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2.2. 2D Cellular Automata Model

The cellular automata model is based on the framework developed by Gandin and
Rappaz [12,17,18] and is described in this section. The temperature history is imported
from the finite element model into MATLAB and a linear interpolation to the CA cell grid
is made. A finer grid was used for the CA model because it is not as computationally
expensive as the FE model. The CA grid contains cells with the spacing [ between cells and
the spacing between cells was set to 0.5 pum compared to the 5 pm element size in the FE
model. The temporal resolution is also refined in the CA model according to,

I

atCA = 025m

(6)
where v(AT) is the growth velocity of the dendrite tip as a function of the undercooling.
This adaptive timestep algorithm ensures that the dendritic network does not grow more
than a quarter of the cell spacing in a single timestep.

Each cell in the grid has its own defined neighborhood and the cell can exist in a solid,
nucleated, growing, or liquid state. The neighborhood controls the transition between the
states and a Moore’s second-order neighborhood with 24 neighbors was used. The cell is
said to be liquid when its temperature T is higher than the liquidus temperature T} and
the nucleation of a liquid cell is controlled by its undercooling AT defined as the change in
temperature below the liquidus temperature. From the liquid phase, a cell can be nucleated
into the growing phase and the growth is computed according to a modified version of
the decentered square growth algorithm developed by Gandin and Rappaz [17]. The cell
becomes solid when the temperature is below the solidus temperature Ts.

2.2.1. Nucleation

Additive manufacturing has many similarities to welding and it is assumed that the
nucleation mechanisms are similar to those of welding. Kou [9] notes that one of the main
types of nucleation in welding is epitaxial nucleation where pre-existing grains at the fusion
boundary are partially remelted which reactivates the grain growth without altering the
crystallographic orientation. This type of nucleation is considered in the model. Non-
epitaxial growth at the fusion boundary is not considered since this is an effect when two
different materials (or different crystal structures) are joined together. This is an important
nucleation mechanism for aluminum alloys, and it was considered in the CA model by
Mohebbi and Ploshikhin [30]. In this model, both the substrate and the deposited material
are alloy 625 where epitaxial growth largely influences the grain evolution in PBF-LB [7]
and non-epitaxial nucleation at the fusion boundary is neglected. New grains can also form
from the nucleus caused by dendrite fragmentation, grain detachment, surface nucleation,
and heterogeneous nucleation [9]. Dendrite fragmentation and grain detachment occur
when convection carries detached dendrite fragments or partially detached grains into the
weld pool which forms new nuclei. Surface nucleation can occur when a stream of cooling
gas causes undercooling on the surface inducing nucleation effects. The effect of these
three types of nucleation is neglected in the model since they are assumed to be limited
in the protected environment in PBF-LB. It is also indirectly accounted for in the fourth
mechanism where new nuclei originate from heterogeneous nucleation on foreign particles
in the liquid melt pool.

Heterogeneous nucleation is accounted for in the model in a similar way as proposed
by Gandin and Rappaz [12,18]. In their work, the nucleation was treated by heterogeneous
nucleation from surfaces or through bulk nucleation in the undercooled liquid. They
added the surface nucleation phenomena to capture nucleation sites on the mold walls
where nuclei more easily can form due to impurities in the wall. This is not necessary
for AM simulations due to the lack of surfaces such as mold walls. Heterogeneous bulk
nucleation is dealt with by introducing a nucleation density parameter 7(AT) that describes
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dn(AT)

d(AT)

AT =0
T=T,

the number of nucleation sites per cubic volume. The total number of nucleation sites is
then given as,

Niax = tmaxV (7)

where V is the volume of the undercooled liquid. The rate of change for the nucleation den-
sity is given by a Gaussian distribution, hence, we can formulate the nucleation density as a
function of the undercooling with the integral of the Gaussian probability density function,

AT dn(AT) Mpax [T 1 (AT — ATug)”
n(AT)—/O Jar) AAT) exp 8

T AT,v2r)o (=2 (AT,)? JAAT) @)

where AT, is the average undercooling and AT is the standard deviation for the Gaussian
distribution, respectively.

Bulk and surface nucleation is sufficient for simulating the solidification of casted parts.
For additive manufacturing or any other welding procedure, the epitaxial grain growth
must be considered which occurs at the fusion boundary. The nucleation for epitaxial
growth is treated in a similar way as the heterogeneous nucleation by re-activating the
growth of solid cells according to a Gaussian distribution at high undercooling and at
temperatures near the solidus temperature. Figure 4 schematically illustrates the concept
of heterogeneous nucleation for bulk nucleation and epitaxial growth. The increase in
nucleation sites with respect to the undercooling is given by the blue curve, whereas the
red curves describe the total number of available nucleation sites.

AT‘fVQ n;bna.x
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=
Undercooling AT A; =T; —
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Figure 4. Heterogeneous bulk nucleation. The upper subscript b describes bulk nucleation, while the
upper subscript e describes epitaxial growth.

In the CA model, the heterogeneous nucleation is treated by first computing the
total number of nucleation sites according to Equation (7). The cross-section area is used
instead of the volume for 2D CA models for a given maximum nucleation density. With
the number of nuclei known, random cells are chosen and selected as nucleation sites.
Each selected cell is appointed a critical undercooling AT, ;,, randomly chosen from the
Gaussian distribution with the average AT, and the standard deviation AT,;. When the
critical undercooling is exceeded, the nominated cell nucleates, and the cell is assigned a
crystallographic orientation. Figure 5 illustrates the concept of heterogeneous nucleation
implemented in a cellular automata application. All cells are nominated for epitaxial
nucleation, and the reactivation of the growth occurs when the temperature is above the
solidus temperature plus the contribution from the Gaussian distribution. The average of
the distribution for the epitaxial nucleation was chosen such that the undercooling from
the average to the solidus temperature is the same as the undercooling from the average
of the heterogeneous nucleation distribution to the liquidus temperature. The standard
deviation for the distribution was kept the same for both distributions. A summary of the
nucleation parameters is given in Table 2.
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Start of End of
Scan direction solidification solidification
‘ — zone (T > T;) zone (T < Ty)
H 1

. The cell is nominated for heterogenous bulk nucleation and is assigned a critical undercooling.
. The undercooling in the current timestep does not exceed the critical undercooling, growth is not activated.
n The critical undercooling is exceeded. The cell nucleates, is assigned a crystallographic orientation, and growth is activated.

. The cell becomes solid, and the growth is inactivated.

Figure 5. Heterogeneous nucleation in the CA model.

Table 2. Nucleation parameters in the CA model.

Property Value [°C]
Average bulk nucleation temperature Avag [18] 55
Standard deviation bulk nucleation AT(I; [12] 0.1
Average epitaxial nucleation temperature AT, 1415
Standard deviation epitaxial nucleation AT 0.1
Liquidus temperature T}, [8] 1336
Solidus temperature Tg [8] 1189

2.2.2. Grain Growth

After nucleation, the cell is given a random crystallographic orientation 6 represented
by a random integer between 0 and 45 degrees. As a cell has been nucleated, it is allowed
to grow. Cells with a temperature between the liquidus and the solidus temperature in the
mushy zone are said to be growing. In the growing phase, the dendrite tips grow with the
velocity v(AT). The dendrite tip velocity can analytically be computed with the Lipton-
Glicksman-Kurz (LGK) model [31] and the Kurz-Giovanola-Trivedi (KGT) model [32]. A
simplified expression of the LGK model is commonly used for CA models [22,33,34] which
also is used in this work. This expression relates the growth velocity of the dendrite tip as a
function of the undercooling as,

- Dy AT?®
o(AT) = 5.5172(—mp (1 —k))15T ( co ) ©)

where Dy is the diffusion coefficient in liquid, m is the liquidus slope, k is the partition
coefficient, I' is the Gibbs-Thomson coefficient, and Cj is the initial concentration. A
polynomial function was fitted to this model to further simplify the calculations,

0(AT) = a1 AT + a,AT? 4 a3AT? (10)

where a1, a5, and a3 are the polynomial coefficients. The values for the growth kinetic
parameters are listed in Table 3 together with the polynomial coefficients. The growth
kinetic parameters are taken for a binary approximation of a nickel-based superalloy, and it
is assumed that most nickel-based superalloys share similar growth kinetics.
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Table 3. Growth kinetics parameters for a binary approximation of a nickel-based superalloy.

Property Value Unit
Diffusion coefficient D;, [35] 3x107°? m?2/s
Liquidus slope m [35] -10.9 K/wt%
Partition coefficient k [35] 0.48 -

Gibbs — Thomson coefficient I' [35] 107 K:m
Initial concentration C [35] 4.85 wt%
1st polynomial coefficient a; —4.6 x 1074 -

2nd polynomial coefficient a, 2.80 x 107> -

3rd polynomial coefficient a3 1.46 x 107 -

In the growing stage, each cell is represented by its growing square oriented with
the crystallographic orientation 6 where the corners of the square represent the primary
dendritic tips that grow according to Equation (10). The square envelope is visualized in
Figure 6 and half of the square’s side can be computed as follows:

L(t) = é/v(AT) dt (11)

<01>

l

Figure 6. Square envelope of the growing central cell marked by a blue square and its first eight
neighbors marked with black dots. The dashed square represents a cell with the crystallographic
orientation 6. The corners of the solid square represent the dendritic tip of a crystal misoriented by
f = 0 degrees with the preferential growth vectors <10> and <01>.

The growing central cell is said to capture its neighbors when the neighboring cells are
located on or inside the square envelope of the growing central cell. When the neighboring
cells are captured, the captured cells inherit the crystallographic orientation 6 from the
central cell, and new square envelopes are initialized at each of the captured cells with
the inherited orientation. The growth center of the newly captured squares is decentered
from their local cell position and a virtual growth center of these cells is set at the nearest
dendrite tip of the central cell, represented by the corner of the square. The cell grows
according to its local undercooling and not with the undercooling at the virtual growth
center. This is a similar growth algorithm as the decentered square algorithm proposed by
Gandin and Rappaz [17]. It is a somewhat simplified approach since the virtual growth
center is directly chosen at the nearest corner with no initial size. More importantly, this
method still maintains the dendrite growth front since during the growth of the central cell,
the four nearest neighbors are captured first, meaning that these captured cells will have
grown to some arbitrary size before the next four nearest neighbors are captured. The size
of a square is truncated to a maximum value of v/2-I to allow newly initialized squares to
grow to an arbitrary size before the growth of the central cell is stopped.
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The growth algorithm is illustrated in Figure 7, showing how the square envelopes
evolve over several growth steps. Figure 7a shows the growth of the square envelope of a
single central cell (red square), having reached a size big enough to capture its four nearest
neighbors. New squares are initialized on captured cells but decentered from the center of
the captured cells, and the initialized squares are positioned to coincide with the nearest
vertex of the cell it was captured by. The central cell and the newly initialized cells continue
to grow, reaching the stage in Figure 7b where four additional cells are captured by the
central cell. Four new squares are then initialized decentered from their origin and placed
on one of the vertices of the central square. After this stage, the complete surrounding of
the central cell has been captured and the growth of the central cell is stopped to prevent
it from capturing cells that would have been captured by other cells. In the next stage,
Figure 7c, the newly initialized envelopes have grown and consequently captured one of
its nearest neighbors which is incorporated into the grain. A summary of the transition
rules is given in Table 4.

é & . . . ° ° ° ° °
[
P ° . .‘ °
° ° ;‘} [ 2 ° ° :‘.“ 7
,:':‘. ;‘ :‘]‘.‘ i’\‘ll‘
. . - . . ° o ° ® °
.f;: / ,\ﬁ .‘"“‘1
. Ny
° ° ° ° o ° ° ° ° °
(a) (b)
Figure 7. Growth over several stages for a single grain with a 15° misorientation consisting of
(a) four cells, (b) nine cells, and (c) thirteen cells. The blue solid circles indicate the cells incorpo-
rated in the grain at each growth stage, and black hollow circles are the remaining liquid cells in
the neighborhood.
Table 4. Summary of transformation conditions between states in the CA model.
Cell State Condition Effect in CA Model
The cell does not grow and can be captured by other cells.
. . If the cell is nominated for nucleation, the cell is assigned a
Liquid Temperature T above the liquidus temperature T . critical undercooling AT,,;; that must be exceeded for a
nucleus to form.
Undercooling AT above the assigned The cell can grow and is assigned a random
Nucleated o . L .
critical undercooling AT, crystallographic orientation 6.
The growth of the cell’s square size L(t) is computed
Crowin Temperature above solidus temperature Tg according to Equations (10) and (11). The cell can capture
& and below the liquidus temperature Tr. cells without a crystallographic orientation 6, and the cell
transfers the crystallographic orientation 0 to captured cells
Solid Temperature T below the solidus temperature Ts. The cell has a crystallographic orientation 6, does not grow,

and cannot be captured by other cells.

3. Results and Discussion

In the results and discussion section, the characteristics of the simulated grain texture
are first discussed. The influence of the number of nucleation sites on the grain texture is
then studied and the simulated grain texture from case A is compared to existing EBSD
imaging in the literature to determine a suitable nucleation density. The simulated grain
texture is then compared to case B where the process conditions for PBF-LB are changed.
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3.1. Characteristics of the As-Solidified Grain Texture

Figure 8 illustrates the characteristics of the as-solidified grain texture where some
features are highlighted and discussed. The grain texture of the build plate was first
initialized by heterogeneous nucleation during uniform cooling, giving the equiaxed zone
at the bottom of the figure. The 15 layers of materials were then deposited. The melt pool
geometry during deposition is outlined in the figure. In the outlined melt pool geometry, it
is seen that the coarse grains form in the overlapping of the melt pools. This was also seen
by Andreau et al. [10] in EBSD imaging where the melt pool geometry was also computed.
They reported on the finding that columnar grains grow in the overlapping of adjacent melt
pools which is also seen in this case. Phase-field simulations coupled with a thermal-fluid
model have also confirmed this grain growth behavior in the work by Yang et al. [36] where
they saw coarse grains in the overlapping zone and elongated grains in the center of the
melt pool. It is seen in Figure 8 that the elongated grains with a high aspect ratio also
coincide with the center of the melt pools. It is seen that these elongated grains tend to
grow from the overlapping to the center of the melt pools, creating a boundary between
larger columnar grains. It is also seen that when the growth of grains is suppressed, the
grains tend to obtain a V-shaped form. This was previously seen in EBSD imaging by
Wang et al. [37] where they discussed that the V-shaped grain starts at the overlap between
two adjacent melt pools in a lower layer and ends at the overlap between two adjacent melt
pools in an upper layer.

Formation of
equiaxed grains

Outlined melt
pool geometry

Aspect
ratio [-]

20

V-shaped grain

Figure 8. Aspect-ratio of the computed grain structure using 5 x 10! nucleation density. Some
characteristics of the as-solidified grain texture are highlighted.

A zone of equiaxed grains is formed at the top-right of Figure 8. This is not credited
to the choice of process parameters. It is rather because it is the last deposited hatch, see
Figure 9¢, where the cooling conditions and melt pool geometry changes in the FE model
compared to the other hatches (hatches 2-8), see Figure 9b. For the last deposited hatch,
the cooling conditions give more favorable conditions for equiaxed grains to grow. The
first hatch also has different cooling conditions but equiaxed grains are not forming, see
Figure 9a. It is also seen that both the first and the last hatch become wider than the
intermediate hatches.
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Figure 9. Three scenarios during deposition of hatches for the third layer giving different temperature
gradients and rates on the studied BD-TD plane, (a) shows the first added hatch on the layer, (b) is the
intermediate hatches, and (c) is the last added hatch on the layer. The gray zone shows the geometry
of the melt pool.

3.2. Influence on Grain Texture by Nucleation Density

Figure 10 shows different types of simulated grain textures obtained when using
different nucleation densities #,,4x. The top three layers of an already simulated texture
were used as an initial substrate rather than having an equiaxed build plate as shown
in Figure 8. This is because the simulation should represent a volume somewhere in the
middle of the wall to be comparable with experiments from Malmelov et al. [8]. It should
be noted that the color fringe is difficult to compare between simulation and experiments
since in the 2D model there is only one Euler angle giving the rotation of the crystal while
in 3D three Euler angles give the rotation of the crystal. Instead, the general trend of the
epitaxial grain growth is discussed rather than the trends of the crystallographic orientation.
The calibration is referred to as case A where the scanning velocity was set to 1200 mm/s
and the power was set to 100 W.

In Figure 10a, most of the grains grow epitaxially through all the 15 deposited layers
when using a nucleation density of 1 x 10'. Figure 10b shows a texture with most of
the grains growing epitaxially through at least five of the deposited layers when using a
nucleation density of 3 x 10'!. The texture for the nucleation density 5 x 10'! in Figure 10c
shows how the grain texture consists mostly of grains that do not grow epitaxially through
five or more deposited layers. Even less epitaxial growth is observed for the nucleation
density 10 x 10! in Figure 10d. These results show the significance of using the right
nucleation density since the grain texture is largely influenced by this number, and thus
this value must be calibrated to experimental observations. By visual comparison to the
EBSD imaging from Malmel6v et al. [8], it is seen that 1 x 10! is too low for a nucleation
density since no grain grew epitaxially through 15 layers in the experiment. The nucleation
density 10 x 10! is too high since there were grains that grew epitaxially over more than
five layers.

When comparing the trends of the crystallographic orientation in the simulated tex-
tures, it is seen for a nucleation density of 10 x 10'! in Figure 10d that most larger grains
have an orientation of 30 degrees or more. Grains that have a high misalignment of dendrite
tip with the heat flow direction tend to become crowded out by the grains with more favor-
able orientations. These unfavorably oriented grains tend to be small and slender with a
crystallographic orientation between 0 and 10 degrees. This shows that the competitiveness
of grain growth is captured by the model. This trend is to some extent captured by the
lower nucleation densities of 3 x 10'! and 5 x 10!, however, there are some larger grains
with a high misalignment of the dendritic tip.
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Figure 10. Simulated grain texture for different nucleation densities 71,4y (a) 1 x 1011, (b) 3 x 101,
(c) 5 x 101, and (d) 10 x 101,

The aspect ratio was plotted versus the grain size in Figure 11a for three of the
simulated grain textures, neglecting the texture for nucleation density 10 x 10" which
contains too many small grains compared to the EBSD imaging from Malmel6v et al. [8].
The analysis was made using the MATLAB toolbox MTEX and only grains that contained
200 or more pixels were considered like the analysis in Malmelov et al. [8]. It is seen that
for all simulations most grains are smaller than 1500 (um)? with an aspect ratio below
10 which agrees with the measurements.
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Figure 11. Comparison between simulated grain texture for different nucleation densities with
experimental data adapted from Reference [8] where (a) shows the aspect ratio vs. grain size dot plot
and (b) shows the grains” accumulated contribution to the total analyzed area.

The grain size distribution for grains smaller than 2000 (um)? is illustrated in Figure 12.
The grain texture with the nucleation density 1 x 10!! predicts grain sizes that are too
large compared to the measured values, see Figure 12a. For the nucleation density of
5 x 10!, most of the grains are smaller than those of the experiments, see Figure 12c. The
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nucleation density 3 x 10'! also predicts too small grains although to a much lesser extent
than nucleation density 5 x 10'!. When comparing the grains’ accumulated contribution to
the total analyzed area in Figure 11b, it is seen that the nucleation density 3 x 10! agrees
well with the experiment. This is also the reason why it was assumed that an appropriate
value of the nucleation density is 3 x 10'!.
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Figure 12. Grain size distribution for different nucleation densities (a) 1 x 10, (b) 3 x 10'!, and
(c)5 x 1011 compared with the experimental data adapted from Reference [8].

3.3. Influence on Grain Texture by Changed Process Parameters

As discussed in Section 3.1, the cooling conditions change for the first and last hatch
compared to the intermediate hatches. For the second set of parameters only the interme-
diate zone with hatch numbers 2-8 is analyzed from the simulated grain textures where
the cooling conditions are similar. This is referred to as case B with the scan velocity
set to 1400 mm/s and the power set to 160 W. The upper 15 um of the simulation do-
main is ignored since this zone contains small grains that would disappear if more layers
were deposited. This gives a total analyzed area in agreement with the EBSD images in
Malmelo6v et al. [8]. Figure 13a shows the simulated grain texture for this set of parameters
with more pronounced columnar grains compared to case A. Figure 13b shows the aspect
ratio for each grain plotted versus its grain size for the simulated grain texture and experi-
mental results, respectively. The general trend of the grain texture is that it contains larger
grains compared to case A. Figure 13c shows the number of grains within an interval of
grain sizes for case B. The discrepancy between the experimental results in the literature
and the simulation can partially be explained by the local variation of the nucleation density
in different parts of the build and therefore also the grain texture will vary.
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Figure 13. Simulated grain texture (a) with nucleation density 3 x 10'! for case B, and comparison
between simulation and the adapted experimental data from Reference [8] where (b) shows the
aspect-ratio vs grain size dot plot and the grains” accumulated contribution to the total analyzed area
and (c) shows the grain size distribution.

4. Conclusions

A combined finite element and cellular automata model (CA-FE) has been developed
to predict the temperature history and grain texture of alloy 625 processed by PBF-LB. The
general solidification behavior could be captured using the developed 2D CA-FE model.
Epitaxial grain growth can be captured by the 2D CA-FE model, resulting in the columnar
grains seen in additive manufactured products. The columnar grains form as coarse grains
in the overlap between two adjacent melt pool boundaries, whereas slender elongated
grains form in the center of the melt pool. Equiaxed grain growth is also captured by the 2D
CA-FE model. The equiaxed grains form when grains nucleated through bulk nucleation
suppress the growth of the columnar growth front. The 2D CA-FE model can capture
the competitiveness of grain growth where more favorably oriented grains outcompete
less favorably oriented grains. The 2D CA-FE model can capture changes in grain texture
depending on the process parameters. A higher scan velocity and power resulted in a grain
texture with larger grains.

It is seen that the 2D CA-FE model simulates the grain texture which agrees well
with the experimental findings in the literature. One essential parameter that has a high
influence on the predicted grain texture is the nucleation density. It was shown that
comparison to EBSD images can be used to determine suitable nucleation parameters.
Although grain growth and nucleation are a 3D phenomenon, a 3D CA-FE model increases
the computational time drastically. These computational times are too long for the model
to be useful by engineers during process development. It has been shown that the 2D
CA-FE model can be used to evaluate the as-printed grain texture depending on the chosen
process parameters for PBF-LB such as scan velocity and laser power. The FE simulation
runs in about 20 h while the CA model takes about 8 h. The CA computational time could
most likely be considerably reduced by parallelization and implementation in a compiled
programming language such as Fortran.
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Abstract: Density-based phase-field (DPF) methods have emerged as a technique for simulating
grain boundary thermodynamics and kinetics. Compared to the classical phase-field, DPF gives
a more physical description of the grain boundary structure and chemistry, bridging CALPHAD
databases and atomistic simulations, with broad applications to grain boundary and segregation
engineering. Notwithstanding their notable progress, further advancements are still warranted
in DPF methods. Chief among these are the requirements to resolve its performance constraints
associated with solving fourth-order partial differential equations (PDEs) and to enable the DPF
methods for simulating moving grain boundaries. Presented in this work is a means by which the
aforementioned problems are addressed by expressing the density field of a DPF simulation in terms
of a traditional order parameter field. A generic DPF free energy functional is derived and used to
carry out a series of equilibrium and dynamic simulations of grain boundaries in order to generate
trends such as grain boundary width vs. gradient energy coefficient, grain boundary velocity vs.
applied driving force, and spherical grain radius vs. time. These trends are compared with analytical
solutions and the behavior of physical grain boundaries in order to ascertain the validity of the
coupled DPF model. All tested quantities were found to agree with established theories of grain
boundary behavior. In addition, the resulting simulations allow for DPF simulations to be carried out
by existing phase-field solvers.

Keywords: density phase field; grain boundaries; numerical methods

1. Introduction

Grain boundaries play an out-sized role in determining material properties in metals
such as strength, electrical and thermal conduction, etc. A significant amount of research
has been conducted to determine how particular grain boundary arrangements can be
achieved through different synthesis processes and conditions in order to obtain desired
properties in polycrystalline materials. A more difficult problem has been determining
how to predict and control the evolution of grain boundary networks over time. The
ability to accurately model the evolution of grain boundaries is necessary for being able
to predict how metallic material properties evolve in response to heat, stress, magnetic
fields, and other phenomena [1]. Such modelling has been facilitated by the advent of
high-performance computer systems which now alloww for in silico experiments to extend
from the quantum scale to system/macro level simulations.

Many of today’s open problems in materials science have to do with limitations to
computational modelling associated with length and timescales. The larger the system
modelled, the more underlying physics is often neglected or simplified in order to make
the problem computationally feasible. The problem of grain boundary network evolution
falls into such a category. Classical phase-field methods have emerged on the mesoscale
describing microstructure evolution [2]. Significant progress has been made in phase-
field modeling of grain boundary motion in polycrystalline materials, especially with
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the development of the multi-phase-field methods to explore grain boundary junctions,
vertexes and their dynamics in various setups [3-5]. Yet, grain boundaries exhibit an
incredible level of detail and variation in behavior at the atomic scale (low-angle grain
boundary arrangements, special character boundaries, random high-angle boundaries,
twist vs. tilt configurations, etc.). Atomistic simulations can capture such details of many
if not all of these grain boundary behaviors but are computationally too expensive for
studying the influence of such phenomena on the time scales of grain boundary network
coarsening. The classical phase-field simulations sacrifice much of the aforementioned
details of grain boundary physics in order to operate at lengths and timescales at which
grain boundary coarsening can be observed, relying on phenomenological descriptions
of grain boundaries as opposed to physical models. An overview of the application of
phase-field methods to grain growth problems is given in the following references [6-10].
A broader overview of traditional phase-field theory and capabilities can be found in the
following references [3,4,11,12].

To overcome some of these challenges, density phase-field (DPF) methods have arisen
as an attractive alternative for describing grain boundaries in a more physical manner
than traditional phase-field methods based on logistic-type order parameters (¢) [13-18].
The idea behind DPF simulations is that the free energy of a grain boundary is more
directly related to the atomic density at the grain boundary as opposed to traditional
order parameters. The reduced density and disordered atomic environments at grain
boundaries result in significant bond strains that are the ultimate source of the excess grain
boundary energy. The atomic density order parameter enables DPF simulations to be
integrated with CALPHAD databases while strongly linked with atomistic simulations
in a physically-sound manner. The resulting density-based free energy functional is able
to capture the temperature and composition dependence of grain boundary energetics,
giving an accurate description of grain boundary phase behavior that may not present in
traditional phase-field simulations [19,20]. The remainder of this introduction provides a
brief overview of the types of DPF simulations available, as well as a discussion on the
current technical challenges associated with carrying out DPF simulations.

1.1. Overview of Density Phase-Field Theory

DPF solvers work similarly to their classical counterparts in that they minimize a free
energy functional of the form given by Equation (1) by solving a model A type equation for
unconserved dynamics (Equation (2)).

F:/Upv(p,vp,...)dv 1)

J
aiz = —Mplp )

with the potential function y, = %. Typically, a normalized form of atomic density is used
such that p = 1 at equilibrium associated with the parent bulk phase. One can calculate the
real atomic density simply by multiplying the reference bulk atomic density being studied
(pgmm) by the local value of the normalized density (040mic = pgt omicP)- To avoid confusion
between p and pgtom, the reference atomic density is expressed as the inverse of the molar
volume (patom = Vo_l). The form of the volumetric free energy function F, varies between
models. In its most basic and general form, it mirrors classical phase field free energy
functionals in that it is composed of two terms: a bulk term to describe the free energy of
the system as a function of local density plus a gradient energy series to take into account
the energy associated with spatial variations of p. The general form of the volumetric free
energy functional is given below.

Fy = fpuk(p) + ZKi|viP|2 ®)
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Kamachali derived the volumetric free energies as a deviation from the bulk free energy
curve of a solid solution [13]. For a regular solution, the free energy is presented in
Equation (4)

E, =Xy (Eﬂ%p2 + (K +PVy —TSB)o+x41|Vp|? + KA,2|V2p\2)
+ Xp (Egpz + (KB + PV — TSB)p +xp1|Vp|* + k52 V2p|2)
+0?QXaXp — TASE. +xx|VXp* (4)

mix

Equation (4) resembles the standard CALPHAD formulation, upgraded with the
density-dependent terms and the gradient energy terms. Compared to the classical phase-
field models [3], a major advantage of DPF approach is that it allows for the natural
development of grain boundary free energy functional, integrated with the CALPHAD
framework. This allowed for the successful prediction of spinodal decomposition occurring
at the grain boundaries outside of the bulk miscibility gap in the iron alloys [14,19] as well
as in the platinum-gold system [15]. Jacobson et al. took a different approach by using
atomistic theory to derive a free energy functional based on interatomic potentials [21]. The
resulting class of simulations has been termed the Molecular Phase-Field method (MoPF);
the general and Morse forms of which are given by Equations (5) and (6).

n; :
Fo = 4 L Usona(p) + Tl VP 5)
i i
fﬂ E —21){(1’%‘07%—70)_ —tx(r?‘pf%—ro) I7iA2
FU_V Zze e i 2e Vi + Y x| Vipl (6)
0 i

The primary advantage of the MoPF model is that the interatomic potential parameters used
as inputs to the model naturally convey material-specific characteristics to the model. For
example, in the absence of gradients, the MoPF method correctly predicts the bulk modulus
of the material. For grain boundaries, the grain boundary free energy is a natural consequence
of the model rather than an objective value that the model must be calibrated for in order to
reproduce. However, the atomistic simulations can be computationally expensive.

There are two key differences between classical phase-field and DPF methods. In a
classical phase-field simulation, the order parameter ¢ represents crystallographic mis-
orientation, but the association between the misorientation and the order parameter is
rather arbitrary. The atomic density field on the other hand is physically linked with the
substructure of the grain boundary. This constraint is taken into account by modifying the
model A equation. Typically, the model A equation relies on a potential function y, that
follows a non-conserved variational form given below.

O0F  0dF, oF,

M= 5= a0~ Vo, )

Considering the mass conservation, the evolution of the density field shall be taken as
below, taking Ay, instead of .

dp

Frl —mpAplp ®)
Here, the potential difference indicates the relation between the change in density and
mass transfer into or out of the boundary. Assumed in the density-based model is that
the source/sink of these atoms corresponds to a reservoir consisting of a perfect crystal
at constant density (0 = 1) where the density potential y, = ;42. In such a reservoir, the
gradient contribution to the density potential is zero. If we assume that the energy change
due to a change in reservoir volume is negligible (a change in reservoir volume is necessary
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to keep the density constant), the resulting form of yg is simply the volumetric free energy
of an unstrained perfect crystal as is shown in Equation (9).

6F

In reality, density changes in a grain boundary typically occur through vacancy emission
and absorption [22]. The reservoir concept defined above is meant to provide a simpler
and more computationally efficient means of modelling grain boundary density dynamics
than attempting to model vacancy migration, generation, and elimination at the mesoscale.
Another key difference between the DPF methods and classical phase-field simula-
tions deals with what we term the center boundary condition. Grain boundaries are non-
equilibrium defects that are inherently unstable. If not for the existence of a large activation
barrier associated with grain rotation, grains would simply reorient themselves such that all
grain boundaries were eliminated. The aforementioned activation barrier is a direct result of
the crystallographic misorientation between the two grains composing the boundary. Unfor-
tunately, this activation barrier is not captured in DPF models which necessitates a “center
boundary condition”, i.e., the density at the grain boundary center must be specified and
held constant throughout the simulation. If this was not the case, grain boundaries in DPF
simulations would simply dissipate until the normalized density everywhere equaled one
(the equilibrium value). The density at the center boundary condition is the lowest density in
the entire simulation and is referred to as p,,;,- The choice of p,;;, can be based on a variety of
criteria but is most often meant to relate with the misorientation angle [13] and to match the
minimum calculated density of a grain boundary generated using molecular dynamics.

1.2. Issues with the Density Phase-Field Method
1.2.1. Theoretical Issues

The DPF model was derived assuming that only attractive interatomic forces were
needed. By doing so, this greatly simplifies the complexity of calculating y,, but at the ex-
pense of thermodynamic consistency. We illustrate this problem using the single component
free energy functional and its respective density potential difference given below.

Fy = p(pEa+Ra+PVp—TS4) + 1, Vo[ (10)
App = (20 —1)Ep —x,V?p (11)

In the absence of any gradients, Ay, (o = 1) should equal zero because p = 1 is defined
as the equilibrium condition. Due to the simple linear form of the potential energy, this
condition is not naturally met and is imposed by the condition of having p < 1 throughout
the system. While being a robust solution for studying static grain boundaries, we have
found that such enforcement schemes introduce non-physical behaviors into dynamic
simulations. This motivated our desire to improve the density-based free energy functional
such that the equilibrium condition is met in a dynamic state.

1.2.2. Computational Challenges

There is a computational challenge associated with the center boundary condition.
Although the center boundary condition is necessary for grain boundaries to exist in DPF
simulations, it makes simulating the motion of grain boundaries difficult. The question
arises as to how can the center boundary condition be moved such that the density field
evolves in a natural manner? Although distinct from DPF, the authors point to the work
by Phillippe et al. to further illustrate the numerical difficulties that arise from solving the
evolution equations of grain boundaries using non-trivial free energy functionals [23].

The gradient energy terms in the DPF free energy functional are another source of dif-
ficulty in carrying out DPF simulations. Classical phase-field models are limited to a single
first-order term in gradient energy. However, higher-order gradient terms are known to sig-
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nificantly improve the accuracy of phase-field models as well as the DPF model. Additionally,
the resulting higher-order partial differential equations (PDEs) are much stiffer and more
computationally intensive to solve than lower-order PDEs. The DPF simulations are shown
to give a smooth density profile with a minimum of first- and second-order gradient terms.
This fact is demonstrated in Figure 1, one computed with only the first-order gradient term
(plot A) and another with both first- and second-order terms (plot B). As a result, the model A
equation for DPF simulations is a fourth-order PDE that is significantly more difficult and
time-consuming to solve numerically than it is for classical phase-field simulations.
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Figure 1. Plot (A): the density field of a non-coupled DPF simulation where only the first term of
the gradient energy series is included. Plot (B): the density field of a non-coupled DPF simulation
where the first two terms of the gradient energy series are included. Notice that the inclusion of
the higher-order gradient energy term eliminates the sharp point at the grain boundary center. The
inclusion of the of the higher-order gradient energy terms also results in the larger than bulk density
regions at the grain boundary periphery.

In this study, we seek to address the issues outlined above and answer the following
questions:

e What are the thermodynamic criteria that density phase field free energy functionals
should meet?

e How can the DPF methods be made dynamic?

¢  How can the performance constraints associated with solving a fourth-order PDE be
overcome?

2. Theory
2.1. General Criteria for Density Free Energy Functionals

This section is dedicated to answering question one from the introduction. Generally,
a thermodynamically consistent density free energy functional needs to, at a minimum,
meet the following criteria:
1. F(p=1Vp=0)=F
?VP(P =1,Vp=0)=0
S(p=1Vp=0)>0
Fo(p=0,Vp=0)=0

220 =0,Vp=0)=0

The first of these criteria is the continuity condition stating that the free energy should
align with the bulk value FJ, whenever the excess density and its gradients vanish. The
second criteria ensures that the bulk state of (0 = 1, Vp = 0) is a true equilibrium state. The
third criteria ensures that the bulk equilibrium is stable. Criteria 4 and 5 are referred to as
the sparse particle conditions. They ensure that atoms that are far apart have a negligible
influence on one another. It should be noted that these criteria are useful for making the
volumetric free energy more physically accurate across its entire domain, but have limited
effect on the region of the free energy curve (p ~ 1) relevant to grain boundary simulations.

SIS

130



Metals 2023, 13, 1497

The original density-based formulation does not meet the second and third criteria because
repulsive interatomic contributions were not included. As noted above, such interactions can be
explicitly modelled using the approach taken by Jacobson et al. by constructing the volumetric
free energy functional from interatomic potentials. Here, we take a simpler approach by deriving
a polynomial from of the bulk component of the volumetric free energy that satisfies criteria
1-5. For a grain boundary at T = 0 K, the kinetic and entropic portions of the free energy
functional are zero. We further assume that the pressure volume contribution is small enough
to be neglected. Thus, the volumetric free energy can be expressed purely in terms of the molar
potential energy E (F,pux = V%E 4(p).) Recognizing that E4 (o = 1) is the cohesive energy
(E¢p), one can write

Fy puik = PEcof(P) (12)
Equation (12) meets criteria 1-3 when f(p) gives f(p =1) =1, % lo=1 = 0and 3274: lo=1 <0

as £, < 0. Infinitely many different polynomial forms can be constructed to meet such
criteria. Under the premise that simpler is better, we use the following form of f(p).

flo) = p"(ap* +bp +c) (13)

Parameters n and a are free variables that can be used to change the potential well shape
which corresponds to a change in the bulk properties of the material being modelled. The
characteristic shape of Equation (13) is shown in Figure 2 where the curves illustrated
demonstrate the influence of parameters a and 7 on the well shape. Once parameters n and
a are chosen, b and c can be determined through the following equations.

b= —(n+2a) (14)

c=14+a+n (15)

A more thorough derivation of the above two expressions is provided in the Appendix A.

—_a:-2,n:2 —_a:-2,n:2
A — a:-2,n:4 Bl7.5 — a:-2,n:4
02 a:-4,n:2 (O] — a:-4,n:2
> a:-4,n:4 E 15.0 a:-4,n:4
2 o0 g
§ § 12.5
2 -0.2 o 100
£ 2
-0.4 [
] 7.5
£ g
g 0.6 a 5.0
2 = 2.5
9 -0.8 a2 <
- 8 oo \
1.0 . ‘d
-2.5
00 02 04 06 08 10 12 00 02 04 06 08 10 12
Normalized Density Normalized Density

Figure 2. Plot (A): the bulk volumetric free energy function from Equations (12) and (13). Plot (B): the
bulk component of the density potential difference corresponding to to Equations (12) and (13). Values of
the cohesive energy and bulk modulus are —1 and 1, respectively (Ec, = —1, \7071 = 1). Parameters a and
n are varied to show their influence on the free energy curve well shape. Notice that for every curve the
density potential difference at a density of one equals zero. This is by design to ensure that the bulk state
(o = 1) is a stable equilibrium.

2.2. Linking Order Parameters with Density

Questions two and three can be solved by coupling the density phase-field method
with traditional order parameters. We reintroduce the order parameter ¢ into the simulation
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as an independent field variable and make the density dependent on ¢ according to
Equation (16)
p=1—4(1— ppin)p(1 — ) (16)

Doing so resolves the issues of the center boundary condition because the density field is
naturally at a minimum where ¢ = 0.5. Now the temporal evolution of the density variable
can be achieved by solving the model A equation with respect to ¢ and recalculating p
using Equation (16) after every time step. The evolution equation is derived below.

99 O0F
a5 ) )

SF _9F, _ 9F

) V¢

(18)

The reference component of Equation (17) (yg) can be calculated simply by appending the
derivative of p with respect to ¢ to the equivalent reference component in Equation (9).

)
1) =Fo(p=1,Vp =0)20 (19)

The first term of Equation (18) can be solved for through use of the chain rule.

doF, _ JF, dp

9% 9p I

A direct connection between the mobilities (¢ and m,) is not possible because the use of
the center boundary condition when carrying out density dynamics prevents the expression

g—f = 3—57 %—f from being valid over the entire domain. The second term of Equation (18) can

(20)

be solved for explicitly by substituting Equation (16) into the gradient free energy series.
Doing so increases the complexity of the free energy functional though without alleviating
the large performance constraints associated with solving a fourth-order PDE. Instead, we
motivate an approximation that simplifies the free energy functional in addition to making
the evolution equation second order.

The gradient energy term is meant to take into account the excess energy resulting
from non-equilibrium environments associated with the spatial transition of a field variable.
For the case of DPF simulations, the gradient energy is meant to take into account the
disordered bonding environment found at grain boundaries. Atomistic simulations indicate
that the greatest degree of disorder is found at the center of the grain boundary as opposed
to at its periphery. Thus, we can surmise that the gradient energy series should predict a
maximum free energy at the grain boundary center. This is why gradient energy terms
with orders in excess of one are required for non-coupled DPF simulations. At the grain
boundary center, the density gradient must be zero and by extension the first order term of
the gradient energy series is zero. Even when a second order term is included, there are
still non-physical artifacts in the resulting density field. One will notice in Figure 1 that
the sharp grain boundary center is eliminated by the inclusion of the second order term,
but that the density is now overestimated in the periphery of the grain boundary where
the density values exceed 1. It is possible that the addition of more higher-order terms
would eventually yield a satisfactory density profile, but determining the coefficients for
said terms would be non-trivial and the resulting PDEs would be stiff and require time
step sizes that are too small to be considered practical. As a result, we make the following
simplifying assumption.

Y k| Vo[> = xg| V| (21)
i

The motivation for this assumption is two-fold. From a computational stand point, it
reduces the evolution equation to second order and simplifies the free energy functional.
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From a theoretical stand point, we simply note that the density profiles obtained using the
approximation given by Equation (21) more closely match density profiles obtained from
atomistic simulations than density profiles obtained using the the density gradient energy
sum. Examples of density profiles obtained from atomistic simulations are shown in the
second figure of the work by Jacobson et al. [21]. The fully coupled form of the volumetric
free energy functional that will be used throughout the remainder of this work is given by

Equation (22) .
n—+
E, = pTECO(apz—kbp—i-c) + 19| V|2 (22)
0

The order parameter and density profiles resulting from a free energy expression, such as
Equation (22), are given in Figure 3.
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Figure 3. Plot (A): the equilibrium order parameter field ¢ achieved by minimizing a free energy
functional with a volumetric free energy of the form given by Equation (22). Plot (B): the equilibrium
density profile obtained by taking the curve of ¢ present in plot (A) and using Equation (16) to
determine p.

3. Methods

We seek to demonstrate the validity of coupling p and ¢ in addition to the enhanced
functionality afforded by doing so. To this end both one and two dimensional DPF models
were developed that use explicit finite differencing to solve the model A equation for the
time evolution of the density and order parameter fields. This section outlines a series of
tests that are used to validate the use of coupled DPF simulations as well as demonstrate
their ability to accurately describe grain boundary physics.

3.1. Equilibrium Grain Boundary Properties

The two main equilibrium quantities of interest in grain boundary simulations are
the boundary width and excess energy. Real grain boundaries are approximately 1 nm
wide with excess free energies on the order of 1 # at room temperature. These are average
values under normal conditions with variations possible because of material composition,
grain boundary type, temperature, stress state, etc. We evaluate the fitness of the coupled
DPF model by varying the values of p,,;;,, and x4 in order to see their influence on both
grain boundary width and excess energy. The grain boundary energy is calculated using
Equation (23).

1= [IF—pFR(p =1V 3)

The grain boundary width can be calculated from the profile of p using a simple threshold
criterion, e.g., the grain boundary region consists of the region of the density curve where
0 < pcut)- The expression used for py is provided below.

1—00.
et =1 001 <1pmm> (24)

— Pmin
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3.2. Dynamic Properties of Planar Grain Boundaries

For planar grain boundaries, the intrinsic driving force for grain growth is zero.
A number of non-intrinsic driving forces for grain growth can be imposed on planar
grain boundaries such that grain boundary motion occurs. A linear relationship exists
between the boundary velocity and the driving force per unit area (pressure) as shown in
Equation (25) where v equals the grain boundary velocity, mgp equals the grain boundary
mobility, and P equals the driving pressure for motion.

Vep = mgpP (25)

In order for a phase-field model to be considered valid, Equation (25) should hold. More
explicitly, the relationship between grain boundary velocity and driving force should be
linear. The means by which an applied driving force can be exerted on a planar grain
boundary in a phase-field simulation is shown below.
The relation between grain boundary velocity and the evolution of the field variable ¢
is given by Equation (26).
vcs = ¢Vl ! (26)

Combining Equations (25) and (26), one can express the evolution of the order parameter
field in terms of the applied driving force.

¢ = mgpP|V¢| (27)

The grain boundary mobility multiplied by the applied driving pressure we refer to as the
speed factor. Finally, Equation (27) can be added to the model A equation (Equation (17) to
provide a motion equation for the order parameter field that includes the influence of an
external driving force for grain growth.

¢ = —mgopy +mcp|VP|P (28)

3.3. The Shrinking Circular Grain Problem

The shrinking circular grain problem is a useful means of evaluating the accuracy of
phase-field methods because it can be compared with an analytical solution. We describe
the mathematics surrounding the problem here as well as the method by which the order
parameter mobility can be determined using the shrinking circular grain problem. The
velocity of a grain boundary can be expressed as a mobility times a pressure.

Vep = mggP (29)

If we consider the case of a 2D circular grain with radius r, the intrinsic driving pressure
can be expressed in terms of the grain boundary energy and the grain radius.

2
Pintrinsic = 7,)/ (30)
For a grain boundary that is moving with constant velocity parallel to the grain boundary
surface normal, the forward motion of the grain boundary can be related to the local rate of
change in the order parameter ¢ using the equations below.

Ves (31)

Vel

ZmGB'y 1
= A (32)
’ Vol ( ¢ V(P)

The mobility of the ¢ field can be obtained by rearranging this equation into the following form.
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rApg
The grain boundary mobility and excess free energy can be determined using molecular
dynamics [24-28]. At the grain boundary center (¢ = 0.5), the bulk and reference terms of
the density potential difference are zero such that Apy = —2x4V?¢. In order to solve for
V¢ and V2, we assume the order parameter field can be accurately approximated using a
logistic function.

1
P e o9
In polar coordinates, the gradient and Laplacian of ¢ are
V¢ =ékep(1—¢) (35)
%¢p 19¢
2p =¥ 4 2°F
V= a2 o (36)
If we evaluate the Laplacian of ¢ at ¢ = 0.5 we obtain the following expression.
Vi = @ (37)
Substituting back into Equation (33) we obtain the following relationship for the mobility
of ¢.
_ 2mgpY (39)
Ko

3.4. Free Enerqy Functional Parameterization

A number of parameters must be determined in order to simulate grain boundary
motion through the minimization of Equation (1) with Equation (22) used as the volumetric
free energy. All relevant parameters are listed in Table 1.

Table 1. Density phase-field simulation parameters.

Symbol Value Description Units
Eco 4.32 x 10° The cohesive energy m% -
Vo 6.6 x 107° The equilibrium molar volume ol
n 4 Free energy parameter none
a —4 Free energy parameter none
Kgp 1.5 x 10714 Gradient Energy coefficient %

mey 6.5 x 10° order parameter mobility %
Omin 0.9 minimum grain boundary density none

The cohesive energy energy and equilibrium molar volume correspond to nickel. Free
energy parameters were chosen because they satisfy satisfy thermodynamic criteria 1-5
and give rise to ideally shaped free energy curves. A “typical” value of p,,;,, was selected
for grain boundaries studied in the Olmsted database and does not correspond to a specific
grain boundary [29,30]. The value of xy was set so that in combination with the other
thermodynamic criteria the grain boundary width would equal one. The order parameter
mobility was calculated using Equation (38). We assume that the grain boundary mobility
is 100 Gp; . In the same vein as for the choice of p,,;,, a mobility of 100 is a typical
values for nickel grain boundaries as calculated in the study by Olmsted [29,30]. The
authors emphasize here that the good agreement shown between our work (see results
section) and the work performed by Olmsted is indicative that our modifications to the
DPF model are valid.
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4. Results
4.1. Equilibrium Results

The equilibrium one dimensional order parameter and density profiles associated
with the coupled DPF free energy functional are presented in Figure 3. As mentioned in the
theory section, the density profiles associated with the coupled form of the volumetric free
energy function results in more accurate density profiles in comparison with atomistics than
does the non-coupled volumetric free energy functional. In particular, the discontinuity in
the first derivative of the density curve is eliminated at the grain boundary center without
the “shoulder regions” and higher computational overhead that results from the inclusion
of higher-order gradient energy terms.

If the gradient energy series is truncated to a single term, the relationship between
grain boundary width and the gradient energy coefficient should follow a square root
relationship [13]. Figure 4 demonstrates that such a relationship is obeyed for physically
relevant grain boundary widths.

4.2. Dynamic Results

Using the coupled free energy expression, the density description of grain boundaries
can be made mobile. For the steady state case of a grain boundary moving at constant
velocity, Equation (25) has been shown to hold both experimentally and using molecular dy-
namic simulations [29,30]. Figure 5 illustrates that coupled density phase-field simulations
also obey this trend.

For transient problems, we use the classic 2D phase-field problem of a shrinking
circular grain to study the motion of coupled DPF boundaries. The analytical relation
between the grain radius and time is given by Equation (39) [5].

r=\/15 — dmpxpt (39)

In Figure 6 one can see the comparison of the analytical solution with the numerical
solution of a shrinking 4 nm grain. The numerical solution is nearly identical to the
analytical solution, expressing both the correct magnitude and trend of the radius vs. time
curve. Assumed in Equation (39) is that the radius of the spherical grain is appreciably
larger than the width of the interface, thus the slight deviation of the numerical solution
from the analytical solution for small r values is not surprising.
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4 —— square root fit
® simulation data
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1 r-squared = 1.000
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o
)
|

1 2 3 2 5

Gradient Energy Coefficient (J/m) 114
Figure 4. Plotted above is the equilibrium grain boundary width vs. the value of the gradient
energy coefficient (data points) as well as a line of best fit corresponding to a square root function

(the expected theoretical relationship). Visually the agreement between simulation and theory is
exemplary and the R? value of the curve fit is 1 when calculated to three decimal places.
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Figure 5. Plotted above are steady state grain boundary velocities achieved through the application of
a synthetic driving force vs. speed factor (the theoretically predicted grain boundary velocity). It can
be seen that there is good agreement between simulation and theory as indicated by the overlapping
of the simulation data points and the solid line that represents the linear relationship between velocity
and the product of grain boundary mobility and applied driving pressure.
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Figure 6. The shrinking circular grain problem modelled using the coupled DPF method. Note that
the radius vs. time plot exhibits the characteristic parabolic shape. The color scale corresponds to the
normalized density field.
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5. Discussion

With respect to the derivation presented in Section 2.1, the resulting free energy
functional has more utility than just meeting the thermodynamic consistency criteria.
The well shape of the free energy curves presented in Figure 2 reflects the underlying
atomic interactions that give rise to similarly shaped interatomic potential functions, where
such a well shape motivated Jacobson to base a DPF free energy functional directly off of
interatomic potentials, albeit being theoretically satisfying but computationally expensive.
This computational expense is now avoided by using the traditional phase field order
parameter constructed with the grain boundary center-line constraints. Equation (13)
can easily be manipulated through the a and n parameters to achieve a well shape very
nearly identical to those generated through interatomic potentials without the associated
computational overhead. Furthermore, Equation (13) can be extended through the inclusion
of more polynomial terms such that additional modification to the well shape can be
achieved. As a result, the correct parameterization of the free energy functional gives rise to
an accurate description of grain boundary physics in addition to some macroscale material
properties such as bulk modulus.

The primary benefits of coupling the density field with an order parameter is that
it provides a means by which to carry out dynamic field simulations in a more computa-
tionally efficient manner. An additional advantage that coupled DPF simulations have
over “regular” DPF simulations is that expressing p in terms of ¢ makes it much easier
to incorporate DPF methods into traditional phase-field solvers. This back compatibility
with existing software will not only make implementation easier, but will also allow for
methods that have been used to accelerate classical phase-field simulations to be used to
accelerate DPF simulations.

6. Conclusions

A set of thermodynamic criteria have been developed that can be used to ensure
thermodynamic equilibrium and stability of the bulk state in density-based free energy
functionals. The density field variable has been expressed in terms of traditional order
parameter type variables in order to make DPF grain boundaries mobile. Approximating
the density gradient energy sum in terms of ¢ results in a multiple order of magnitude
increase in computational performance as well as a more accurate density profile. Finally,
the dynamic DPF simulations are shown to be physical by simulating a circular grain whose
change in radius with time matches the parabolic analytical solution. The combination
of a more accurate density profile and the excellent agreement between the numerical
and analytical solutions of the circular grain shrinkage problem indicate that coupling
density fields with traditional order parameters in DPF simulations is a sound means by
which to make DPF simulations dynamic while also improving simulation performance
and accuracy.
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Appendix A. Density Polynomial Derivation

General
E (A1)

Flo=1)=E, (A2)
Criteria
1. Flo=1)=E,
2. Flp=0)=0
3. F0<p<1)<0
oF _
oF _
5 %| p=0=20
Assume E;, < 0
Assume the following form of the molar free energy

A

F=p"f(p)Ec (A3)

We can now determine a second order polynomial form of f(p) that satisfies the criteria
listed above assuming that n >= 2.

f(p) = ap* +bp +c (A4)
f'(p) = 2ap +b (A5)
f"(p) =2a (A6)

81:" n— n gl
i Eco(no" ' f(0) + 0" f (p)) (A7)

= Ecop" Hap?(n 4 2) + bo(n +1) + cn)
azﬁ n—2 2

prs = Ecop" " ?[(n +2)(n +1)ap” + (n + 1)nbp + n(n — 1)c| (A8)

e (Criterial:1=a+b+c
from criteria4: c=1+4+a+n
e  Criteria 2: guaranteed by n >=1
e (riteria 3:
o (Criteria4:n+2a+b=0
b=—(n+2a)
e  C(riteria 5: guaranteed by n >= 2
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